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Abstract 


Failure. by splitting is sometimes experienced on a 
press run of autobody sheets, especially in intermediate 
forming operations on a double action press. Laboratory 
check tests including chemical analysis, micro examina- 
tion, tensile and ductility tests indicate the metal should 
have behaved normally and made the part successfully. 

Carburizing tests have been carried out on sample 
batches which consistently gave good and bad results on 
similar pressings. These were carried out in order to 
determine the austenitic grain size and the McQuaid-Ehn 
characteristics of these samples. It has been shown that 
sheets having good pressing properties possess a small 
austenitic grain size associated with an “abnormal” micro- 
structure. On the other hand, sheets which have inferior 
pressing properties show a large austenitic grain size 
associated with a “normal” McQuaid-Ehn characteristic. 

A theory has been postulated to explain these results. 


T sometimes happens that during a press run of autobody steel 

blanks a certain batch of material will give very poor results. 
Failure of the material generally occurs by splitting immediately 
after punch has started to form the blank. This effect is especially 
"" $8e0 Appendix 1. 
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accentuated in intermediate forming operations on double action? 
press work. In some extreme cases the metal does not appear to 
have extended at all before fracture has occurred. It would there- 
fore seem that the metal has behaved as if it were a brittle material. 
This can be shown by marking 1l-inch diameter circles on the blank 
and measuring their distortion on the split pressing. Laboratory 
check tests, including chemical analysis, micro examination, tensile 
and ductility tests, fail to give any indication for the cause of these 
failures. 

Such a batch of material often involves the production of a large 
amount of scrap. In view of the fact that the chemical composition 
and the usual mechanical tests show that the material should have 
successfully made the pressing, it is understandable that the steel 
makers decline to accept responsibility for the indifferent results 
shown by their material during the pressing operation. These ex- 
periments have been carried out in an attempt to ascertain the cause 
of these failures. 


SomE Press OPERATION CONSIDERATIONS 


Most press shops possess varying types of power presses, but 
the shops engaged on the production of autobody pressings generally 
favor those of the crank type. The reason for this choice lies in 
their comparatively low initial cost in conjunction with ease and 
speed of operation. In view of this, the mode of action of a crank 
press will be discussed in some detail. 


Mope or ACTION OF A CRANK PRESS 


Jevons (1)* states that “considered from both the theoretical 
and practical aspect, a crank press is a crude and brutal instrument 
for applying severe stress to thin sheet metal.” In theory, a blank 
or partly formed shape is placed between a die and a punch, the lat- 
ter being positively attached to a crank through a connecting rod 
and slide, and a clutch is engaged. As the punch descends, the 
metal must flow to the full extent of the draw, often very rapidly, 
or else rupture will occur. There can be no “coaxing” or gentle, 
yet firm, persuasion of the metal into the drawn shape with this type 





2See Appendix 2. 
8The figures appearing in parentheses pertain to the references appended to this paper. 
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of press. All of these undesirable conditions are connected with 
the fact that the punch possesses a nonuniform velocity. 


NONUNIFORM VELOCITY OF THE PUNCH 


On a crank press the velocity of the punch is constantly vary- 
ing throughout the stroke according to the law of simple harmonic 
motion. This is shown diagrammatically in Fig. 1. | 

This means that as the draw proceeds, the metal will be forced 


XK, 


Stroke 


pened iw 
, Velocity of Punch 


Fig. 1—Graph for Simple Harmonic 
Motion Illustrating the Movement of a 
Parallel Slide Connected to a Rotating 
Crank-Pin. Note variation in the veloc- | 
ity of the punch. ' 





to move at a speed and with an acceleration, both of which will vary 
greatly throughout the stroke. This is unfortunate as present ex- 
perimental evidence points to the fact that this rapidly changing 
velocity prevents advantage being taken of the full capacity of most 
metals to suffer plastic deformation. 

In support of this statement attention is drawn to the fact that 
considerably greater draws may be accomplished without difficulty 
on presses actuated by methods which give a slow and constant mo- 
tion to the punch compared with those comparatively limited draws 
which may be accomplished on presses of the crank type. 

The speed of drawing may be considered to be yet another as- 
pect of work hardening, which involves the idea of velocity, ex- 
pressed in units of time necessary for work hardening to occur. 
The more usual conception of this property involves the idea of 
degree of work hardening and is generally expressed as an increase 
in hardness. Winlock and Leiter (2) have shown that there is a 
definite time lag during the transition from elastic to plastic strain- 
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ing. This means that work hardening takes time. These investi- 
gators cite instances of rapid loading in which failure has occurred 
in ductile steel at the first stretcher strain marking when the narrow 
band of initially deformed material has not had sufficient time to 
work harden and then become able to transmit stress to the adjacent 
softer and more ductile material. Further work of a more practical 
nature and which points to the same conclusion is that of Mathew- 
son, Trewin and Finkeldey (3). 

In addition to the inherent defect of rapidly changing punch 





V, 
Velocity of Punch 


Fig. 2—Diagram Showing Difference in 
Striking Velocity V, of the Punch with Flat 
Blank with Clearance, C,, and Striking Veloc- 
ity Vn. with Partly Formed Blank with Clear- 
ance, Le. 
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velocity a further and associated defect of the crank press is the fact 
that the punch is often moving at a high speed when it strikes the 
metal. This limits the drawing speed which can be used, because 
the initial impact tends to tear the bottom out of the shape before 
steady flow of the metal can be attained. Generally speaking, this 
is an insufficiently appreciated fault of this type of press. 

Reference to Fig. 2 shows the difference in striking velocities 
of the punch on the blank when using a short stroke and a long 
stroke press. In the top section of the diagram a flat blank is being 
formed into a cup, and in view of the small width of the blank a 
short stroke press can be used which gives a clearance C, and a 
striking velocity V,. It can be seen that this value is about half 
that of the maximum velocity reached by the punch in its stroke. 
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In the lower half of the diagram a partially formed blank is being 
given an intermediate draw. As a result of the width of this par- 
tially formed blank, a press having a larger stroke is necessary, the 
clearance in this case being C,. It will be seen in this instance that 
the striking velocity V, is very much greater than V,, and it occurs 
very near to the maximum velocity of the punch. 

It can be seen therefore that considerable space is needed to 
introduce a partially formed blank between the dies, and this inev- 
itably calls for the use of a long stroke press. Under these condi- 
tions the impact of the punch on the blank at high speeds cannot be 
avoided except by the incorporation of a mechanical refinement such 
as a slipping clutch. 


REASON FOR CARRYING Out THESE EXPERIMENTS 


It is from this last consideration that the idea of these experi- 
ments arose. It was considered that the high striking velocity of the 
punch on the blank would tend to cause rupture of the metal under 
conditions comparable with those present in an impact test involv- 
ing both tension and bending stresses. In fact it would seem rea- 
sonable to assume that many of the factors involyed in the Charpy 
and Izod impact tests, with the exception of the features involved 
with the notch, would be present at the moment the punch strikes 
the blank. 

Much work has been carried out on both tension and bending 
tests using both the standard Charpy and Izod machines. The strik- 
ing velocities of the pendulums of these machines are 17.4 and 11.5 
feet per second respectively. In the case of a press giving twenty 
strokes per minute and having a stroke of two feet, the maximum 
striking velocity of the punch is 19 feet per second, while if the 
stroke is three feet and the press is run at the same speed the max- 
imum striking velocity is 28.5 feet per second. Presses of this type 
are very common in the autobody sheet metal industry. 

It can therefore be seen that as the punch never strikes the 
blank at its maximum speed the striking velocities of standard 
Charpy and Izod machines and the punches of autobody presses are 
similar in magnitude. . 

Several workers, including Davenport and Bain (4) and 
McQuaid (5), have noted and studied the effect of austenitic grain 
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size and carburized microstructure on the impact properties of metal 
of chemical composition similar to that of autobody steel. They have 
shown that in general a steel possessing a large austenitic grain size 
with a “normal” carburized structure will give lower impact test fig- 
ures than will a steel of similar chemical composition which pos- 
sesses a small austenitic grain size in conjunction with an “abnormal”’ 
carburized structure. Consequently, several samples from varying 
batches of material which had consistently given bad and good re- 
sults respectively in the press shop were carburized and the result- 
ing austenitic grain size and microstructures determined in order to 
ascertain if such a relationship did in fact exist in autobody sheet. 


THEORETICAL CONSIDERATIONS 


In order to determine the austenitic grain size of this material 
and to produce its McQuaid-Ehn characteristics, it is necessary to 
develop a pearlitic structure within the grain of the hypereutectoid 
zone after case carburizing. This requires the use of a carburizing 
compound which will develop an excess of cementite, to permit, 
after the formation of the pearlitic structure within the grain, a 
clear indication of the disposition of the carbide itself. This carbide 
network so formed will represent the position of the austenitic grain 
boundaries, while the microstructure produced will determine if the 
steel is “normal” or “abnormal”. In a “normal” steel the structure 
within the grain boundaries is completely pearlitic, and if the grain 
is coarse the cementite exists as well defined lines of fine but con- 
tinuous formation at the grain boundaries. In a strictly “abnormal” 
steel, the pearlite, if present as such, will be coarsely and irregularly 
lamellar, and will have broken down completely in the grain bound- 
aries to form massive cementite and free ferrite. A typical “ab- 
normal” structure is shown in Fig. 6, and a “normal” one in Fig. 7. 
The magnification of both is 100 diameters and both have been 
etched in 2 per cent nital. 


EXPERIMENTAL DETAILS 


Following instructions given by Ehn (6), for the determination 
of the austenitic grain size and McQuaid-Ehn characteristics in low 
carbon steels, the samples were carburized in a steel box using a 
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Table I 
Chemical Composition of Sheets Tested 


Country of Manufacture 


Sample and —————Per Cent ——___—___,, 
Mark Method of Manufacture Pressing <7 Si Mn Ss P Ni 
1G British Front 
Normalized Fender 0.05 0.02 0.28 0.02 0.03 0.02 
1B British Front 
Normalized Fender 0.04 0.01 0.26 0.03 0.03 £0.02 
2G British Tonneau 
Normalized Side 0.04 Trace 0.31 0.02 0.04 0,03 
2B British Tonneau 
Normalized Side 0.03 0.01 0.27 0.02 0.02 0.01 
3G British Screen 
Heavy Reduction Opening 0.06 0.03 0.25 0.02 0.03 0.03 
3B British Screen 
Heavy Reduction Opening 0.04 0.02 0.29 0.03 0.04 0.01 
4G U.S. A. Front ’ 
Heavy Reduction Fender 0.03 0.01 0.23 0.02 0.02 #£=Trace 
4B U. S. A. Front 
Heavy Reduction Fender 0.03 0.01 0.25 0.01 0.02 #£=Trace 
5G U. S.A. Body 
Heavy Reduction Side 0.02 0.03 0.24 0.02 0.01 0.03 
5B U. S. A. Body 
Heavy Reduction Side 0.04 Trace 0.29 0.01 0.03 0.04 
6G U.S. A. Main 
Heavy Reduction Floor 0.03 0.02 0.26 0.03 0.03 0.06 
6B UU. & Main 
Heavy Reduction Floor 0.02 0.04 0.32 0.02 0.02 0.03 


G = Sheet possessing good deep drawing properties. 
B = Sheet possessing- poor deep drawing properties. 


The tensile properties of these samples are shown in Table II. The test piece used is 
shown in Fig. 3. 


good solid carburizing compound. After reaching the working tem- 
perature of 927 + 5 degrees Cent. the samples were maintained at 
this temperature for a further 8 hours. An electric muffle fur- 
nace was used, the temperature being regulated by a potentiometric 
controller. After carburizing, the box was removed from the furnace 
and allowed to cool freely in air, the time taken to reach room tem- 
perature being about 6 hours. The carburizing compound used was 
“Eternite.” 

This technique gave a well developed laminated structure in the 
pearlite grains surrounded by well defined envelopes of cementite.‘ 

It should be noted that the austenitic grain size is given by the 


Timken A.S.T.M. (exponential) Number Index, based on the 
formula: 


Number of grains per square inch at X 100 = 2N-1 
where N = grain size index. 


DeEtTAILs OF SAMPLES USED IN THESE EXPERIMENTS - 


These samples were taken during press runs when all or none 
*See Appendix 3. 
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of the pressings were splitting. They consist of six pairs, each 
pair consisting of one sample which gave good results and one which 
gave poor results. They represent sheets which have been manu- 
factured by both the “normalizing” and also by the “heavy reduc- 
tion” processes. It should be noted that comparisons have only been 
drawn between sheets made by the same manufacturer and process, 
as it was considered to be unfair to compare sheets made by different 
processes. The chemical analyses of these sheets are given in Table 
I. The tensile properties of these samples are shown in Table II. 
The test piece used is shown in Fig. 3. It was prepared by a blank- 
ing operation and was finally filed to size in a jig. The testing 
machine used was a 20,000-pound hydraulic Amsler, fitted with a 
pendulum dynamometer and carrying wedge grips. The results are 
shown in Table II. They represent the mean of three results taken 
from the longitudinal direction and three from the transverse direc- 





tion. 
eee 
O75" 
8* 
Fig. 3—Tensile Test Piece. 
Table Il 
Tensile Properties of Sheets Tested 
sovcnsitiaiian cain india ahaa tame —————T ransverse————_—____, 
Elong. Elong. Elong. Elong. 

Yield Max. in in Yield Max. in in i 
Stress Stress 2In. 8In. Ratio Stress Stress 2 In. 8 In. Ratio 
Sample Tons/ Tons/ Per Per YS/ Tons/ Tons/ Per Per .YS/ 
Mark Sq.In. Sq.In. Cent Cent MS. Sq.In. Sq.In. Cent Cent MS. 
1G 8.9 19.6 38.5 28.0 46 9.1 20.2 36.5 26.1 45 
1B 9.3 20.5 37.6 27.4 45 9.0 21.3 37.1 26.6 42 
2G 11.4 21.6 38.0 25.6 52 11.0 20.9 36.7 26.3 53 
2B 10.9 20.7 36.5 26.5 52 11.2 21.4 35.2 27.8 52 
3G 10.1 19.9 44.0 29.6 51 9.8 19.4 42.5 29.0 50 
3B 10.6 20.4 42.0 28.8 52 10.8 21.1 43.6 29.3 51 
4G 10.8 22.6 48.6 31.7 48 11.1 22.9 43.3 30.2 49 
4B 10.3 21.4 44.3 29.8 48 10.8 22.2 43.8 28.9 49 
5G 9.8 22.7 49.7 32.2 43 9.2 20.6 42.4 30.3 45 
5B 10.4 21.9 44,1 30.7 47 10.0 22.4 44.3 29.8 45 
6G 11.7 23.4 42.5 29.7 50 11.1 21.8 40.7 30.8 51 

6B 10.9 22.3 43.2 31.7 49 10.4 


20.6 44.9 30.4 50 


It has been found from experience that sheets possessing the 
following properties will generally press satisfactorily : 


—————————————— 





a 
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PR, isa. S05 4 ons adn é cack Sanur ee 8-14 tons per square inch 
I ss os 0 ak dina 00d Beso ae 18-24 tons per square inch 
SER & BOONOE ok oo. ic'c pe vn ss Karee eee greater than 35 per cent 
Pepe Wr ND oe ci oe tee aea be greater than 25 per cent 


Ratio of Yield Stress Per Maximum Stress...not greater than 65 per cent 


It will be noticed that all these samples fall within these limits, 
and consequently should have pressed satisfactorily. 

The microstructure in the longitudinal direction showed the 
steels to be clean and the grain size satisfactory. Figs. 4 and 5 
show typical longitudinal sections of 1B and 5B respectively. They 
are representative of the microstructure of sheets produced by the 
two different methods of manufacture under consideration. 


Table Ill 
Austenitic Grain Size and McQuaid-Ehn Characteristics of Specimens Tested 
Sample McQuaid-Ehn 
Mark Timken Number Characteristic 
1G 7 Strongly abnormal 
1B 1-2 Very slightly 
abnormal 
2G Rim 3-5 Fairly abnormal 
. Core 7 Strongly abnormal 
2B Rim 2-3 Slightly abnormal 
Core 4 Slightly abnormal 
3G 5-7 Strongly abnormal 
3B 1 Slightly abnormal 
4G 6 Strongly abnormal 
4B 1-2 wean slightly abnormal 
5G 6-7 Fairly abnormal 
5B 2-3 Very slightly 
abnormal 
6G 6—7 Slightly abnormal 
6B 2 Norm 








DISCUSSION OF RESULTS 


Micro examination showed the sheets to be carburized right 
through. The samples were mounted in a small section of channel 
iron, prepared in the usual way and etched in 2 per cent nital. 

The Timken number of the austenitic grain size was then de- 
termined by comparison with standard charts together with the 
McQuaid-Ehn carburizing characteristics. The specimens were then 
repolished and re-etched in boiling sodium picrate solution. This 
reagent stains the carbides black and in the author’s opinion renders 
the grain size more easy to determine than does the nital etch. The 
results are given in Table III. ; 

It can be seen that all the sheets which have given good pressing 
results have a high Timken number, i.e., they possess a fairly small 
grain size, while the bad sheets all have a small Timken number so 
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Fig. 4—Normalized Sheet a 1B. X 100. Etched in 2 per cent nital. 


Fig. 5—Heavy Reduction Sheet Sample 5B. X 100. Etched in 2 per cent nital. 
indicating that they show a large austenitic grain size. In addition, 
it would appear that the good sheets show a strongly “abnormal” 
McQuaid-Ehn characteristic while the sheets which possess poor 
pressing qualities tend to show a “normal” McQuaid-Ehn character- 
istic. This, however, may be connected with the austenitic grain size, 
as it has been shown by Davenport and Bain (4) that decrease in 
austenitic grain size is generally associated with an increase in the 
“abnormality” of the carburized structure. Figs. 6 and 7 show 
typical fields of 6G and 6B respectively, etched in 2 per cent nital. 
Fig. 8 shows a similar section of sample 3B, etched in sodium 
picrate. 

The case of 2G and 2B is interesting, inasmuch as the sheet 
shows a duplex structure. This type of duplex structure is common 
in English sheets. It is caused by the persistence of the original 
ingot structure throughout the processing. These sheets are made 
from rising or rimming steel. One of the characteristics of this 
steel is that ingots cast from it show a duplex structure consisting 
of a chill cast outer skin of steel with a core of more impure metal 
containing numerous blowholes. A section through a typical ingot is 
shown in Fig. 9. 

It can be seen that sheets produced from anywhere between A 
and B in Fig. 9 will probably possess such a duplex structure. Fig. 
10 (X 100) gives a typical longitudinal cross section of sample 2G 
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Fig. 6—“‘Abnormal” Steel Sample 6G. X 100. Etched in 2 per cent. nital. 
Fig. 7—‘‘Normal’”’ Steel Sample 6B. Xx 100. Etched in 2 per cent nital. 
Fig. 8—‘‘Normal” Steel Sample 3B. X 100. Etched in sodium picrate. 


showing this type of structure. This has been etched in boiling 
sodium picrate. It would seem reasonable to suppose that as the 
small grains preponderate the steel would possess good pressing prop- 
erties. In the case of sample 2B which showed poor pressing prop- 
erties a duplex structure is again visible, but the grain size is larger 
than that shown in Fig. 10. 

It is considered by Bain and Vilella (7) that the initial aus- 
tenitic grain size of a steel depends on the number of nuclei present 
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in the liquid steel from which the austenite grains can grow. These 
nuclei may consist of carbide particles or nonmetallic inclusions. 
When these nuclei are well distributed throughout the steel, a small 
austenitic grain size results. Now, as the presence of nonmetallic 
inclusions in autobody steel is extremely objectionable, the standard 
of cleanliness in this type of steel is very high. In fact, certain por- 
tions of the ingot which are considered to be freer from- nonmetal- 
lics than the rest are selected for the manufacture of autobody sheets. 
Consequently, it would appear that the carbide particles present in 
this steel would act as these nuclei. 





Fig. 9—Salient Fea- 
tures of Rimming Steel 
Ingot. 


The distribution of these carbide particles depends on the me- 
chanical and heat treatments given to the sheet during its manufac- 
ture as well as the primary distribution of the carbides in the ingot. 
It would therefore seem reasonable to assume that steel which pos- 
sesses a large austenitic grain size will have a comparatively small 
number of nuclei, but they will be of considerable size. This condi- 
tion of the sheet may therefore indicate a certain amount of segrega- 
tion in the ingot, followed by a series of mechanical and heat treat- 
ments insufficient to completely homogenize the resulting structure. 
It is conceivable that a sheet in this condition would have inferior 
properties under impact loading than would one possessing a more 
dispersed carbide phase. In addition, the crystal orientation of the 
large austenitic grains has a controlling effect on the resulting grains 
of ferrite. Although these resulting ferrite grains may be consider- 
ably smaller than the original austenite grains it is considered that 
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Fig. 10—Duplex Structure Sample 2G. X 100. Etched in sodium picrate. 


; 
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Wrinkling of Blank with no Pressure Plate. 
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No Wrinkling of Blank with Pressure Plate. 





Fig. 11—Sketches Showing the Action of a Pressure Plate 
on the Behavior of a Flat Blank During a Deep Drawing Opera- 
tion. 





en ee 


ran see ee ieee MLN rT ‘ é 





14 TRANSACTIONS OF THE A. S. M. Vol. 37 


their orientations will bear some relationship to the orientation of 
these austenite grains. It would therefore appear that, due to the 
large number of atomic planes on which “slipping” or gliding can 
take place easily in the cubic system, these groups of ferrite grains 
with their related orientations offer a minimum of resistance to 
fracture under conditions of impact loading. 

Hence, it can be seen that two autobody sheets which possess 
identical ferrite microstructures can behave very differently under 
conditions of impact loading. That sheet in which the orientations 
of the ferrite grains are closely related, due to its having a large aus- 
tenitic grain size, will possess little resistance to impact loads. On 
the other hand, that in which the orientations of the ferrite grains are 
not related due to its possessing a small austenitic grain size will 
show greater resistance to impact loads. 

Parallel instances can be cited in the cases of the “modification” 
of the 8 to 13 per cent silicon-aluminum alloys, and the production 
of “smoky” graphite in cast iron. In both these cases, if a large 
number of small nuclei, called a “slag-cloud” by Mitsche (8), are 
present in the melt, the grain size of the constituents is reduced and 
the mechanical properties of the final product under conditions of 
shock loading is improved. It can be seen, therefore, that a sheet 
possessing a large austenitic grain size would have inferior pressing 
properties under these conditions of shock loading than a sheet 
possessing a small austenitic grain size. 


CONCLUSIONS 


It is therefore considered that autobody sheets which possess 
satisfactory chemical composition and mechanical properties, yet 
which have poor deep drawing properties on certain intermediate 
forming operations, possess a large austenitic grain size. Sheets 
which give good deep drawing results under similar circumstances 
have been shown to possess a small austenitic grain size. In addi- 
tion, sheets which show poor pressing properties possess a “normal”’ 
McQuaid-Ehn characteristic, while sheets which show good pressing 
properties have an “abnormal” characteristic. 

It is postulated that the austenitic grain size depends on the 
distribution of the carbide particles in the sheets. It is considered 
that these particles are the governing factor, as the standard of free- 





i 





1946 AUTOBODY SHEET STEEL 15 


dom from nonmetallic inclusions in this type of steel is extremely 
high. It therefore appears that the austenitic grain size and conse- 
quently the pressing properties of the sheets probably depend on 
the amount of carbide segregation in the ingot in addition to the 
mechanical and heat treatments it receives during manufacture. A 
sheet which has a well dispersed, and consequently small sized car- 
bide phase, will in all probability possess a smaller austenitic grain 
size than will a sheet in which this phase is not so well dispersed 
but is consequently larger in size. 


APPENDIX 1 


Autobody Steel—The term autobody steel is applied to low car- 
bon steel sheet and strip. The width of such material is usually 
greater than 36 inches, and it is 0.036 inch (20 S.W.G.) thick, 
though occasionally thinner sections are used. The surface of this 
material is highly polished so that it can be painted to give a glossy 
appearance. It is now generally manufactured in England and 
the U.S.A. in the form of strip by a heavy cold reduction process 
followed by a low temperature annealing operation. This method 
has largely replaced the older “normalizing” process for quantity 
production. The following table gives the usual range of chemical 
composition of this material: | 


Per Cent 
GS: Sod cox cee « Cee 0.02-0.08 
EE ds ae i apace Trace-0.05 
ee ee 0.25-0.35 
Ns acne i Site hw 0.01-0.04 
Phosphorus .@.......... 0.01-0.04 
I Sig kg Weiss ae om Trace-0.10 


Autobody sheet is not covered by any standard specification 
which concerns its mechanical properties or chemical composition. 
Its usual mechanical properties, however, are shown in Table II and 
the following paragraph. In general it may be stated that it is ac- 
cepted into the press shop on the condition that “it makes the job” 
for which it is required. 


APPENDIX 2 


Double Action Press Work—During the progress of a deep 
drawing operation, as the punch forms the shape, the edges of the 
blank will rise up ana wrinkle if they are not held down by means 
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of a pressure plate. This is shown diagrammatically in Figs. lla 
and 11b. 

Action of the Pressure Plate—The practical effects of the for- 
mation of wrinkles are threefold: 


(a) They produce a drag on the pressure plate. 

(b) They offer resistance on entering the narrow space between 
the punch and inner walls of the die. 

(c) They give an objectionable appearance to the pressing. 


They are caused by the action of compressive forces which act 
on that part of the blank which has not yet passed over the radius 
of the die. It will be seen that the action of a pressure plate will 
prevent this. The purpose of this plate, and its action, are shown in 
Figs. lle and 11d. It is to forcibly prevent such wrinkling, and 
thereby to cause the compressive stresses to be dissipated in pro- 
ducing a more or less uniform increase in thickness in that part of 
the blank which has not yet passed over the radius of the die. The 
pressure exerted by the plate should be adjusted so that even small 
wrinkles are not formed, as they often grow to big ones. At the 
same time the pressure must not be great enough to prevent the 
blank from “slipping in” during the draw. 

The controlled application of pressure through the pressure plate 
to that part of the blank that has not passed over the radius of the 
die may be considered to be the general principle involved in double 
action press work. 7 

APPENDIX 3 


Timken A.S.T.M. Grain Size Number—Grains are solid bodies, 
and hence one should strictly speak of grain size in terms of volume. 
Grain size determinations are generally accomplished by viewing a 
polished plane section under the microscope and the grain bound- 
aries as viewed lay out a network on a plane surface. The number 
of grains per unit area so sectioned thus gives a measure of the 
grain size. This serves quite as well as a figure based on volume. 

Common terms for reporting grain size are: 

1. Grains per square millimeter. 

2. Average area of grains in square millimeters. 

3. Arbitrary numbers (exponential) Timken A.S.T.M. index 

based on the formula 


Number of grains per square inch at a magnification of 
100 diameters = 2N-! where N is the grain size index. 
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This latter is in practically universal use for all grain size 
studies. 

When not using the standard magnification of 100 diameters, 
e.g., for very large or small grain analysis, the following rules apply: 
xX 50—Report 2 numbers lower than matching chart. 

xX 200—Report 2 numbers higher than matching chart. 
< 400—Report 4 numbers higher than matching chart. 
xX 800—Report 6 numbers higher than matching chart. 
Table IV gives the relationship between the Timken number and 
the actual grain size. 


Table IV , 
Relationship Between Timken Number and Actual Grain Size 
Grain Size 
"Timken No. Grains Per Square Inch Grains Per Cubic Millimeter 
1 Up to 1.5 45 
2 1.5-3 128 
3 3-6 360 
4 6-12 1020 
5 12-24 2900 
6 24-48 8200 
7 48-96 23,000 
8 96—more 65,000 
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DISCUSSION 


Written Discussion: By H. W. McQuaid, manager, Process and Prod- 
uct Development Division, Republic Steel Corp., Cleveland. 

The paper by Mr. Wolfe is a timely discussion of the results in England of 
the forming of autobody steel blanks from various heats of steel which differed 
but slightly in their chemical make-up, but which differed considerably in their 
reaction to the carburizing test for grain size. 

The problem which Mr. Wolfe discusses of heats which split or act in a 
brittle manner in deep drawing is quite common in this country, especially in 
applications where requirements for deep drawing are severe. It is interesting 
to note that we have, in this country, been able to set up a physical test stand- 
| ard which can be used as a criterion for the selection of deep drawing autobody 
: sheets. It is assumed that if a deep drawn stock has the following characteris- 
tics it should process with little difficulty on practically any deep drawing appli- 


cation. 
Maximum Yield 23,000 psi. 
Minimum Elongation 40 per cent 
Maximum Rockwell B 43 


These results are obtainable on a % by 2-inch test specimen in both the 
longitudinal and transverse directions. In comparing the above specifications 
with the physical properties which Mr. Wolfe shows, we find that only four of 
his heats are within the limits for maximum yield. One of these is listed as 
having poor drawing properties and this one would not be acceptable on the 
basis of a 40 per cent minimum elongation. The question of method of manu- 
facture is important since in this country practically no sheets for these appli- 
cations are furnished from other than continuous strip mill production. 

Mr. Wolfe’s discussion of the relative impact velocities of presses for deep 
drawing and Izod and Charpy test machines is interesting. His noting of the 
increase in impact velocity with increase in stroke and the necessity for greater 
die opening is important. Useful ductility of the material being formed is 
greatly reduced as the speed of loading is increased. In fact, under certain 
conditions the most ductile of steels will act as absolutely brittle members. 

Many cases could be cited where soft, apparently ductile steel had acted as 
if extremely brittle. In the deep drawing of sheets as noted by Mr. Wolfe the 
load. application is often at greater speeds than those of the standard impact 
test machine so that what we think of as a drawing operation is in reality a 
shock test of high velocity of impact. 

It is natural that he should connect the apparently radical difference in im- 

fr pact loading with the McQuaid-Ehn test, since it has been pointed out many 
times that the aluminum-treated, fine-grained types are usually better as tested 
by the Izod or Charpy machine. 

We have known for a long time that the impact value of sheets for deep 
drawing is a good indicator of its physical properties, but because of the diffi- 
culty in making satisfactory impact tests on this type of product very little has 
been done with it. The impact results are also indirectly connected with the 
tendency to work harden and no mention is made in this paper of the time be- 
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tween final rolling and subsequent use or the change in properties from the time 
of manufacture until the time of application. 

The production of flat-rolled sheet and strip which would meet satisfactorily 
the requirements of the automotive world has passed through several distinct 
steps during the past 25 years. 

When the automobile developed into volume production, the only sheet steel 
available was a product of the hand mill which was hot-rolled in packs which 
were semi-welded together so that considerable effort was required to separate 
the sheets in their final form. It was necessary in order to facilitate the opening 
of the hot-rolled pack that the phosphorus content of the steel be high by our 
present standards, but with the advent of the charcoal dip the surface adherence 
decreased to a point where it was possible to reduce the phosphorus content with 
improved ductility and surface. 

The first real improvement in the production of deep drawing cold-rolled 
steel by the hand mill process was in the introduction of the normalizing opera- 
tion in 1925. This permitted the production of uniform grain structure and a 
marked reduction in the tendency to embrittlement due to sub-critical annealing 
after cold working in certain ranges. 

The next basic improvement was the introduction of continuous rolling 
equipment which resulted in greatly increased reductions and eliminated the 
necessity of normalizing by cold working beyond the range resulting in grain 
growth on sub-critical annealing. 

The third important step in the improvement in cold-rolled steel for extra 
deep drawing was the change from the rimmed steel practice to the so-called 
stabilized full aluminum-killed practice. In this practice the aluminum was 
added not only for complete deoxidation but in sufficient quantities so that there 
was an excess of metallic aluminum in solution in the ferrite. 

A great deal of thought has been given in this country by some of us to the 
primary requisite for steel which will satisfactorily deep draw. We believe that 
one of the first requirements is as near uniform properties in all directions as 
possible. This. means the minimum tendency to band and the proper distribu- 
tion of carbides in the ingot as cast and in the sheet as finally rolled. It is my 
belief that in any steel which has as low carbon as is usual in deep drawing 
sheets, every effort should be made to insure that any boundary carbides 
present have a strong tendency to spheroidize. In other words, every effort 
should be made to prevent intergranular envelopes of carbide around the as- 
rolled ferrite grain. The characteristics of steel below 0.10 per cent carbon de- 
pend, to a great extent, upon the method of making the steel and the subsequent 
treatment. With the usual sulphur and nitrogen content it has been found that 
the addition of aluminum in quantities of 1 pound per ton or more has a very 
marked effect on breaking up of the continuous network of the grain boundary 
so that on carburizing it naturally follows that this type of steel would be of the 
so-called abnormal type. By abnormal we mean that when a steel has added to 
it enough carbon to form a hypereutectoid composition, upon slow cooling from 
1700 degrees Fahr. (925 degrees Cent.) the excess carbide will form envelopes 
which will be precipitated from solution at a high enough temperature so that 
resistance to coalescence is greatly reduced. The slow cooling which takes 
place in the carburizing compound permits the carbide precipitation and coales- 
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cence to take place readily so that the result is a boundary consisting of excess 
ferrite and coalesced or semi-spheroidized carbide. In the “normal” type of 
steel the precipitation of the carbide takes place at a definitely lower tempera- 
ture at which coalescence is restricted by the more rigid ferrite so that the car- 
bide envelope tends to be continuous with little indication of free ferrite. 

Little work has been done on the actual relation between carbide distribution 
in low carbon steels and their ability to distribute suddenly applied loads. 

Some study has been made of this in connection with the deep drawing 
properties of sheets and there is apparently a close relation between the type 
and distribution of envelope carbides in deep drawing sheet stock and its per- 
formance. Very fine continuous carbide boundaries, even if discernible under the 
microscope only at the junction of the ferrite grains, are unfavorable toward 
meeting the best deep drawing requirements. It is the object of American steel 
making practice and processing to reduce this type of carbide to a minimum in 
special deep drawing grades. 

Certain combinations of aluminum, sulphur and perhaps nitrogen result in 
an important reduction in continuous carbide boundaries and a long enough sub- 
critical anneal is another important factor in this direction. 

It is easy to visualize how the carbide network contributes to low ductility 
under high speed loading, and to give examples of it. Why it is so variable in 
its effect is still a matter of some study. 

In my opinion, it takes little imagination to visualize how a microscopic film 
of hard, brittle carbide acts under a suddenly applied load. At 4000 foot-seconds 
velocity it is claimed that a lead bullet will pierce the best armor plate like a 
heat treated steel projectile. Thus under a tension which builds up to the break- 
ing point of the extremely brittle carbide a load may easily be transferred to 
the ferrite at such a rate that it also acts like a brittle material with an ex- 
tremely fine notch at the point of load application. 

The tendency to form brittle microscopic films of carbide in a very low 
carbon steel is greatly increased by the addition of carbide stabilizers such as 
molybdenum, chromium, vanadium, etc., to the analysis. Digges has shown 
quite conclusively, in my opinion, that a combination of iron and carbide only, 
one free from any carbide stabilizers, is in the hypereutectoid ranges very “ab- 
normal”. This is a good argument for a pure iron carbon alloy for deep draw- 
ing if such were commercial. 

In connection with the deep drawing sheet stock this showing of an abnor- 
mal grain structure after carburizing and slow cooling is an indication of the 
tendency of the carbide in the low carbon sheet to precipitate out of solution 
and break up the continuous network which is locally detrimental to ductility. 

The combination of sulphur, aluminum and perhaps nitrogen which, in the 
steel making, affects the boundary carbide solubility in the low carbon steel, is 
the primary cause of the abnormal structure shown after carburizing, but it is 
also the cause of the more ductile structure obtained after sub-critical annealing. 
In the rolling and sub-critical annealing of deep drawing sheet stock, an attempt 
is made to get a certain type of grain and incidentally a certain type of carbide 
distribution in the grain boundary. This grain is identified in the rolled sheet 
by its tendency to flatten out in the direction of rolling. This is believed due 
to the reduced interference of the. carbide in the boundary to deformation of the 
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grain as compared to those grains in which the carbide envelope is more con- 
tinuous. Also, in the annealing, the temperature is sufficient to accelerate the 
spheroidization of the better deep drawing type as compared to that of the less 
ductile type. 

As mentioned before, this characteristic type of structure is greatly facili- 
tated by the addition of aluminum and the production of what we would term an 
abnormal steel. 

In my opinion, the question of fine grain as determined or controlled by the 
carbide or oxide particle is of relatively remote interest, and I feel quite certain 
that neither the oxide particle nor the carbide particles are, in themselves, fac- 
tors in the production of the properties which insure good ductility in deep 
drawing sheets. I am quite certain that in a steel of the low carbon content 
which we are discussing, the carbide is completely in solution at the time of the 
formation of the austenite grain and its effect after precipitation on the grain 
itself must be relatively small. In any steel having a carbon content as analyzed 
of only 0.02 or 0.03 per cent we would usually expect the temperature on cooling 
to be far below the austenite-ferrite transformation range before carbide precipi- 
tation is started. As far as the oxide content of the steel being a factor, these 
heats are all made with an extremely high iron oxide slag and hence a high iron 
oxide content in the steel itself. In fact, the iron oxide content of this type of 
steel is probably as high as any other commercial grade. The addition of alu- 
minum to a steel of this type will undoubtedly produce the maximum of alumi- 
num oxide particles which should affect the grain size to a maximum. We find, 
however, that while in a steel of this type not much more than 1 pound of alumi- 
num per ton is sufficient to practically complete deoxidation, at least 2 pounds 
per ton are necessary to obtain the maximum results in deep drawing and ,in 
some cases as much as 5 pounds of aluminum or more are required. A large 
percentage of this is probably lost in the extremely high iron oxide slag on heats 
of this type, but it is quite definitely necessary to provide excess aluminum over 
and above that required for complete deoxidation and hence. maximum amount of 
contained aluminum oxide, if the greatest improvement of deep drawing prop- 
erties is to be obtained. 

Experience has indicated that residual acid soluble aluminum to the extent 
of 0.04 to 0.05 per cent seems to give the best results in processing. The addi- 
tion of this much aluminum to the molten steel requires special O. H. practice 
to insure uniform diffusion and distribution which, of course, is extremely im- 
portant. The addition of aluminum to the molten steel requires the use of hot 
topped big-end-up ingots or a consequent loss in yield so that in addition to re- 
quiring special open-hearth practice the comparative yield of the extra deep 
drawing sheet may be low. 

It is interesting to note that to develop the best deep drawing characteristics 
in this steel, it is also necessary to limit treatment after hot rolling to annealing 
temperatures very close to but under the critical range and the hot rolling fin- 
ishing temperatures must be very carefully controlled so that the proper type 
of as-rolled grain structure can be obtained. This type of as-rolled grain struc- 
ture, known in the mill as the “pancake” type, is identified by a relatively large 
grain considerably elongated in the direction of rolling with parallel sides and 
rounded ends. 
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In my opinion, the paper by Mr. Wolfe is very timely and of the greatest 
interest to all users of cold-rolled steel for deep drawing application. 

Written Discussion: By E. P. Beachum, chief inspector, Sheet and Tin 
Division, Bethlehem Steel Co., Sparrows Point, Md. 

I have read this timely paper by K. J. B. Wolfe and am of the opinion that 
there are several points in this interesting paper which are worthy of 
further discussion. 

1. In view of the findings of such investigators as N. P. Goss and S. L. 
Hoyt, what evidence do we have that the orientation of the austenitic grain is 
preserved after heavy cold reduction (40 to 90 per cent) or that it is restored 
by the usual sub-critical annealing? 

2. The variation in austenitic grain size seems rather unusual for steels all 
made by the same manufacturer and by the same process. Details concerning 
the steel making are not supplied, but the amount of silicon present might indi- 
cate a semi-killed steel. It is unfortunate that aluminum was not included in the 
analysis since the results of these tests could be just as well ascribed to non- 
aging qualities induced by aluminum deoxidation of the fine-grained steels as 
by the theory advanced by the authors. In any event the conclusion that carbon 
to the extent of 0.02 per cent could be responsible for the formation of a fine 
grain does not seem reasonable, no matter how well dispersed or distributed. 

3. The actual grain size and condition of the carbides is not reported for 
the sheets as used on the presses except in two instances. It has been the ex- 
perience of many sheet metallurgists that these two factors are of an impor- 
tance at least equal to that of any other characteristic of the steel. The omission 
of these data leaves a rather serious void in the evidence presented in support of 
the author’s conclusions. 

Written Discussion: By Francis W. Boulger, assistant supervisor in met- 
allurgy, Battelle Memorial Institute, Columbus, Ohio. 

The author found a relationship between the carburizing characteristics of 
twelve autobody sheets and their drawing performance. It would appear that, 
from these observations, the author has postulated three theories as follows: 


1. The difference in McQuaid-Ehn characteristics was responsible for, or 
directly related to, the variations in drawing quality. 


2. The drawing failures are attributable to the differences in sensitivity to 
rapid loading in press operations in accordance with the general relation- 
ship between austenite grain size and notched-bar impact values. 


3. The carburizing characteristics of the steels depended upon the distribu- 
tion of carbide particles in the autobody sheets. 


The writer believes that some pertinent data are missing from the paper, 
and that none of the postulates are justified by the evidence presented. 

It is unfortunate that the references selected by the author in discussing 
austenite grain size are relatively old. The early work on austenite grain 
characteristics was done with carburizing steels, and the McQuaid-Ehn test was 
eminently suitable for the purpose. Because of its simplicity, the carburizing 
method of establishing austenite grain size was sometimes applied to materials 
when it bore no relationship to their normal processing. In such cases, any re- 
lationship between properties and, McQuaid-Ehn grain size is probably fortui- 
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tous. The actual austenitic grain size of a steel established in the final heating 
above the critical is the one that most metallurgists consider significant. Con- 
siderable evidence to support this view has been presented since the work listed 
in the author’s references. A brief discussion of more modern opinions on the 
significance of austenitic grain size in steel can be found in an article’ by Bain 
and Vilella written in 1939. 

The similarity assumed between Charpy or Izod tests and deep drawing 
does not seem as “reasonable” to the writer as it did to the author. The pres- 
ence of a notch in Charpy specimens should not be ignored, because many in- 
vestigators believe that the notch is the most important feature of Charpy or 
Izod testing. If an analogy had to be made, it might have been more “reason- 
able” to compare impact tensile tests with deep drawing and ignore bending 
rather than the notch. This would lead to a cul-de-sac, because many steels 
give identical values in standard and impact tensile tests, and tensile data are 
known to bear only a very general relation to drawing performance. Inciden- 
tally, it might be noted that tensile impact tests usually fail to distinguish be- 
tween materials which have different notched-bar properties. 

Since the author does not give the drawing speeds used in making the press- 
ings, the question of whether or not the failures were caused by rapid loading 
must remain open. Did the failures occur in a single-stage drawing operation 
or in a later draw under conditions illustrated by the lower sketch in Fig. 2? 
The fact that Winlock and Leiter* noted that. slow speeds are advisable to pre- 
vent stretcher straining is not pertinent unless the fractures described in the 
paper originated as stretcher strains. Did the splitting fractures start in this 
way? 

Siebel’ and Schmidt* concur in the opinion that the speed of deformation 
has little effect on the amount of breakage in deep drawing. Sachs’ says that 
“the speed of drawing for steel is limited to about 50 feet per minute but prob- 
ably because of the increased tendency to form stretcher strains with high-draw- 
ing speeds”, Although the speed mentioned is fast, the implication seems to be 
that surface finish rather than rupture is the factor limiting the speed of draw- 
ing. 

The writer has made cup drawing tests on a number of rimmed steels (pre- 
sumably coarse-grained in McQuaid-Ehn tests) at speeds ranging from 3 inches 
per minute to about 9 feet per minute. Any particular steel showed the same 
amount of breakage at the lowest and at the fastest speed for similar blank sizes. 
Splitting-type failures were encountered at both high and low speeds when blank 
sizes were too large or if the microstructure of the steel was unsuitable. 

The chemical analyses reported fail to distinguish between the good and bad 
steels, but it is regrettable that analyses were not made for aluminum and tita- 
nium. Steels properly treated with these strong deoxidizers are usually fine- 
grained and often exhibit better drawing properties. The presence of aluminum 
in some of the steels would explain the differences in McQuaid-Ehn grain size. 


SE. C. Bain and J. R. Vilella, “‘Austenitic Grain Size in Steel,’ Metrats Hanpsoox, 
Amercan Society - fetals, 1939, p. 754. 


inlock and R. W. E. Leiter, TrRANsactTions, American Society for Metals, Vol. 
25, 1937, p. 163-205. 


Siebel, Steel, Vol. 94, 1934, No. 12-15. 
eM. Schmidt, Archiv fiir das Eisenhiittenwesen, Vol. 3, 1929-30, p. 213-222. 


°G. Sachs and K. Van Horn, Practica METALLURGY, ‘American Society for 
Metals, 1940, p. 423. 
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The author’s opinion that austenitic grain size must depend either on car- 
bides or on microscopically visible inclusions is not generally accepted at pres- 
ent. In this regard, did the author notice any difference in the size or dispersion 
of the carbides in the good and bad sheets made by the same practice? 

The micrographs in Figs. 4 and 5 suggest that both materials would be ex- 
pected to have comparatively poor deep drawing properties. Both steels had a 
medium coarse, equiaxed ferritic grain size. A fine-grained, elongated micro- 
structure usually gives better performance in drawing operations. The actual 
microstructure of a sheet steel can often be correlated with its drawing per- 
formance. The microstructure depends upon the composition of the steel, in- 


cluding its deoxidation practice, and the hot rolling, cold rolling, and annealing 
treatments used in its manufacture. 


Author’s Reply 


The author appreciates the interest which has been shown in this paper. 
The points raised by H. W. McQuaid were of particular interest, especially 
those relating to the limiting mechanical properties which he considers deep 
drawing stock must possess for satisfactory processing. It must be pointed out, 
however, that a strict comparison between these figures and those given by the 
author cannot be made as two types of test pieces were involved. That used 
by the author had an 8-inch gage length as against a 2-inch length quoted by 
Mr. McQuaid. There is no doubt, however, that these limiting values are very 
useful for assessing the properties of normal deep drawing stock, but the fore- 
casting of performance tends to be hazardous in the case of jobs requiring inter- 
mediate forming operations in double-action press work. It was because of 
the failures of deep drawing stock in this type of operation that this work was 
carried out, and all the twelve cases of failure cited occurred under these 
conditions. 

Mr. McQuaid’s history of deep drawing stock production during the last 
25 years is of great interest, especially that part of it dealing with carbide 
distribution. The author agrees that the presence of microscopic films of car- 
bide may act in a similar manner to the notch in an Izod or Charpy test piece 
and so cause the normally ductile ferrite to act like a brittle material. The 
fact that it has been shown that an “abnormal” type of steel is an indication 
that the carbides will tend to spheroidize rather than form microscopic films, 
in contradistinction to the behavior of the “normal” type of stéel, is considered 
to be of the greatest importance. 

With regard to the question of the nature of the controlling factor of the 
austenitic grain size of the steel it has been noted that the carbon content theory 
has been queried by each contributor. No other has, however, been advanced 
in its place. It is well known that the initial austenitic grain size depends, on 
the number of nuclei present in the steel. These nuclei can take the form of 
nonmetallic inclusions, carbide particles, etc. In view of the fact that deep 
drawing stock is invariably very free from nonmetallic inclusions it is consid- 
ered that the carbon content and distribution, even when of the order of 0.02 
per cent, is the controlling factor of this grain size. This is due to the fact 
that carbon forms an interstitial rather than a substitutional type of solid solu- 
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tion with both allotropic modifications of iron. A single carbon atom may act 
as a nucleus due to the comparatively large atomic displacement it causes in 
the iron lattice. Again, if the carbon is considered -to be present in the com- 
bined form, either as a cementite, FesC, molecule, or as an atomic pattern, 
this will cause an even larger degree of distortion in the lattice and so act as 
an even more powerful nucleus for the austenite crystal. 

In reply to Mr. Beachum, while agreeing that heavy cold reduction tends 
to destroy the orientation of the austenite grains, it is reasonable to suppose 
that a large austenite grain will not lose its orientation to the same extent as 
will a series of small ones whose lattice orientations bear no relationship to 
each other. 

The steels used in this investigation were not made by the same manufac- 
turers, in fact five sources of supply were involved, two being British and three 
American. The British steel was made by the usual rimming process and alu- 
minum was used to control the behavior of the steel in the mold, only where 
necessary. It is unfortunate that no details were available of the American 
steelmaking practices. No determination of aluminum was carried out. The 
ferrite grain size of the sheets was in all cases similar to that shown in Figs. 
4 and 5. The carbides were mostly well spheroidized, with satisfactory disper- 
sion, and no undue amount of segregation was noted. In all cases a certain 
amount of intergranular carbide was also present in the microstructure. 

In reply to Mr. Boulger’s criticism, it must be pointed out that, at the 
moment of writing, the only significant difference between varying casts of 
deep drawing stock which gave good and bad results in intermediate forming 
operations was in their McQuaid-Ehn characteristics. It is difficult to recon- 
cile the fact that twelve casts of steel have shown this same difference with 
Mr. Boulger’s statement that “any relationship between properties and McQuaid- 
Ehn grain size is probably fortuitous.” While realizing that austenitic grain 
size depends on the austenitizing temperature, it would be difficult to know in 
these cases which temperature to select for comparison purposes. In any case, 
the fact that the general relationship between properties and McQuaid-Ehn 
grain size is well established for case hardening steels naturally led the author 
to use this test in a search for some significant difference in otherwise similar 
properties. It must also be stated that the author did not compare the draw- 
ing operation with the notched impact tests as such—but pointed out that they 
were similar in many respects “except for the features involved with the notch.” 
In his discussion, Mr. McQuaid has, however, carried this analogy a stage 
further. He has shown that “under a tension which builds up to the breaking 


Table A 
Drawing Speed for Failure 
Sample Mark Pressing in Feet Per Second 
1B Front Fender 16.4 
2B Tonneau Side . 11.7 
3B Screen Opening 12.5 
4B Front Fender 16.4 
5B Body Side 12.9 
6B Main Floor 14.7 
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point of the extremely brittle carbide a load may easily be transferred to the 
ferrite at suclf a rate that it also acts like a brittle material with an extremely 
fine notch at the point of load application.” ‘This shows that some of the 
features associated with the notch in the Izod and Charpy tests are probably 
present in intermediate forming operations. It would, therefore, appear that 
this analogy is both reasonable and justified. 

The drawing speeds at which the failures occurred are given in Table A. 

All the failures occurred in intermediate forming operations_and in no 
case was failure associated with stretcher straining, in fact it was stated that 
“in extreme cases the metal does not seem to have extended before fracture 
had occurred.” 

The author hopes that these remarks will clear up the several points raised 
in the discussion. 








THE APPLICATION OF Ms POINTS TO CASE DEPTH 
MEASUREMENT 


By E. S. RowLanp anp S. ‘R. Lyte 


Abstract 


A method 1s described for the measurement of case 
depth based upon the change in martensite point tempera- 
ture with variation in carbon content. This method is 
applied to the following nine commercial carburizing 
steels: S.A.E. 1020, 4028, 8720, 4620, 4320, 4820, 3312, 
R.B.E.C. 4720 and Krupp. Additional data are given on 
the martensite points of two series of steels of various 
carbon contents, the analyses being based upon S.A.E. 
4620 and 52100, respectively. The necessary test condi- 
tions are given for the determination of carbon depletion 
in S.A.E. 52100 by this method. Comparisons are made 
between the experimental Ms points derived from this 
investigation and those arrived at through calculations by 
means of the published formulae. 


RENINGER and Troiano (1)7 first demonstrated by a simple 
technique that the temperature of the beginning of martensite 
formation on cooling is a function only of the;carbon and alloy in 
solution in a given steel and is not appreciably affected by time at 
subcritical temperatures, grain size or nucleating conditions. Since 
that time, the literature has been liberally studded with investigations 
confirming this view and amassing a considerable body of quantita- 
tive information on martensite points of alloys and commercial steels. 
Payson and Savage (2) gathered sufficient data of their own as well 
as from other investigations to show that the effect of all common 
alloys (carbon included) on the martensite point was essentially 
linear and constructed a formula for approximating Ms points from 
chemical composition. Carapella (3), using the same data, derived 
a somewhat different formula based upon multiplying factors. In 
this same paper, Payson and Savage (2) were the first to put these 


+The figures appearing in parentheses pertain to the references appended to this paper. 


The data contained in this paper formed the basis for a thesis submitted in partial 
fulfillment for the degree of Metallurgical Engineer at the Case School of Applied Science. 





A paper presented before the Twenty-seventh Annual. Convention of the 
Society held in Cleveland, February 4 to 8, 1946. The authors, E. S. Rowland 
and S. R. Lyle, are associated with the Metallurgical Department, The Timken 
Roller Bearing Company, Canton, Ohio.. Manuscript received June 11, 1945. 
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quantitative data on Ms points to some practical use. By taking ad- 
vantage of the variation in Ms point with carbon content they were 
able to measure decarburization on high speed steel. 

Recently the present authors (4) published preliminary results 
of an independent development of this same method as applied to 
case depth measurement. The_method rests on the principle that if 
a properly austenitized small specimen from a carburized part is 
quenched into a bath maintained at the martensite point of the steel 
corresponding to the carbon content at which case depth measure- 
ment is desired, held at this temperature for a short time and water 
quenched, the line of demarcation between the tempered martensite 
formed_in the bath atthe lower-carbon levels and the freshly formed 
martensite at the higher carbon levels produced by water quenching 
is sufficiently sharp to permit of quite precise case depth measure- 
ment on etched microsections. Conditions were described for meas- 
urement at 0.40, 0.50, 0.60 and 0.70 per cent carbon levels on S.A.E. 
4620 and R.B.E.C. 4720 steels and correlated with analytical carbon 
determinations made from 0.005-inch cuts on carbon test rings. 

Continued use of the method on these steels in connection with 
our own production carburizing operations indicated that the quench- 
ing bath temperatures initially chosen were slightly low, particularly 
at the 0.70 per cent carbon level where an artificially low value was 
employed. The case depth measured by this means is quite insensi- 
tive to small quenching bath temperature changes and the final. selec- 
tion of temperatures which will produce an equal plus and minus dis- 
tribution of error about known carbon gradation curves is a statistical 
problem. A higher percentage of low case depth readings than high 
ones on these two steels indicated the need for a closer examination 
of the carbon content-Ms curve previously published (4). 

The results contained in this paper comprise a re-examination of 
the above curve, together with data extending the use of the method 
to many of the commercial carburizing steels as well as the basic in- 
formation necessary for the measurement of carbon depletion in 
S.A.E. 52100 steel. 


EXPERIMENTAL RESULTS 


The martensite points of a series of induction heats based on 
S.A.E. 4620 and S.A.E. 52100 but of various carbon contents, pre- 
viously used for a hardenability investigation (5), were determined 
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by the Greninger and Troiano technique. The analyses of these 


heats are given in Table I. 


Table I 
Chemical Analyses of Induction Heats Used for Ms Point Determinations 


a) 
8. 
o 
a 
= 
3 
a 
n 
% 
OQ 
“ 
Z 
= 
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B 0.40 DAZ 0.010 0.023 0.24 0.23 1.76 0.23 
Cc 0.60 0.50 0.010 0.024 0.28 0.23 1.74 0.23 
D 0.79 0.50 0.010 0.023 0.27 0.22 1.76 0.23 
E 1.03 0.49 0.010 0.023 0.24 0.23 1.75 0,24 
5 0.35 0.31 0.011 0.022 0.24 1.46 0.28 i 
2 0:56 0.32 0.011 0.023 0.21 1.48 0.28 Ni 
6 0.78 0.33 0.010 0.020 0.30 1.42 0.27 Nil 
10 1.00 0.34 0.011 0.022 0.30 1.44 0.35 Nil 


Small (0.030-inch thick) specimens were austenitized in an ex- 
ternally electrically heated neutral salt bath which was controlled 
from a thermocouple in the bath and equipped with mechanical agi- 
tation. For austenitizing temperatures above 1650 degrees Fahr. 
(900 degrees Cent.), the specimens were first copper and then chro- 
mium plated and immersed in a pot of spent carburizing compound. 
in a Globar furnace: The quenching bath used was a small Ajax 
quenching furnace holding 400 pounds of salt and equipped with a 
propeller agitator. Temperatures below 325 degrees Fahr. (165 de- 
grees Cent.) were accommodated with a small oil/bath. An addition- 
al small, 6-inch diameter, salt bath was used for tempering prior to 
water quenching. All equipment was temperature controlled. The 
longitudinal specimens were subsequently polished, etched in 2 per 
cent nital, and examined microscopically. 

Using this equipment, the 4600 series steels were redetermined 
using 10 degree Fahr. increments of quenching bath temperature 
while 20 degree Fahr. increments were used for the lower carbon 
steels of the S.A.E. 5200 series and 10 to 15 degree Fahr. incre- 
ments at higher carbon contents. The data are contained in Table 
II and plotted in Fig. 1. The times of holding at the quenching bath 
temperatures and the tempering temperatures were checked by de- 
termining the times for initiation of isothermal decomposition at both 
temperatures, using the austenitizing conditions of Table II. In all 
cases the time intervals used were well within the limiting conditions 
of no austenite decomposition. 

Inspection of the curve for the S.A.E. 4600 series of Fig. 1 
indicates that it.is within 10 degrees Fahr. of that previously pub- 
lished within the limits of complete carbon solution in the latter case. 
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Since commercial heats of S.A.E. 4620 generally contain higher man- 
ganese and chromium contents than are present in the induction 
heats, slightly lower quenching bath temperatures were chosen for 
the determination of case depth than strict adherence to this curve 
would indicate, but at least 10 degrees Fahr. higher than those origi- 
nally employed (4). 
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Fig. 1—Effect of Carbon Content on the Tem- 
perature of the Ms Point for the 4600 and 5200 
Series Steels. 


Table Il 
Data on Ms Point Determinations 


Austenitizing Cond. Quenching Bath ‘Tempering Cond. Per Cent 


Carbon Temp. Time emp. Time | Temp. Time Marten- 
Code Per Cent °F. Min. aa Sec. °F. Sec. site 
B 0.40 1525 415 600 10 700 5 None 
590 10 700 5 Trace 
580 10 700 5 3-5 
Cc 0.60 1525 15 500 10 700 5 None 
490 10 700 5 None 
480 10 700 5 None 
470 10 700 5 Trace 
; 460 10 700 5 3-5 
D 0.79 1525 15 370 15 700 5 None 
360 15 700 5 Trace 
350 15 700 5 1-2 
340 15 700 5 5 
E 1.03 1650 15 205 15 700 5 None 
200 15 700 5 Trace 
195 15 700 5 1-2 
5 0.35 1550 15 700 3 800 2 None 
680 3 800 2 None 
660 3 800 2 5 
2 0.56 1550 15 555 10 700 5 None 
540 10 700 5 1-2 
520 10 700 5 5-8 
6 0.78 1950 15 415 10 700 10 None 
400 10 700 16 1-2 
380 10 700 10 3-5 
10 1.00 1950 15 270 10 700 10 None 
260 10 700 10 1-2 
250 10 700 10 5 
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The results of a redetermination of case depth on a commercial 
heat of S.A.E. 4620, using quenching bath temperatures of 580, 515, 
460 and 400 degrees. Fahr. (305, 270, 240 and 205 degrees Cent.) 
which correspond to the 0.40, 0.50, 0.60 and 0.70 per cent carbon 
levels, are shown in Fig. 2. The analysis of the heat used is given 


SALE.4620 
e « Carbon Detns. 
a « Cas Depths 





Depth, Inches 


Fig. 2—Agreement Between Case Depth Measurement 
and Carbon Gradation Curves for S.A.E. 4620 Steel. 


in Table III. The technique employed consists of cutting small 
specimens from the bore of carbon test rings on the OD of which 
0.005-inch cuts had been taken and analyzed for carbon. The car- 
bon test ring, the description and use of which has been previously 
described (6), is a tubular section 2% inch OD, 1% inch ID and 1% 
inch long. , These small specimens were austenitized 15 minutes at 
1525 degrees Fahr. (830 degrees Cent.) in a salt bath, quenched 
into a second bath maintained at the appropriate temperatures, held 
for 30 seconds and water-quenched. The specimens were then 
ground, polished, lightly etched in 2 per cent nital and the distance 
to the line of demarcation between the tempered and untempered 
martensite measured with a Brinell glass at 10 diameters. 


Table III 
Analyses of Commercial Steels Used for Case Depth Measurement 
Type c Mn Si Cr Ni Mo 
1020 0.19 0.79 0.28 0.07 0.14 0.02 
4028 0.28 0.81 0.21 0.02 0.08 0.24 
8720 0.19 0.82 0.29 0.46 0.63 0.28 
4720 0.19 0.57 0.31 0.39 1.27 0.21 
4620 0.17 0.57 0.29 0.17 1.75 0.24 
4320 0.20 0.51 0.33 0.54 1.65 0. 
4820 0.20 0.65 0.29 0.17 3.38 0.27 
3312 0.11 0.45 0,29 1.40 3.50 0. 
Krupp 0.11 0.45 0.31 1.50 3.99 0.02 
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The results of Fig. 2 show excellent agreement with the ana- 
lytical carbon gradation curves while continued production testing 
has indicated that the temperatures are a better choice than those pre- 
viously recommended. 

In applying this method to the other commercial carburizing 
steels of Table III, fundamental data regarding the Ms points at 
various carbon levels and the allowable time intervals before the 
initiation of bainite formation were lacking. In each case, Ms points 
were calculated for 0.40, 0.50, 0.60 and 0.70 per cent carbon con- 
tents and case depth determinations made at each calculated tempera- 
ture on cases of known carbon gradation. The quenching bath tem- 
peratures were then adjusted in 10 degree Fahr. increments until 
exact agreement was obtained with the carbon-depth curves within 
the limits of experimental error. Results of determinations at four 
carbon levels on two cases of different depths for each steel are shown 
in Figs. 3 through 10. The triangular code marks represent the case 
depth measurements and each is the average of the readings of at 
least two independent observers. The conditions of temperature 
and time under which the determinations were made are given in 
Table IV, and the actual deviations of the Brinell glass measurements 
from a smooth curve through the analytical carbon determination 
values in Table V. 

Several safeguards were applied to be certain that the results 
would not be misleading. Representative specimens were critically 
examined after etching in electrolytic sodium picrate to make sure 
that carbide solution was complete at carbon contents well above the 
level of measurement. The cooling power of the salt quenching bath 
is so poor at the higher temperatures that extreme care must be taken 
in the low alloy steels to avoid quenching pearlite formation which 
will interfere with the accuracy of measurement. It was found that 
a maximum thickness of specimen of ;/g inch was required to avoid 
pearlite formation in the S.A.E. 1020 and 4028 steels. Such a con- 
dition of. interference is shown in Fig. 11, representing the 0.50 per 
cent carbon level of the S.A.E. 1020 steel. In the higher alloy steels, 
the hardenability is sufficiently great that any size of specimen con- 
venient for polishing may be used. S.A.E. 8720 is the single ex- 
ception as specimens larger than % inch in thickness may cause 
trouble. Specimens from all steels were examined for the presence 
of quenching pearlite. 
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Fig. 3—Agreement Between Case Depth Measurement 
and Carbon Gradation Curves for S.A.E. 1020 Steel. 
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Fig. 4—Agreement Between Case Depth Measurement 
i and Carbon Gradation Curves for S.A.E. 4028 Steel. 
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Fig. 5—Agreement Between Case Depth Measurement 
and Carbon Gradation Coen for S.A.E. 8720 Steel. 
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Fig. 6—Agreement Between Case Depth Measurement 
and Carbon Gradation Curves for R.B.E.C. 4720 Steel. 
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Fig. 7—Agreement Between Case Depth Measurement 
and Carbon Gradation Curves for S.A.E. 4320 Steel. 
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Fig. 8—Agreement Between Case Depth Measurement 
and Carbon Gradation Curves for S.A.E. 4820 Steel. 
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Fig: 9—Agreement Between Case Depth Measurement 
and Carbon Gradation Curves for S.A.E. 3312 Steel. 
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Fig. 10—Agreement Between Case Depth Measurement 
and Carbon Gradation Curves for Krupp Steel. 


Table V 
Results of Case Depth Measurement on Commercial Steels 


Case Depth 


/ at 0.50 Per Cent Deviation from Analytical ote Curve, Thousandths 


Carbon 0.40 Per Cent 0.50 Per Cent 0.60 Per Cent 0.70 Per Cent 
(Analytical) Carbon Level Carbon Level Carbon Level Carbon Level 


0.036 1 0 “of icf 
0.053 0 er mal 0 
0.038 0 0 0 ~J 
0.051 +2 +1 +1 0 
0.040 ag 0 0 +1 
0.055 —=3 +1 +2 = 
0.036 0 0 +1 = 
0.041 +1 +1 +1 +1 
0.040 0 0 

0.052 +1 +1 +1 0 
0.036 =f 0 0 +1 
0.052 0 a —A +2 
0.020 =§ +2 +1 +1 
0.031 0 +1 ~~ +1 
0.020 +1 +2 0 

0.034 0 0 0 0 
0.021 0 —1 +1 +1 
0.039 =~ ah =f = 
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The holding times in the quenching bath given in Table IV for 
the various steels were arrived at by holding specimens for each steel 
and bath temperature for increasing lengths of time until bainite 
formation began to occur near the sharp structural change. The 
holding 'time must be long enough to temper the martensite at carbon 
levels below that of measurement sufficiently to provide sharp con- 
trast on etching. On the other hand, the time interval must be 
shorter than the initiation time of bainite formation at the transi- 
tion line or interference will occur from this cause as shown in Fig. 
12. Fig. 13 represents the normally sharp line of demarcation when 
all conditions are correctly adjusted. The time in the bath is not 
critical except for the S.A.E. 1020 and 4028 steels and at the highest 
temperature for the S.A.E. 8720 steel. In these cases, the time cycles 
must be strictly adhered to in order to obtain contrast on the one 
hand and avoid bainite formation on the other. More time is needed 
the lower the bath temperature and the higher the alloy content, but, 
providentially, more time is available under these conditions without 
bainite interference. 

Some confusion may be caused by the presence of banding when 
measuring the case depth with a Brinell glass. Fig. 14 shows the 
normal condition in S.A.E. 1020 steel at 10 diameters as observed 
through the glass while Fig. 15 shows the longitudinal banding often 
present in Krupp. Our experience has been that if longitudinal spec- 
imens are used and measurement is made to the solid bank of trans- 
formation, ignoring occasional streaks in the untransformed case, 
satisfactory agreement is obtained. The assumption is made, there- 
fore, that the carbon gradient introduced in carburizing is smooth, 
and the incidental Ms point variations are caused by differences in 
alloy content. This assumption may not be strictly true but does 
closely approximate the facts. 

Some experiments were undertaken to determine whether diffu- 
sion of the case during the austenitizing treatment was influencing 
the case depth. Specimens of the S.A.E. 1020 and Krupp analyses 
were austenitized for increasing lengths of time, quenched to the 0.50 
per cent carbon level and measured. The results, contained in Table 
VI, show that no change in case depth occurs until after 25 minutes 
at temperature. The effect of case diffusion at the austenitizing tem- 
perature under the condition of Table IV may be considered negli- 
gible for all steels investigated. 
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Fig. 12—Interference of Bainite at 0.50 Per Cent Carbon Level in 4028 Steel. 
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Fig. 13—Sharp Line of Demarcation at 0.50 Per Cent Carbon Level of 1020 Steel 
Tested Under Conditions of Table IV. 





Fig. 14—Delineation of Case in 1020 Fig. 15—Delineation of Case in Krupp 
Steel at 0.50 Per Cent Carbon Level. x 10. Steel at 0.50 Per Cent Carbon Level, 
Showing Banding. xX 10. 











Tes Effect of Time at Austenitizing Temperature on Case Depth Sa 
Austenitizing Case Depth at 0.50 Per Cent Carbon Level 
Temp. After Indicated Times at Temperature 
Type °F. 10 Min. 15 Min. 20 Min. 25 Min. 30 Min. 45 Min. 
1020 1550 0.052 cea 0.052 0.052 0.048 0.036 
Krupp 1650 saree 0.038 0.040 0.040 0.040 0.036 
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CARBON DEPLETION IN S.A.E. 52100 


As pointed out by Payson and Savage (2), the identical method 
may be used to measure the loss of carbon from the surface, par- 
ticularly in high carbon steels. The essential data for such a deter- 
mination in S.A.E. 52100 are contained in the curve of Fig. 1 and in 
Table II. As an additional check on the method, a 30-pound induc- 
tion heat was melted to the following analysis : 


¢ Mn Si Cr Ni Mo 

0.19 0.43 0.18 1.50 0.33 0.02 
This heat was forged to a 2%4-inch diameter bar, standard 2%- 
inch diameter carbon test rings machined, carburized at two case 
depths and carbon gradation curves determined. Small specimens 
cut from the bore of these rings were treated for case depth measure- 
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Fig. 16—Agreement Between Carbon Level Measure- 
ment and Carbon Gradation Curves for 5220 Steel. 


ment at carbon levels ranging from 0.40 to 0.90 per cent carbon. 
The values are plotted in Fig. 16 and the deviations from the carbon 
content-depth curves in Table VII together with the test conditions 





Table VII 
Results of Depth Measurement on Carburized 1.5 Per Cent Chromium Steel 
Aust. Aust. Quench Bath Conditions Deviation from 
Carbon Level Temp. Time Temp. Carbon-Depth.Curves 
Per Cent af Min. F, Time Light Case Heavy Case 

0.40 1650 15 635 30 Sec. +4 --2 
0.50 1650 15 575 30 Sec. 0 
0.60 1650 15 510 30 Sec. +1 —1 
0.70 1650 15 450 1 Min. —1 —1 


0.80 1950 5 385 1 Min. +1 —2 
0.90 1950 5 325 1 Min. . 0 
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at each carbon level. Quenching bath temperatures were taken di- 
rectly from the curve of Fig. 1 while the times were the result of 
experimentation. The austenitizing temperatures and times were 
such as to give complete carbon solution at the level of measurement 
without measurable diffusion of the case. The sole exception was the 
0.90 per cent carbon level where the 5-minute austenitizing time left 
a few scattered carbides but the agreement with the carbon cut de- 
terminations was excellent. The specimens quenched from 1950 de- 
grees Fahr. (1065 degrees Cent.) were protected by copper and chro- 
mium plating but even this did not afford complete protection for 
much longer than 5 minutes at temperature. 


ADVANTAGES AND DISADVANTAGES OF THE METHOD 


It is believed that this method of case depth measurement and of 
carbon depletion in high carbon steels possesses certain advantages 
not held to an equal degree by any other except the carbon cut pro- 
cedure. In the first place, the line of demarcation between the tem- 
pered and freshly quenched martensite is sufficiently sharp to permit 
even unskilled observers to agree as to its position within one-half a 
Brinell glass division (0.002 inch). 

The results of Table V show that agreement can be reached with 
carbon gradation curves within 0.002 inch. The test can be per- 
formed quickly and with a minimum of equipment, only one salt bath 
being essential. None of the conditions of test given in Table IV 
require close control except for carbon and very low alloy steels. 
Since a quenching bath temperature change of 6 degrees Fahr. rep- 
resents only one point (0.01 per cent) of carbon, ordinary salt bath 
temperature controls are entirely adequate. The method permits of 
accurate measurement at any desired carbon level above about 0.40 
per cent with a minimum of preliminary experimental work for steels 
not covered in this investigation. Again excepting the S.A.E. 1020 
and 4028 grades, almost any size of specimen convenient for hand 
polishing may be used. The effect of elements other than carbon on 
the Ms point is sufficiently small that normal variation of analysis 
from heat to heat within a given type can be generally ignored and a 
single set of conditions used. Extreme variations of both man- 
ganese and chromium in the same direction from the middle of the 
range might have to be taken care of by slight adjustments. 

The principal disadvantage of the method lies in its application 
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to carbon and very low alloy steels. The limiting thickness of speci- 
men of 4 inch offers some difficulties in handling while the time in 
the quenching bath must be closely controlled to avoid interference 
from bainite formation. For example, if a carburized S.A.E. 1020 
specimen is quenched to the 0.40 per cent carbon level (635 degrees 
Fahr.), 3 seconds is too short a holding time for good delineation, 
5 seconds is satisfactory, while 10 seconds at this temperature will 
completely obscure the line of demarcation because of bainite forma- 
tion. 

Specimens must be cut before applying this method and not 
after, since an abrasive saw will nearly always temper the freshly 
quenched martensite to such an extent that even extensive grinding 
of the cut surface will produce uncertain results. A further but rela- 
tively unimportant disadvantage is that the measurement can be car- 
ried below 0.40 per cent carbon levels only with extreme care, except 
in the high alloy steels, because of the rapidity of bainite formation 
at high subcritical temperatures. Extreme banding may cause some 
uncertainty at first but if such cases are handled as described above 
the results will be accurate and reproducible. Some experience in 
etching technique is required since the specimen should be etched just 
enough to develop maximum contrast. Either under- or over-etching 
will reduce this contrast. Picral has been found to be unsatisfactory. 


DISCUSSION OF RESULTS 


The selected quenching bath temperatures for the 0.40, 0.50, 
0.60 and 0.70 per cent carbon levels of all the commercial carburizing 
steels investigated are plotted as functions of carbon content in Fig. 
17. The dotted line at the top represents the present authors’ best 
straight line through the average of Greninger’s (7) determinations 
for plain carbon steels. The best straight line through the experi- 
mental Ms points for each commercial steel does not deviate from 
the plotted points more than 5 degrees Fahr. in any instance. Fur- 
thermore, the curves are so nearly parallel to the plain carbon curve 
of Greninger that a shift of certain individual values of not more 
than 5 degrees Fahr. would bring them into exact parallelity. The 
conclusion is inescapable that the effect of carbon on the Ms point is 
independent of the type or amount of alloy associated with it, as evi- 
denced by the fact that an increase in carbon of 0.30 per cent lowers 
the Ms point about 180 degrees Fahr. for all steels. 
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Fig. 17—Carbon Content vs. Ms Point 
Curves for Commercial Carburizing Steels. 


Table VIII 
Comparison of Experimental and Calculated Ms Points 





Calculated Ms Points, Degrees Fahr. 





Payson and Savage—————__,, ————_Carapella os 

0.40 Per Cent 0.70 Per Cent 0.40 Per Cent 0.70 Per Cent 

Type Carbon Level Carbon Level Carbon Level Carbon Level 
Steel Actual Cale. Dev. Actual Cale. Dev. Actual Cale. Dev. Actual Calc. Dev. 
1020 635 641 +6 450 470 +20 635 432 —3 490 473 + 23 
4028 635 640 +5 450 469 +10 635 629 —6 450 472 + 22 
8720 595 599 +4 415 428 +13 sos 5038 —2 418 45 +30 
4720 580 600 +20 400 429 +29 580 593 +13 400 445 + 45 
4620 580 596 +16 400 425 +25 580 589 +9 400 441 + 41 
4320 550 583 +33 375 412 +37 550 579 +29 375 433 + 58 
4820 515 542 +27 335 371 +36 515 538 +23 335 403 + 68 
3312 450 494 +44 260 323 +63 450 500 +50 260 # 375° Tits 


Krupp 435 474 +39 245 303 +58 435 484 +49 245 363 





This method of case depth measurement would best serve its 
purpose if it were possible to proceed directly from Ms temperatures 
calculated from chemical composition rather than be faced with the 
necessity of adjusting these temperature values by cut and try meth- 
ods in developing its use for other carburizing steels. Inspection of 
Table VIII, which lists the experimental and calculated values for the 
0.40 and 0.70 per cent carbon levels, indicates quite clearly that this 
is not possible by either Payson and Savage (2) or the Carapella 
(3) formula although the former appears to be the closer approxima- 
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tion. In appraising these deviations between the experimental and 
calculated Ms values two factors need to be kept in mind. First, 
the very factor which makes the method valuable in case depth meas- 
urement-—the undetectable effect of quenching bath temperature vari- 
ation with average control equipment—causes a certain lack of pre- 
cision as an experimental method for Ms point determination. Sec- 
ond, while carbon cut determinations are the most accurate method 
of case depth measurement, some error is inescapable in attempting 
to precisely determine the carbon content at any single point below 
the surface. Nevertheless, it is believed that the experimental Ms 
values determined by this method are not in error by more than 20 
degrees Fahr. 

On the basis of these considerations, some generalizations are 
deemed justifiable on the basis of the data of Table VIII. Since 
both formulae show considerably greater errors at 0.70 per cent car- 
bon than at 0.40 per cent, it appears likely that the carbon factors in 
both equations may be low. Increasing the carbon factor in the Pay- 
son and Savage equation from —570 * c to —600 X c* produces 
substantially equal deviations at both carbon levels and reduces the 
maximum difference between the experimental and calculated values 
of the whole group of steels about 20 degrees Fahr. The Carapella 
formula cannot be altered so simply because the deviations at the two 
carbon levels are not constant for all steels. 

It is also apparent that the difference between experimental and 
calculated Ms temperatures increase as the alloy content increases, 
particularly nickel and chromium, the calculated values being the 
higher. If the 4600 series heats of Table I are calculated by the 
Payson and Savage method using a carbon factor of —600 X c, 
however, the maximum disagreement between the experimental and 
calculated Ms temperatures is only 8 degrees Fahr. over the entire 
range of carbon content. The case of chromium is much more un- 
certain. 

Calculated Ms points for the 5200 series induction heats of 
Table I, again using the —600 & c factor for carbon in the Payson 
and Savage equation, produces values from 30 to 50 degrees Fahr. 
lower than the actual determinations of Table II. On the other hand, 
interpolation of the recent data of Klier and Troiano (8) at 1.45 
per cent chromium for the several carbon contents, leads to values 





*This value is lower than that previously proposed (4) but more nearly represents the 
results of all steels in present investigation. 
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even higher than the present authors’. These results indicate that 
the chromium factor in the equation may be greater than it should be. 
If this be true, the reasons for the greater deviation between the ex- 
perimental and calculated Ms points of Table VIII with increasing 
chromium and nickel contents become even more difficult to explain. 
One is faced with the alternatives that either the individual effects 
of nickel and chromium on the Ms point are not linear functions or 
that nickel and chromium, acting in concert, exert a greater depress- 
ing effect on the Ms point than their individual actions indicate. 
Since a considerable body of data are available to show that the in- 
dividual effects of the principal alloying elements are linear in char- 
acter, the authors believe that the latter possibility takes preference. 
The discrepancies cannot be wholly reconciled, however, and addi- 
tional information is required to settle these points. 


SUMMARY AND CONCLUSIONS 


Data are presented on martensite points of a group of induction 
heats based on S.A.E. 4620 and 52100 but with carbon contents rang- 
ing from below 0.40 to over 1.00 per cent. This information was 
used as a basis for developing a method of case depth measurement 
for nine commercial carburizing steels as well as the determination 
of carbon depletion at the surface of S.A.E. 52100. The method 
consists of austenitizing a small specimen under conditions of time 
and temperature which will produce complete carbon solution at the 
carbon level desired for subsequent measurement, quenching into 
a bath maintained at the temperature of the martensite point of the 
steel at this carbon content, holding for a sufficient length of time 
to temper the martensite formed at all lower carbon levels and water 
quenching. The case depth or carbon depletion is read with a Brinell 
glass to the sharp line of demarcation between the tempered and 
freshly quenched martensite on the ground, polished and lightly 
etched specimen. 

The method was found to be an accurate means of measurement 
on a wide range of carbon and alloy steels. While certain precau- 
tions need to be taken to avoid pearlite formation on quenching and 
bainite formation in the constant temperature bath, as well as to 
effect complete carbon solution at the desired level of measurement 
before quenching, the technique is easy to perform and does not 
require strict control of conditions except on the carbon and very 
low alloy steels. 
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The quenching bath temperatures for the nine commercial steels 
studied, when considered as Ms points at 0.40, 0.50, 0.60 and 0.70 
per cent carbon contents, show clearly that the effect of carbon on the 
Ms point is independent of either the type or the amount of alloying 
element associated with it. 

Comparison of the experimental and calculated Ms points using 
both published formulae indicated that the difference between them 
increased with carbon content as well as with increase in alloy con- 
tent, particularly nickel and chromium. It was pointed out that the 
effect of carbon may be slightly greater than either formula provides 
and that it appears possible that nickel and chromium, acting to- 
gether, depress the martensite point more than their individual effects 
would indicate. 
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DISCUSSION 


Written Discussion: By A. B. Greninger, General Electric Co., Chemical 
Department, Pittsfield, Mass. | 

The authors have given us a nice description of a practical use of the 
“quench-and-temper” technique for measuring case depths of carburized steel. 
My guess is that the method will prove to be generally valuable, but that this 
value would be enhanced considerably if, as the authors state, it were possible 
to calculate accurately Ms temperatures from chemical composition. I am sur- 
prised at the rather serious discrepancies between calculated and experimental 
Ms temperatures shown in Table VIII; I hope that Messrs. Payson and Savage 
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and Mr. Carapella will comment on this, for there seems to be something 
wrong with the published factors for the alloying elements, carbon, chromium, 
nickel and molybdenum. 

Would the authors comment on the possible reasons for the large tempera- 
ture difference between the two upper (“plain carbon steel”) curves of Fig. 17? 
Why are these two curves not approximately superimposed rather than separated 
by more than 50 degrees Fahr.? I do not have the references available at the time 
of this writing, but my recollection is that Ms points determined by “quench- 
and-temper” technique and by thermal arrests showed very close agreement. 


Authors’ Reply 


We are in complete agreement with Dr. Greninger that a more accurate 
formula for calculating Ms point temperatures is necessary and that this method 
of case depth measurement would be greatly enhanced if it were possible to 
calculate accurately the Ms point for the carbon level to which case depth 
measurement is desired. 

Dr. Greninger’s comments in regard to the Ms temperature difference of 
approximately 50 degrees Fahr. between his plain carbon steels and_our car- 
burized S.A.E. 1020 material is acknowledged. 

First, we would like to make it clear that this method of case depth measure- 
ment is not a precise means for the determination of Ms point temperatures. A 
carbon gradation curve determined by chemically analyzing 0.005-inch carbon 
cuts generally produces a smooth curve when the carbon content is plotted 
against’ depth. However, an accurate value for carbon content at any small in- 
crement of depth is not always obtainable. Therefore, agreement between known 
Ms points of steel by uniform carbon content and those containing a carbon 
gradient (carburized) cannot be obtained with too great a degree of precision. 

Secondly, some of the temperature difference Dr. Greninger cited can be 
accounted for by the difference in alloy content between his plain carbon steels 
and our S.A.E.1020 material. Tabulated below are the analyses of Dr. Greninger’s 
three plain carbon steels and the 1020 steel used in our work as well as the 
degrees Fahr. the Ms point is lowered by alloy content, excepting carbon, when 
calculated by the Payson and Savage formula. 

Degrees Fahr. Ms 


o— Per Cent - a, Point Is Lowered 
Cc Mn Si Cr by Alloy Content 

0.23 0.42 0.02 oieaind 25 

0.57 0.54 0.19 0.01 37 

0.84 0.62 0.23 0.04 a4 

0.19 0.79 0.28 0.07 57 


By subtracting the difference the Ms point temperature is lowered by alloy con- 
tent of the plain carbon steels and the 1020 material, it was determined that due 
to alloy content alone the Ms point of the 1020 steel was from 13 to 32 degrees 
Fahr. lower than the steels used by Dr. Greninger. 

The rest of the difference is probably due to variations in experimental 
technique. It has been our experience that even small amounts of banding cause 
uncertainties in determining the Ms point by the quench and temper procedure 


and slightly higher apparent Ms point temperature obtained when this condition 
is present. 








OF STEEL 
By W. A. PENNINGTON 


Abstract 


A study has been made of the decarburization of an 
ordinary carbon steel of eutectoid composition at tempera- 
tures from 1275 to 1700 degrees Fahr. (690 to 925 de- 
grees Cent.) at intervals of temperature which were in 
general 50 degrees Fahr. A mixture of hydrogen and 
water vapor containing approximately 20 per cent (by 
volume) of water vapor was used as a medium to effect 
the decarburization. Water vapor has been regarded as a 
reactant and not as a catalyst. 

Photomicrographs show the progress of decarburiza- 
tion with time at the different temperatures and also the 
general nature of the phenomenon at the different temper- 
ature levels. 

Distinct ferrite banding has been found where the 
decarburization 1s carried out within the critical range 
from 1350 to 1640 degrees Fahr. (730 to 895 degrees 
Cent.). There is banding below the lower critical at 1275 
degrees Fahr. (690 degrees Cent.), but it is not nearly so 
clear and distinct; above the upper critical there seems to 
be no banding whatsoever. It has been postulated that 
decarburization can be effected even within the critical 
range without banding, if the carbon content of the steel 
is sufficiently high and the carbon removal sufficiently 
slow. If the carbon content is that represented by the 
A, line, there must be banding where the heat treatment 
is performed within the critical range regardless of the 
slowness of the decarburization. 

Carbon has been regarded as reaching the surface by 
diffusing in solid solution as either dissolved elementary 
carbon or iron carbide, regardless of whether the iron is 
in the austenitic or ferritic condition. Moreover, the dif- 
fusion has been looked upon as being actuated by the pull- 
ing action of the chemical reaction which takes place at 
the surface of the steel resulting in carbon removal. 
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A MECHANISM OF THE SURFACE DECARBURIZATION 


A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. The author, W. A. P 
nington, is chief chemist and metallurgist, Carrier Corporation, Syracuse, N. Y. 
Manuscript received June 29, 1945. 
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INTRODUCTION 


T has been pointed out several times by various investigators that 

the published literature concerning surface decarburization of 
steel is highly contradictory. Each contribution, particularly within 
more recent years, has cleared up some hazy points but still consider- 
able confusion prevails. All mechanisms to explain decarburization, 
which have come to the writer’s attention, have dealt rather ade- 
quately with the chemical reactions and equilibria involved, but have 
paid little or no attention to physical equilibria which may exist well 
within the body of the metal. Most of the mechanisris which have 
been offered have failed to make proper use of the iron-carbon equi- 
librium diagram. 

While in this paper chemical reactions and equilibria will be 
discussed, it is specifically intended that the discussion emphasize the 
need for a thorough understanding of the physical equilibria within 
the body of the metal. These physical equilibria, in which two physi- 
cal phases are in direct contact with each other with no tendency 
toward a change in the one because of the presence of the other, exist 
coincidentally with any chemical equilibria at the surface. By stress- 
ing this phase of the process, it is hoped that a more logical and 
complete mechanism can be evolved. 

In the preliminary work which was done in order to define the 
problem, use was made of many different ferrous materials including 
high and low carbon steel of both the alloy and ordinary varieties, 
and also several different kinds of cast iron, both gray and white. 
Decarburization of this assortment of materials was effected at tem- 
peratures ranging from 1250 to 2000 degrees Fahr. (675 to 1095 
degrees Cent.). 

It was finally decided that an extensive study of a single mate- 
rial of approximately the eutectoid composition would suffice for the 
development of the true mechanism. Early in the preliminary work, 
it became evident that an advantage, as far as simplicity is concerned, 
could be gained by the use of a sheet material because then the de- 
carburization could be studied as it proceeded from both surfaces. 
The short distance between the two surfaces would insure that those 
phenomena which would occur would take place in a reasonable 
length of time. Thick materials, particularly those containing rela- 
tively high carbon, may not be nearly completely decarburized even 
in a heat treatment lasting for an entire week. 
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After a choice had been made of a suitable material and its 
physical form, it was necessary to select a convenient means of 
carrying out the decarburization. Again much preliminary work 
was done in which several methods were tried before a selection was 
made of a technique involving the use of hydrogen saturated with 
water vapor at 140 degrees Fahr. This medium induced the decar- 
burization to proceed at a desirably fast rate. 


CHEMICAL REACTIONS 


To establish a complete mechanism of decarburization it is nec- 
essary to consider both the chemical reactions involved and the diffu- 
sion which may take place within the body of the metal. A review 
of some of the literature will be made at this point to show that the 
chemistry of the process has been studied rather extensively. Later 
in presenting the complete mechanism the author will use selective 
references as support for the decision reached as to what reactions 
take place and where they occur. 

Accoréing to Sauveur (1),’ Reamur in 1722 produced “white 
heart” malleable iron by heating white iron castings packed in iron 
oxide. The “white heart” process is a commercial method of de- 
carburizing white cast iron in the presence of mill scale or some 
other form of iron oxide at some 1800 degrees Fahr. (980 degrees 
Cent.). Thus, history shows that decarburization of solid ferrous 
materials with iron oxide was known more than 200 years ago. In 
1881, according to Johansson and von Seth (2), Forquignon was the 
first to discover that decarburization of steel took place in either a 
hydrogen or nitrogen atmosphere. Wutst and Geiger, however, were 
unable to duplicate Forquignon’s results. Wutist and Sudhoff in 1919 
suggested that small amounts of oxygen or water vapor may have 
been present in the gases used by Forquignon, and which would, con- 
sequently, account for the decarburization. 

Considerable work has been done by Baukloh and associates par- 
ticularly von Kronenfels (3), Springorum (4), and Guthmann (5) 
in which decarburization of iron-carbon alloys was carried out 
through the use of hydrogen. They explain the phenomena on the 
basis of the permeability of hydrogen. Silicon is said to increase hy- 
drogen permeability and therefore gray iron will decarburize faster 
than white. In this connection, it should be pointed out that silicon 





‘The figures appearing in parentheses pertain to the references appended to this paper. 
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in iron-carbon alloys speeds up decarburization regardless of whether 
the decarburization is done with hydrogen or something else, pro- 
vided the silicon content is not high enough to form considerable 
silica in the surface of the alloy. 

The idea of using water vapor in hydrogen has been used by 
many investigators, notably Campbell (6) as early as 1919, C. R. 
Austin (7), (8), Jominy (9), and Rowland and Upthegrove (10). 

Any substance which can oxidize iron carbide may be used to 
effect decarburization. Oxygen, water vapor, and carbon dioxide are 
particularly effective, especially if they are present in relatively small 
amounts in gases like hydrogen and nitrogen. The substance which 
oxidizes the iron carbide is much more efficacious if at the same time 
it is not able to oxidize the iron, thereby producing an interfering 
scale. Accordingly steam, which will oxidize both, is not as effective 
as a mixture of water vapor and hydrogen. Oxygen or air is more 
effective in the presence of a reducing substance as shown by Curran 
and Williams (11) where they found that steel packed in carbon is 
readily decarburized at 1425 degrees Fahr. (775 degrees Cent.). Of 
course the oxygen is reduced to a mixture of carbon monoxide and 
carbon dioxide, there being sufficient carbon dioxide to oxidize iron 
carbide, and at the same time, enough carbon monoxide to prevent 
the oxidation of metallic iron. Portevin (12) found that steels, 
where heat treated in molten potassium chloride at temperatures 
around 1650 to 1830 degrees Fahr. (900 to 1000 degrees Cent.), 
lost carbon from the surface. It is possible that dissolved oxygen 
caused the loss. 

Hatfield (13), Emmons (14), Stead (15) and Wagner (21) 
have recognized the powerful influence of carbon dioxide in remov- 
ing carbon from steel. It is not necessary, however, to assume with 
Stead that oxygen, water vapor, and the like may only be the means 
of producing carbon dioxide which is really responsible for the ac- 
tion. It is true that if carbon dioxide is produced, and in many cases 
it is, it will function as depicted, but there are many cases of decar- 
burizing with gases where carbon dioxide is either not formed in ap- 
preciable quantities, or it is swept out of the reaction chamber with 
the flowing gases. 

Webber (19) states that carbon dioxide has been found to be 
slightly decarburizing, and that even carbon monoxide has been 
known to decarburize high carbon steels. Carbon dioxide in concen- 
trated amounts has only a slight effect, because of its power of oxi- 











52 TRANSACTIONS OF THE A. S. M. Vol. 37 


dizing the iron, the oxide formed remaining on the surface of the 
steel acting as a barrier against free decarburization. It is difficult 
to conceive of dry carbon monoxide as having a decarburizing effect. 
Should there be scale present, decarburization could proceed not be- 
cause of the presence coincidentally of the carbon monoxide but in 
spite of it. 

A mixture of gas, whose carbon dioxide-carbon monoxide ratio 
is 0.58 and the sum of whose partial pressures is one atmosphere, is 
an excellent decarburizing agent at temperatures from 1400 degrees 
Fahr. (760 degrees Cent.) upwards. At 1400 degrees Fahr. this 
mixture is neither reducing to ferrous oxide nor oxidizing to ele- 
mentary iron. If the carbon dioxide concentration is increased very 
much, the decarburizing rates decrease due to the scaling. If, on the 
other hand, the concentration is decreased, the rates are also de- 
creased in response to the law of mass action, and of course, if the 
decrease in concentration is carried far enough, the mixture becomes 
carburizing. 

To speak of carbon dioxide as being a weak decarburizer is very 
misleading. It is true that only a slight effect, as has been pointed 
out, is produced if the pure gas is used. This condition does not, 
however, result from any weak decarburizing power of carbon di- 
oxide, but rather is due to the inhibition of the scale produced. The 
mixture of gas with a carbon dioxide-carbon monoxide ratio of 0.58 
at 1400 degrees Fahr. (760 degrees Cent.) is not as effective as some 
mixtures of hydrogen and water vapor, but still a very good decar- 
burizing medium. Of this mixture, it is more than likely the carbon 
dioxide which does the decarburizing, possibly in accordance with the 
equation, 

FesC (in sol.) + CO:= 3Fe + 2CO [1] 
C (in sol.) + CO. = 2CO. [la] 


The carbon monoxide merely clears the way by keeping the surface 
free of scale so that the carbon dioxide has ample freedom to react 
with the carbon or iron carbide. 

Like pure carbon dioxide, pure hydrogen does not produce fast 
decarburization but for an entirely different reason. In pure hydro- 
gen, there is no oxidizing agent and the carbon must be lost through 
reduction : 


FesC (in sol.) + 2H: = 3Fe + CH, [2] 
or 
C (in sol.) + 2H: = CH. [2a] 








1946 DECARBURIZATION OF STEEL oe 
Reaction [2] or [2a] is slow. Where hydrogen is involved, the pres- 
ence of even small amounts of water vapor accelerates the decarburi- 
zation many fold. One is inclined, on first consideration, to regard 
the water vapor as a sort of catalyst. 

There are entirely too many investigators who fail to give water 
vapor its just dues in its power as a chemical which may enter reac- 
tions the same as other chemicals. A mixture of hydrogen and wa- 
ter vapor is quite similar to that of the carbon gases. Hydrogen, like 
carbon monoxide, serves to keep the surface of the metal clean, while 
water, like carbon dioxide, reacts with the iron carbide or carbon 
causing the removal of carbon from the metal surface. The decar- 
burizing reaction in this case may be given as 


FesC (in sol.) + H.O = 3Fe + CO + H: [3] 
or 
C (in sol.) + HAO = CO+ Hz. [3a] 


Averbukh and Chufaror (20) have found that fairly large 
amounts of water vapor in hydrogen hinder decarburization of trans- 
former steel containing approximately 4 per cent silicon, stating that 
the water vapor causes the formation of a silicon dioxide film which 
tends to stop the diffusion of carbon to the surface. The writer con- 
curs, having duplicated the findings several times. The silica film 
can be prevented if there is a small amount of hydrogen fluoride also 
in the annealing medium. Brittleness, however, is caused in the steel 
due to the intergranular attack of the hydrogen fluoride in the de- 
struction of the silica in the grain boundaries. This condition of 
brittleness can be eliminated with perhaps even better magnetic prop- 
erties in the steel by suitable hot rolling. Water vapor certainly 
plays a very important part in speeding up the decarburization of 
some steels containing 1.25 per cent silicon and less. In light of 
placing proper emphasis on the decarburizing agent, it is possibly 
more fitting to speak of a decarburizing mixture of water vapor and 
hydrogen as “hydrogenous water vapor’ rather than wet or moist 
hydrogen. 

In general then it may be said that any gas, oxidizing to iron car- 
bide, will be an effective decarburizing agent if it is mixed with just 
the amount of a reducing gas which will maintain a clean surface on 
the steel at which the carbon-loss, chemical reaction may proceed. 

This review of the literature reveals sufficient consistent infor- 
mation concerning the nature of the chemical reactions in the surface 














54 TRANSACTIONS OF THE A. S. M. Vol. 37 


decarburization of steel. Thus, one step in the process of decarburi- 
zation of solid steel is established without need for further experi- 
mentation. On the other hand, the lack of information regarding 
what happens within the steel makes it necessary for further experi- 
mental work to establish this part of the process. Such experimental 
work is reported in this paper with an interpretation indicating the 
mechanism of carbon migration within the steel. This explanation 
of the diffusion, supplemented with that for the chemistry involved, 
constitutes a complete mechanism. 


7 


MATERIALS USED 


For reasons already stated, eutectoid steel was selected for these 
experiments to work out a mechanism of decarburization. The sheet 
material was 0.064 inch thick and gave the following chemical analy- 
sis : 


© Mn P S Si 
0.85 0.17 0.013 0.022 0.26 
The hydrogen was furnished in the customary small cylinders 
which are to be found in almost any laboratory. Distilled water was 
used to saturate the hydrogen with water vapor. However, any 
usual tap water should be just as good. 


EXPERIMENTAL PROCEDURE 


The equipment set up is illustrated in a line diagram in Fig. 1. 
A long rectangular box 2 inches high, 4 inches wide and perhaps 
5 feet long made of stainless steel was used for the reaction chamber. 
It was inserted through brickwork into a Hoskins furnace so as to 
have about half the length within the furnace. Only the end of the 
reaction chamber extending from the furnace was open. Through 
this opening and laid along a lower corner was a small gas pipe 
through which the moist hydrogen could be introduced. The gas 
pipe ran the length of the chamber and was bent so that the gases 
were delivered into the chamber near the back of the furnace in a 
direct line toward the open end. The gas pipe was tack-welded into 
position at the entrance end. 

A smal! rack made of 16-gage steel with milled slots was used 
for introducing and holding in position the steel test samples. It 
was necessary to have a long handle which was made from an or- 
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dinary %-inch gas pipe. A small hole was drilled in each test speci- 
men so that a soft iron wire could be attached. It was then possible 
to remove any specimen from the chamber at any time, without dis- 
turbing the others, by carefully pulling the proper wire. 

Cylinders of hydrogen and nitrogen were connected through a 
tee to three water bottles in series and thence to the small gas pipe 
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Fig. 1—Diagram of Decarburizing Apparatus. 


leading into the reaction chamber. The gallon water bottles, each 
holding two quarts of water, were placed in a water bath held at 
140 + 2 degrees Fahr. Throughout all experiments the flow of hy- 
drogen was adjusted so as to be quite near 8 cubic feet per hour. At 
such a rate, the gas was practically saturated with water vapor at 
140 degrees Fahr., making a mixture containing some 20 per cent 
by volume. 

Knowing that the surface condition of a steel sample has much 
to do with the nature of the decarburization, it was decided as feas- 
ible to create a uniform surface by first normalizing the test speci- 
mens. The heat treatment in this operation was carried out at 1550 
degrees Fahr. (845 degrees Cent.) for 5 minutes with, of course, a 
subsequent cool in the air. The scale produced in the normalizing 
treatment was removed by pickling the specimen as a cathode in 15 
per cent sulphuric acid using about 20 amperes per square deci- 
meter with duriron anodes. Extreme care should be exercised in such 
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a pickling operation. The acid must be fairly clean. The presence 
of substances like copper compounds will lead to the plating of an 
interfering metal. 

In many of the experiments a sample was removed from the 
furnace and later, sometimes weeks later, returned for further proc- 
essing. On being removed from the reaction chamber, the hot sam- 
ple developed an oxide scale though not a very thick oné. This scale 
was removed by the electrolytic pickle before the sample was put 
back into the heat treating chamber. 

Before making a run the furnace was allowed to soak at temper- 
ature overnight except where the desired temperature could be real- 
ized by a change of no more than 50 degrees Fahr. from such a 
soak. 

When the furnace had soaked a sufficient length of time at the 
proper temperature and everything was in readiness for a run, nitro- 
gen was passed through the assembly for 10 minutes to remove all 
air before starting the hydrogen through. At the expiration of this 
time, the nitrogen flow was reduced to about half and supplemented 
with an equal flow of hydrogen. The flow of nitrogen was then 
stopped completely and the flow of hydrogen properly adjusted. At 
least 15 more minutes were allowed for checking temperatures 
to be sure of not having appreciable fluctuations before introducing 
the samples, whose dimensions were generally 0.7 by 4.0 by 0.064 
inches. The temperatures were measured by means of an iron-con- 
stantan thermocouple attached to the heat treating rack. When it be- 
came obvious that the temperature was at the desired point, the rack 
was removed and loaded with the samples. The assembly was then 
introduced into the reaction chamber. Again temperature readings 
were taken. Samples were withdrawn at the predetermined time and 
after the run was finished nitrogen was used to sweep out the train 
as a matter of safety. 


RESULTS 


Heat treatments were made below, above, and within the critical 
range. One at 1350 degrees Fahr. (730 degrees Cent.) was just 
above the A, line and another at 1640 degrees Fahr. (895 degrees 
Cent.) was just under the A, point for pure iron. An examination 
of the photomicrographs will substantiate this contention and indi- 
cate the reliability of the temperature measurements. In order to 








1946 DECARBURIZATION OF STEEL 57 


follow completely certain phenomena which seemed to be involved, 
heat treatments were carried out at intervals of 50 degrees Fahr. 
within the critical range starting at 1350 degrees Fahr. (730 degrees 
Cent.). Fora point below the critical range 1275 degrees Fahr. (690 
degrees Cent.) was chosen; 1700 degrees Fahr. (925 degrees Cent.) 
served as the point above the critical. 

It was possible to follow the process of decarburization through 
microscopic examinations, supplemented occasionally with chemical 
analyses for carbon. The 4-inch test specimens, after they were first 
cleaned free of scale by the electrolytic pickle, were cut through at 
the third points so that the metal at each of the two cuts could be 
prepared for microscopic examination. The samples were mounted 
in lucite, a pack usually consisting of a complete set of specimens for 
a temperature run. Several runs were made at some temperatures, 
but the duplication was abandoned at others, when it was learned that 
the results could be duplicated with high, quantitative accuracy. 

The heterogeneity of the structure made it very difficult to get 
the desired etching on the surface of the samples. Sometimes nital 
and sometimes picric acid was used. There seemed nearly always 
to be the problem of compromise at hand to prevent the over-etching 
of some high carbon constituent but, at the same time, allow enough 
time with the specimens in the etchant to develop the grain structure 
of the low carbon material. The degree of etching varied consider- 
ably. However, for the purpose of making the photomicrographs 
shown here, the samples were consistently etched to the point of 
showing clearly the grain structure in the alpha iron region even 
though the high carbon material was over-etched. 

In most cases it has been necessary to use a magnification as low 
as 65 in order to show the complete cross section of the metal 
piece. Of course, the pearlite of the center bands cannot be resolved 
due to its being over-etched and due to the low magnification, but 
in cases where the carbon has been reduced to some value as low as 
0.25 per cent, grains of pearlite and ferrite can be clearly distin- 
guished. In fact the carbon content can be judged rather accurately 
through an examination of some of the photomicrographs. 

Typical results are illustrated in the photomicrographs shown 
in Figs. 3 to 13 inclusive. Each figure is a composite of individual 
photomicrographs assembled in this way so as to indicate clearly the 
progress of decarburization with time. In becoming orientated to 
observe the photomicrographs with reference to the original sheet 
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material, one should consider the metal sheet as standing on edge so 
that the observer is also looking at an edge, then the two flat surfaces 
of the sheet are to the right and left in the photomicrographs. The 
carbon has been removed horizontally at the left and at the right. 
The black material at the extreme edge is the lucite. 

Fig. 2 is presented to show what portion of the test specimen is 
represented in a typical photomicrograph. Along the edge from A 
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Fig. 2—Specimen Showing Area Included in Photomicrographs. 

to B or C to D may be seen a cross section of a “ferrite layer”. This 
cross section is definitely a band and has been referred to as such 
throughout this paper. Likewise, the center is a band, but made up 
of two phases, namely ferrite and pearlite, in millions of pieces at 
room temperature; at the heat treating temperature this band is 
usually austenite. 

It would be out of the question to attempt to show more than a 


small part of the cross section referred to in a photomicrograph inas- 
much as it is desired to show quite a few samples. The dotted area 
in Fig. 2 is that represented by the photomicrograph and in some 
cases the width of the bands appears longer than the length. It must 
be realized that the width as shown is the entire width of the band in 
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Fig. 3—Decarburized at 1275 Degrees Fahr. A—™% hr.; B—1 hr.; C—2 hr.; D-- 
4 hr.; E—6 hr.; F—12 hr. in two heatings, 6 hr. and 6 hr. X 65. 
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the specimen, while the length as shown in the photomicrograph is 
only a very small portion of the length of the band within the steel 
specimen. 

The word “band’’, as used herein, must not be confused with 
columnar grains which often appear within the ferrite bands. 

It is immediately obvious that there is very definite banding 
throughout most of the heat treatments. A little closer observation 
will reveal, however, that this definite banding obtains only where 
the heat treatment is carried out within the critical range. There is 
some banding in the samples decarburized at 1275 degrees Fahr. 
(690 degrees Cent.) but there is no definite boundary between re- 
gions. There is absolutely no semblance of banding at 1700 degrees 
Fahr. (925 degrees Cent.). It may then be concluded that the clear- 
cut banding takes place only where the decarburizing is done within 
the critical range. In fact specimen G in Fig. 13 was clearly banded 
by a 4-hour heat treatment at 1500 degrees Fahr. (815 degrees 
Cent.) and a subsequent treatment at 1700 degrees Fahr. (925 de- 
grees Cent.) for 6 hours completely destroyed the band with pearlite 
appearing far out into what was formerly the pearlite-free, ferrite 
band. Distinct banding then takes place where the decarburization 
is carried out within the critical range and results from a clear-cut 
equilibrium between alpha and gamma iron. 

Of all the photomicrographs, those representing the conditions 
existing during the heat treatment below the critical range are most 
difficult to explain. At the higher temperatures, there is either a 
single phase or, where there are two phases, they are in three pieces, 
a-iron on either side of y-iron but at 1275 degrees Fahr. (690 de- 
grees Cent.) there are two constituents, a-iron and pearlite, in mil- 
lions of pieces. There is a tendency as the decarburization: progresses 
for the spheroidization of some of the cementite. There seems to be a 
faster transfer of carbon from pearlite to ferrite than from free 
cementite particles and therefore decarburization will be taking place 
in the interior far deeper than some of the free cementite particles 
are located. Of course, as time goes on the spheroids will eventually 
dissolve in the ferrite partially depleted of dissolved iron carbide or 
carbon. It is this preferential dissolution of pearlite which affords 
something approaching definite banding in the material heat treated 
at 1275 degrees Fahr. (690 degrees Cent.). Above the critical, the 
situation is very clear; there is no banding in a ferrous alloy contain- 
ing no more carbon than enough to assure the eutectoid composition. 
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Fig. 4—Decarburized at 1350 Degrees Fahr. A—™% hr.; B—1_hr.; C—2 hr.; D 
4 hr.; E—6 hr; F—12 hr. in two heatings, 6 hr. at 1400 degrees Fahr. and then 6 hr. 
at 1350 degrees Fahr. xX 65. 
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Another general observation which may be quickly made per- 
tains to the formation of columnar ferrite grains. There are none 
except where the heat treatment is carried out within the critical 
range and even then the temperature apparently must be above 1350 
degrees Fahr. (730 degrees Cent.). It is suspected that columnar 
grains can only be formed at the point where gamma iron is being 
converted into alpha iron at fairly constant temperature and not there 
unless the speed of decarburization is sufficiently high. In some of 
the preliminary work, it was found that the composition of the steel 
had much to do with whether there would be columnar grain forma- 
tion at any specific temperature and under identical atmospheres. 
In some cases, it was noted that a steel which would form this type 
of ferrite, where decarburized with moist hydrogen, would not if 
decarburized in a graphite pack in an air-filled furnace. In other 
words, the slower decarburization in the graphite pack did not pro- 
duce columnar grains. 

On referring to Figs. 7G, 8F, 9F and 11F, it is found that the 
center band, which was austenite at the heat treating temperature, has 
a limit in carbon content below which it cannot go. This limit is the 
minimum carbon content which austenite can contain at the tem- 
perature in question. This limit is represented on the iron-carbon 
equilibrium diagram by the A, line. The higher the temperature 
within the critical range the less this limiting carbon can be. In 
fact a close examination of Fig. 11F will show small equiaxed grains 
of ferrite just inside the center band, but in contact with the columnar 
grains in the outer band. These small equiaxed grains of ferrite 
were actually austenite at 1640 degrees Fahr. (895 degrees Cent.) 
but contained so little carbon (the equilibrium value as indicated by 
the A, line) that no pearlite could be formed on the cool-down. 

Figs. 10 and 12 show that the heat treating temperature was 
so high that the fast cool-down gave abnormal structures. The spec- 
imen shown in Fig. 10E is particularly striking where part of the 
structure is normal and part of it is not. Fig. 11E reveals the struc- 
ture after the conversion to normal. It is easier to judge the prog- 
ress of the decarburization at both. 1640 and 1700 degrees Fahr. 
(895 and 925 degrees Cent.) by examining the normal structures. 

It has been pointed out that ferrite banding takes place where 
the decarburizations are carried out within the critical range. This 
subject should not be dismissed until it is made clear that the band- 
ing even in this region may not take place in a short time. It all de- 
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Fig. 5—-Decarburized at 1400 degrees Fahr. A—%™% hr.; B—1 hr.; C—2 hr.; D— 





4 hr.; E—6 hr.; F 


1Z hr. in two heatings, 6 hr. and 6 hr. X 65. 
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pends on the original carbon content and the speed of the decarburi- 
zation. There is certainly no ferrite banding on the right side of A 
of Fig. 11. Throughout the %-hour heat treatment carbon has been 
able to diffuse to the surface fast enough to keep the carbon above 
the minimum concentration for austenite. At the expiration of some 
2 hours the conditions for diffusion in austenite are so exacting that 
the supply of carbon is no longer furnished and banding has set in. 
Even at 1450 degrees Fahr. (790 degrees Cent.), eutectoid steel can 
be decarburized so slowly that banding does not set in for a consid- 
erable length of time. On the other hand, a sample containing only 
0.35 per cent carbon (lower limit in austenite at 1450 degrees Fahr. ) 
will start banding immediately regardless of how slow the decarburi- 
zation may be. 

Attention should be called to the fact that for all temperatures 
from 1400 to 1550 degrees Fahr. (760 to 845 degrees Cent.) there is 
a line of demarcation between the areas decarburized during two en- 
tirely different heat treatments. Where the decarburization is car- 
ried out in this temperature range, there will always be a mark in 
the etched structure to indicate the progress of the decarburization 
for each heat treatment, assuming of course that the heatings last 
for an appreciable period of time. These “dividing lines” are not 
evident in the photomicrographs representing the other heat treat- 
ments. For the sample heated for 6 hours at 1350 degrees Fahr. 
(730 degrees Cent.), after it had previously been heated 6 hours at 
1400 degrees Fahr. (760 degrees Cent.), there is a sharp line between 
the two ferrite areas. However, had both heatings been made at 
1350 degrees Fahr. (730 degrees Cent.), it is doubtful that there 
would be any demarcation. This conclusion has been arrived at be- 
cause of the belief that the line really results from the formation of 
the type of ferrite grains produced at 1350 degrees Fahr. (730 de- 
grees Cent.) before the sample can get up to temperature on the sec- 
ond and subsequent heatings. 

At 1600 degrees Fahr. (870 degrees Cent.) and higher on a re- 
heating, the cold sample introduced into the reaction chamber will 
go through the 1350 degree Fahr. (730 degree Cent.) range so fast 
that the equiaxed grains will hardly start to form and hence there 
will be no line. If this explanation is correct, then the formation of 
equiaxed grains in the ferrite during a second heating at 1350 de- 
grees Fahr. (730 degrees Cent.) will result in the same structure as 
the first and the two areas will appear as one. 
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Fig. 6—Decarburized at 1450 Degrees Fahr. A—'% hr.; B—1 hr.; C—2 hr.; D— 
4 hr.; E—6 hr.,; F—10 hr, in two heatings, 4 hr. and 6 hr. xX 65. 
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In Fig. 14 can be found a clue which may lead to the explanation 
of the equiaxed grain formation at 1350 degrees Fahr. (730 degrees 
Cent.). These photomicrographs have been taken at a magnification 
of 350 and show the amount of pearlite just inside the inner band 
clearly enough that the carbon content can be estimated. From the 
relative blackness just inside the inner band for 1400, 1450 and 1500 
degrees Fahr. (760, 785 and 815 degrees Cent.), it may be judged 
that the carbon content agrees quite well with 0.50, 0.35 and 0.23 per 
cent respectively which are required by the iron-carbon equilibrium 
diagram (A, line). Under these three conditions there is at the heat 
treating temperature a practical equilibrium at the interface of the 
austenite (inner band) and the ferrite (outer band). This condition 
also holds for higher temperatures which are still in the critical 
range. As evidence Fig. 15 is presented. 

A re-examination of B of Fig. 14 will show that the inner band 
at its contact with the ferrite band is not even close to 0.75 per cent 
carbon, as would be required by the iron-carbon diagram if the inner 
band was a single piece of austenite at the operating temperature, 
like it is at the higher temperatures within the critical range. This 
observation simply means that there is not enough surface exposed 
on the “straight line interface” so that the transformation to alpha 
iron can take place with sufficient rapidity to satisfy the demands for 
diffusion. Evidently this transformation at 1350 degrees Fahr. (730 
degrees Cent.) is much slower than at the higher temperatures. Since 
the demands cannot be satisfied in the transformation at a straight 
line interface, the straight line phenomenon is destroyed and there 
actually exist ferrite particles far into the inner band even at the 
operating temperature. Now the austenite, instead of existing as one 
piece with a straight line surface in contact with ferrite on either 
side, will be broken up into many pieces with a great deal more sur- 
face in contact with the ferrite. This working of the ferrite grains 
into the inner band eliminates the possibility of columnar growth in 
the ferrite band. 

In Fig. 16, it may be seen how the inner band persists at 1500 
degrees Fahr. (815 degrees Cent.). In D, the band is quite narrow 
and yet contains enough carbon to satisfy the requirements of equi- 
librium between austenite and ferrite which is 0.23 per cent. It must 
be re-emphasized that this band at the operating temperature is not 
two but a single phase—austenite containing 0.23 per cent carbon as 
a minimum. 
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Fig. 7—Decarburized at 1500 Degrees Fahr. A—™% hr.; B—1 hr.; C—2 hr.; D— 
6 hr.; E—8 hr. in two heatings, 2 hr. and 6 hr.; F—10 hr. in two heatings, 4 hr. and 


6 hr.; G—12 hr. in three heatings, 4 hr., 4 hr., and 4 hr.; H—16 hr. in three heatings, 
6 br., 6 hr., and 4 hr. X 65. 











68 TRANSACTIONS OF THE A. S. M. Vol. 37 


The photomicrograph designated as A of Fig. 8 shows the 
structure of a specimen which was copper plated and subsequently 
subjected to a 6-hour heating at 1550 degrees Fahr. (845 degrees 
Cent.) along with the other specimens whose structures are shown in 
the same figure. The copper plate allows no decarburization. 

Some idea as to relative rates of decarburization can be gained 
by examining Table I. Here the carbon content in specimens heated 
for 12 hours at some of the temperatures is given. The millings 
were taken across the end of the specimens after % inch had been 
sheared off and should give a fair representation of the average car- 
bon. The combustion method was used. 














Table I 
Per Cent Carbon Remaining After 12-Hour Heat Treatment 
Temperature Carbon Remaining Carbon Lost 
(Degrees Fahr.) (Per Cent) (Per Cent) 
1275 0.53 0.32 
1350 0.34 0.51 
1400 0.28 0.57 
1450 0.18 0.67 
1500 0.12 0.73 
1550 0.16 0.69 
1640 0.14 0.71 
1700 0.081 0.77 








The carbon loss increases as the temperature increases up to 
some 1500 degrees Fahr. (815 degrees Cent.). At this point, the 
loss decreases as the temperature is raised to perhaps 1600 de- 
grees Fahr. (870 degrees Cent.), at which point, a further increase 
in temperature brings about a higher loss on up to 1700 degrees Fahr. 
(925 degrees Cent.), where the loss is just a little higher than at any 
other temperature used, being just slightly more than at 1500 degrees 
Fahr. (815 degrees Cent.). It is assumed that this increase in loss 
with increase in temperature continues on above 1700 degrees Fahr. 
(925 degrees Cent.). 


MECHANISM OF DECARBURIZATION 


Chemical reactions pertaining to decarburization of steel have 
already been discussed and it has been indicated that reaction [3a] 
which may be repeated as 


C (in sol.) + HzO = CO + H,z [3a] 


is the chemical reaction which is favored as being responsible for the 
decarburization of steel in a mixture of gaseous hydrogen and water. 
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Fig 8—Decarburized at 1550 Degrees Fahr. A—(Copper plated) heated 6 hr.; B— 
% hr.; C—1 hr.; D—2 hr.; E—4 hr.; F—12 hr. in three heatings, 4 hr. at 1500 de- 
grees Fabr., and then 4 hr. and 4 hr. at 1550 degrees Fahr. x 65. 
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It remains to be shown just where, relative to the body of the steel, 
this reaction takes place. 

Jominy (9), C. R. Austin (7), Webber (19), and others have 
cited the formation of definite bands of ferrite underneath the sur- 
face as evidence that the decarburizing gases diffuse into the steel and 
react at an interface from which the carbon monoxide diffuses to, 
and is liberated at, the surface. Baukloh and Knapp (16) maintain 
that the gas diffusion predominates up to 1560 degrees Fahr. (850 
degrees Cent.), at which temperature the diffusion of the dissolved 
carbon is faster than that of the gases and, consequently, no ferrite 
banding occurs where the decarburization is carried out above 1560 
degrees Fahr. (850 degrees Cent.). A glance at Fig. 11 is enough 
to show that banding can be obtained almost 100 degrees Fahr. 
higher. Naito (22) in working with white cast iron found banding 
below 1650 degrees Fahr. (900 degrees Cent.). Rowland and Up- 
thegrove (10), and Ledebur (17) have suggested that dissolved oxy- 
gen may migrate into the steel to the reacting interface, but fail to 
explain how the necessary reaction products can make their escape 
which indeed must be fast. Yensen and Sims in discussing the pa- 
per of Rowland and Upthegrove express doubt that the decarburiz- 
ing, chemical reaction takes place at some subsurface within the steel. 
Sims contends that the carbon diffuses as iron carbide through the 
ferrite, and that the chemical reaction takes place at the surface of 
the steel. He does not, however, explain the formation of ferrite 
bands, but confuses the issue by stating that carbon does not diffuse 
as well in alpha as in gamma iron. If there is ferrite banding and if 
the carbon is lost to the surface by diffusion in solid solution, the 
diffusion in alpha iron must be fast because nearly all of the carbon 
goes through the ferrite bands in a few hours. 

Averbukh and Chufaror (20) also contend that the carbon 
arrives at the surface from the interior by diffusion in solid solution. 

Any complete mechanism of decarburization must explain the 
following : 

(a) The manner in which the carbon moves from the interior 

to the surface of the steel; 
(b) The chemical reaction or reactions which take place and 
where ; . 

(c) The formation of ferrite and austenite layers under some 
conditions and why they are not formed under other circum- 
stances ; 
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Fig. 9—Decarburized at 1600 Degrees Fahr. A—'4 hr.: B—1 hr.; C—2 hr.; D- 
4 hr.; E—6 hr.; F—11 hr. in two heatings, 5 hr. at 1450 degrees Fahr. and 6 hr. at 
1600 degrees Fahr. X 65. 
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(d) The formation of a hypereutectoid, austenitic steel rather 
than a ferrite case on cast iron decarburized at some 1830 
degrees Fahr. (1000 degrees Cent.) ; 

(e) The fact that copper-plated steel does not decarburize even 
in wet hydrogen; and 

(f) The increase in rates of decarburization with increasing 
temperature up to some 1500 degrees Fahr. (815 degrees 
Cent.), a decrease in rates with increasing temperature 
from this point up to possibly 1600 degrees Fahr. (870 
degrees Cent.), and then an increase in rates as the tem- 
perature goes further upward. 

As has been pointed out, two general mechanisms have been 
proposed by various investigators: (a) the removal of carbon by 
the diffusion of gases, such as hydrogen, oxygen, water vapor, and 
carbon dioxide, into the interior of the steel where a reaction takes 
place with iron carbide at a subsurface to form iron and carbon 
monoxide or methane and the subsequent diffusion of the resultant 
gases to the outside of the metal; (b) the removal of carbon by its 
diffusion through gamma or alpha iron, in the form of dissolved 
iron carbide, to the surface, at which place gaseous compounds of 
carbon are formed, thus rendering the steel less rich in carbon. 
There are those who believe that both principles are at work simul- 
taneously, diffusion of gases predominating at the lower tempera- 
tures, diffusion of carbon predominating at the higher temperatures. 

The gas-diffusion theory becomes untenable when one realizes 
the following: 

(a) The steel sheet 0.064 inch thick containing 0.85 per cent 
carbon will decarburize to 100 per cent ferrite in 15 hours 
at 1500 degrees Fahr. (815 degrees Cent.) in hydrogen con- 
taining 20 per cent water vapor ; 

(b) Copper-plated steels do not decarburize (Fig. 8A), as long 
as the plate exists, in spite of the fact that gases: diffuse in 
copper (hydrogen, according. to Hendricks and Ralston 
(18) diffuses through copper at a temperature as low as 
500 degrees Cent.) ; and 

(c) Cast iron, where decarburized in wet hydrogen at 1830 de- 
grees Fahr. (1000 degrees Cent.), has a hypereutectoid 
steel case on the surface as contrasted to a ferrite case 
which is obtained within the critical range with lower car- 
bon materials. 
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Fig. 10—Decarburized at 1640 Degrees Fahr. A—¥% hr.; B—1 hr.; C—2 hr.; 
D—4 hr.; E—6 hr.; F—10 hr. in two heatings, 4 hr. at 1500 degrees Fahr. and 6 hr. 
at 1640 degrees Fahr. xX 65. 
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A photomicrograph shown by Baukloh and Knapp (16) sug- 
gests that the case is uniform in carbon content at about 1.3 per cent. 
The constancy of the carbon content within this case suggested the 
need for accurate analyses of carbon in some of the ferrite cases. 
Some analyses were made by taking shapings from samples which 
were decarburized at 1400 and 1500 degrees Fahr. (760 and 815 de- 
grees Cent.). These samples were 3 by 6 by 0.062 inches and were 
decarburized for 12 hours while they were lying flat on the bottom of 
the heat treating chamber. The lower side of the sample, after the 
entire specimen was pickled electrolytically, was sweated with solder 
to the face of a parallel bar 1 inch thick so as to render machining 
easier. 

The first layer-cut was 0.003 inch and was discarded to be sure 
that there were no surface impurities in the shapimgs. The next 
three layer-cuts were each 0.005 inch thick and gave 0.026, 0.026, 
and 0.027 per cent carbon in the piece heat treated at 1400 degrees 
Fahr. (760 degrees Cent.); the one heat treated at 1500 degrees 
Fahr. gave 0.015, 0.016, and 0.016 per cent. Another 0.005-inch 
slice further in analyzed 0.34 per cent for the 1400 degree Fahr. 
(760 degree Cent.) treatment, while another sliced from the piece 
heated at 1500 degrees Fahr. (815 degrees Cent.) gave 0.015 per 
cent. Obviously the shaper tool was getting into the center band of 
the piece heated at 1400 degrees Fahr. (760 degrees Cent.), but not 
so on the other. These results are very strong evidence that the car- 
bon in the ferrite case remains practically constant throughout the 
heat treatment. In order for this condition to prevail, it is neces- 
sary that the diffusion of carbon through alpha iron be rather fast. 
It is difficult to conceive, on the basis of the gas-diffusion theory, 
of the decarburizing gas passing up this carbon to get’ at the richer 
carbon area farther to the interior. 

Since eutectoid steel 0.064 inch thick will decarburize in 15 
hours at 1500 degrees Fahr. (815 degrees Cent.) in wet hydrogen, 
surely the metal must be a veritable honeycomb if the carbon is re- 
moved by such rapid diffusion of gaseous compounds. If the gases 
did diffuse in such a manner, one should not only be able to decar- 
burize but to dephosphorize, deoxidize, and desulphurize as well. 
Yet phosphorus, oxygen, and sulphur are not removed at the lower 
decarburizing temperatures. Sulphur and oxygen can be removed, 
however, at temperatures upwards of 2000 degrees Fahr. (1095 de- 
grees Cent.). 
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Fig. 11—-Same as Fig 10 Except Samples Reheated for % Hr. at 1550 Degrees 
Fahr. in Nondecarburizing Atmosphere to Give Normal Pearlite Structure. x 65. 
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Fig. 12—-Decarburized at 1700 Degrees Fahr. A—% hr.; B—% hr.; C—1 hr.; 
D—z2 hr.; E—4 hr.; F—6 hr.; G—10 hr. in two heatings, 4 hr. at 1500 degrees Fahr. 
and 6 hr. at 1700 degrees Fahr. X 65. 
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Fig. 13—Same as Fig. 12 Except Samples Reheated in Nondecarburizing Atmos- 
phere to Give Normal Pearlite Structure. x 65. 
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From this reasoning, the unique removal of carbon does not de- 
pend upon any property of iron or steel except its ability to dissolve 
and permit the diffusion of carbon in solid solution in either ferrite 
or austenite. It is believed that copper prevents carbon-loss solely 
by virtue of its property of not dissolving carbon. In the formation 
of any hypereutectoid case on cast iron, the net result on decarbu- 
rizing is the transference of carbon from the cast iron-center, through 
the hypereutectoid, austenitic case to the outside. If the diffusion of 
gases were causing the formation of the case, many metallurgists 
would of necessity be forced to adjust their thinking considerably 
to understand how the gases could pass through the austenite con- 
taining some 1.3 per cent carbon to get at the cast iron interior. 

This hypereutectoid case has just as definite a boundary line as 
do the lower carbon materials with a ferrite case. It seems entirely 
improbable that the definite boundary line could form as a result of 
the diffusion of gases into the metal. A difficulty of appreciating this 
analogy may result because of the inclination to regard ferrite as car- 
bon-free. This condition is not at all true. Carbon is dissolved in 
the ferrite. However, it is not distinguishable in the photomicro- 
graphs. Neither can carbon be seen in austenite, but it must be real- 
ized that the samples containing austenite at temperatures above 1335 
degrees Fahr. (725 degrees Cent.) will have a corresponding amount 
of pearlite after the samples are cooled fairly slowly to room temper- 
ature. The relative amount of pearlite is a measure of the carbon 
content, a sample containing 100 per cent pearlite contains 0.83 per 
cent carbon. It is possible, on very slow cooling, to precipitate free 
cementite even in the low carbon ferrite areas. 

The diffusion of carbon in solid solution is a sufficient hypothesis 
to explain all seemingly peculiar phenomena arising in various decar- 
burizing treatments. The low solubility of carbon in alpha iron has 
probably led many into accepting the erroneous gas-diffusion theory. 
The solubility’s being low proves nothing with regard to diffusion 
rates. It will presently be shown that the diffusion rate in alpha iron 
is faster, at least under some conditions of decarburizing, than it is in 
gamma iron, even though the solubility is much lower. Now that 
the gas-diffusion theory has been dispensed with and the carbon dif- 
fusion in solid solution of alpha and gamma iron been substantiated, 
it is necessary to proceed further to find out just how the diffusion 
may proceed under different conditions. Before going into details, 
it seems appropriate here to make the point that removal of carbon 
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Fig. 14—Decarburized at Various Temperatures. A—1275 degrees Fahr. 
for 12 hr.; B—1350 degrees Fahr. for 6 hr.; C—1400 degrees Fahr. for 6 hr.; 
D—1450 degrees Fahr. for 10 hr.; E—1500 degrees Fahr. for 12 hr. X 350. 
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Fig. 15—Decarburized at Various Temperatures. A—1500 degrees Fahr. 
for 6 br. (specimen 0.040 inch thick); B—1550 degrees Fahr. for 12 hr.; C— 
1690 degrees Fahr. for 11 hr.; D—1640 degrees Fahr. for 10 hr.; E—1700 de- 
grees Fahr. for 10 hr. Direction of decarburization toward the left in E. xX 350. 
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Fig. 16—Decarburized at 1500 Degrees Fahr. A—1 hr.; B—2 hr.; C—4 hr.; D— 
6 hr.; Specimens were 0.040 inch thick. X 100. 
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may be likened somewhat to the removal of air from a container 
with a vacuum pump. In both cases the power comes from without. 
The carbon is pulled out rather than being pushed out by the high 
carbon center. 

For the purpose of illustrating the mechanism which is being 
proposed here, results will be used which were obtained in heat treat- 
ments at 1275, 1400, 1500, 1600 and 1700 degrees Fahr. (690, 760, 
815, 870, and 925 degrees Cent.). In this connection Fig. 17 will 
be referred to frequently. It is felt that the small amount of silicon 
in the steel used will tend to raise the equilibrium diagram about the 
same as the manganese will tend to lower it. Therefore, the actual 
diagram for the steel used will be close to that of pure iron-carbon 
alloys. The eutectoid point will be a little farther to the left than 
that indicated. 

Point B represents a specimen heated to 1275 degrees Fahr. 
(690 degrees Cent.). Here the sample consists of two constituents, 
ferrite and pearlite, and if held here for a prolonged period in a neu- 
tral atmosphere, would eventually become spheroidized into a struc- 
ture consisting of ferrite and spheroids of cementite. It must be kept 
in mind then that during the decarburization there is also a tendency 
for spheroidization. ‘Consequently the results obtained at 1275 de- 
grees Fahr. (690 degrees Cent.) are the most difficult to understand 
clearly. There is only one saturated solid solution at this tempera- 
ture and it is represented as point J where the alpha iron probably 
contains about 0.015 per cent carbon. 

On observing Fig. 3 again it will be seen that there is no definite 
and distinct banding in the sense that there is a clear-cut straight line 
boundary between phases. Nonetheless there is banding. Any low- 
ering of the carbon in the ferrite from the saturation value (J) re- 
sults in the dissolution of carbon from many points where pearlite or 
free cementite is in contact with the ferrite, but the smaller the area 
the greater is the surface relative to volume and the greater is the 
solution tendency. Therefore eventually there will be an area at the 
surface with low carbon which will appear as a band but will contain 
visible, free cementite. 

On the contrary at 1400 degrees Fahr. (760 degrees Cent.), in- 
stead of there being two phases as at 1275 degrees Fahr. (690 de- 
grees Cent.), the steel is one homogeneous mass of austenite contain- 
ing 0.83 per cent carbon as represented by C on the Fe-C equilibrium 
diagram as shown in Fig. 17. On decarburizing, the average carbon 
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shifts from C toward G, the first small amount being lost directly, 
from the austenite at the surface, to the surrounding atmosphere. 
However, at the end of % hour, there was much ferrite at the sur- 
face with clear and distinct banding well underway. From rather 
broad observations of decarburization under a variety of conditions, 
the conclusion has been drawn that, at the operating temperature, 
there is only one phase at or near the surface of the steel. At 1400 
degrees Fahr. (760 degrees Cent.), then, the surface composition 
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Fig. 17—A Portion of Iron-Carbon Equilibrium Diagram, Taken 
from Metat Procress, Vol. 36, 1939, p. 372. 
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must either be between C and G or lower than K; there can be no 
surface composition between K and G. 

What determines, then, whether the surface carbon content is 
lower than K or higher than G in a 1400 degree Fahr. (760 degree 
Cent.) heat treatment? It is the speed of the surface reaction. If 
it is faster than some critical value for a specific steel, the carbon will 
be lower than K;; if it is slower, the carbon will be higher than G. 
If the decarburization is terrifically slow, the steel will be rather ho- 
mogeneous throughout at all times until the average carbon decreases 
to point G. Thus all the decarburization which takes place in lower- 
ing the carbon from 0.83 to 0.50 per cent will be effected with aus- 
tenite at the surface of the steel. Under such conditions the change 
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from C to G takes a very long time, the carbon changing very grad- 
ually throughout the entire specimen. 

Once the average carbon is 0.50 per cent (G), the carbon in the 
surface-layer can no longer change gradually. If the carbon at the 
surface becomes less than 0.50, it must drop all the way to 0.026 per 
cent, as represented by K. Therefore, any ordinary steel will decar- 
burize at 1400 degrees Fahr. (760 degrees Cent.) with banding, if 
the average carbon is reduced to something less than 0.50 per cent, 
regardless of how slow the reaction may be. Fast decarburization, 
such as that encountered in the experiments reported here, will give 
banding almost immediately due to the carbon’s inability to diffuse 
to the surface in the austenite as fast as required by the speed of 
the chemical reaction at the surface. 

After the banding has commenced, there are five distinct regions 
in the chain of activity which should be considered: 

(a) The gas region wholly separated from the steel, 

(b) The contact surface of gas and steel, 

(c) The ferrite layer, 

(d) The interface between ferrite and austenite, and 

(e) The austenite, center layer. 

Schematically as a chain of events illustrating the flow of carbon, 
these steps may be shown as: 

Carbon from (e) through (d) to (c) through (b) to (a). 
There are only regions (a) and (e) which are not close to equi- 
librium as the decarburization proceeds. In other words (a) and 
(e) govern largely the speed of the decarburization. Faster diffu- 
sion in (e) will induce faster decarburization; the nature of the gas 
in (a) will also affect the speed. It has been shown by analysis that 
the ferrite (c) is constant in carbon content throughout its width. 
This being true, it is in order to inquire as to how the carbon diffuses 
through the ferrite layer. It certainly seems to be paradoxical that 
carbon could diffuse through the ferrite layer without there being a 
change in carbon content within the layer. The only way that this 
can happen is for the atoms of carbon to move up to a position for- 
merly occupied by other atoms which, in turn, have already moved 
forward the tiny unit distance closer to the surface. The space va- 
cated by one atom is quickly occupied by another moving in behind 
it. The whole phenomenon of diffusion through the ferrite may be 
likened to an automobile assembly line where one automobile is 
started as one comes off. The phenomena are unlike in that the auto- 
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mobiles may be regarded as being pushed off, while the atoms of car- 
bon are pulled off. It is not, however, certain that this condition 
exists all the way to the surface. There may be a very thin region 
just at the surface where there is a carbon gradient. 

Many observations of the interface between the austenite and 
ferrite at high magnification (> 500 to 1000) have led to the conclu- 
sion that the carbon content in the two phases is always quite close 
to, if not equal to, that represented by G and K. If the carbon con- 
tent at G is 0.500 per cent and at K is 0.026, then it follows that a 
space just inside the austenite layer which contains 500 atoms of car- 
bon will be converted to ferrite containing 26 atoms of carbon, but 
474 atoms of carbon must, in the process, have been lost, not only 
from the austenite layer, but also from the steel specimen itself. It 
may be more simply put by saying that 


20C (in austenite) = 1C (in ferrite) + 19C (in gas). [4] 


The evidence is clear that there is a condition close to equilibri- 
um in regions (c) and (d) and that equilibrium does not exist in the 
austenite until its average carbon is that represented by G. An analy- 
sis of the gas coming from the reaction chamber will suffice to show 
that it is not of equilibrium composition. As far as region (b) is 
concerned, it can only be conjectured that equilibrium exists there. 
Assuming that the condition of equilibrium is approached, one might 
arrive at the conclusion that the decarburizing rate is constant with 
time. In actual fact this condition is far from the truth. A further 
reflection will make it clear that, the longer the chain of carbon atoms 
in the ferrite layer, the more energy will be required to move the 
entire chain a single unit distance. The decarburizing rate, where 
there is ferrite banding, will decrease with time in spite of the con- 
stancy of carbon in the ferrite layer. 

It is unfortunate that the magnification in Fig. 5 is too low to 
resolve the pearlite just inside what was the austenite layer at the 
heat treating temperature. It could not be resolved very well in the 
specimen as shown anyway because of the necessity of over-etching 
the pearlite in order to show clearly the ferrite grain structure. An 
examination of Figs. 7G, 8F, 9F, 11F and 16D will reveal that the 
austenite just inside the inner band is of the composition which is in 
equilibrium with ferrite at the temperature in question. The same 
type of thing may be observed in Fig. 14 C, D and E and in Fig. 15 
A, B, Cand D. Attention should be called to the difference in Figs. 
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10F and 11F. In the latter there is a normal structure due to the re- 
heating and, therefore, the structure just inside of what was the aus- 
tenite layer at the operating temperature is ferrite free of pearlite 
because the carbon content in the austenite was not high enough to 
yield pearlite in the normal structure. On the faster cool-down (Fig. 
10F), some sorbite was produced and is shown as the small black 
areas. In this connection it is interesting to note that the cool-down 
of the sample shown in Fig. 1OE was fast enough to produce troostite 
even in the center of the strip where the high carbon was. 

In the region at and just above the lower critical, the chain of 
events is not that which has been depicted above. The transfer of 
carbon from austenite to ferrite, under the condition in which the 
experiments were carried out at 1350 degrees Fahr. (730 degrees 
Cent.), became the weak link in the chain. There just simply was 
not enough surface between austenite and ferrite in the bands to 
provide the rate of transfer called for by the rate of reaction at the 
surface. Consequently the austenite was broken into islands which 
were surrounded by ferrite. There was still banding but there was 
no austenitic center layer at the operating temperature once the aus- 
tenitic islands were formed. 

In Fig. 14C just to the left of the ferrite can be seen ferrite 
and péarlite which were a single phase (austenite) at 1400 degrees 
Fahr. On the contrary 14B shows, in a similar region, ferrite and 
pearlite which were not a single phase at 1350 degrees Fahr. (730 
degrees Cent.). The ferrite was also ferrite at 1350 degrees Fahr., 
but the pearlite was austenite in the islands to which reference has 
been made. Where the condition prevails in which islands of austenite 
are formed, there is no formation of columnar grains in the ferrite. 

The results obtained at 1500 degrees Fahr. (815 degrees Cent.) 
can be predicted from the iron-carbon equilibrium diagram (Fig. 
17). In the initial condition the steel is austenite of uniform compo- 
sition as shown at D. Again the first decarburization takes place at 
the surface from austenite, but the diffusion in austenite is entirely 
too slow to keep up with the demands of the decarburizing gas and 
banding sets in immediately in the formation of a ferrite layer con- 
taining about 0.015 per cent carbon. The composition of the aus- 
tenite just inside the center layer should be represented by H where 
the carbon content is 0.23 per cent. In the normal structure at room 
temperature this amount of carbon would give about 28 per cent 
pearlite (black in Figs. 7G and 14E). 
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At 1600 degrees Fahr. (870 degrees Cent.), the steel is repre- 
sented by point E in Fig. 17. The processing under the conditions 
used in this work causes immediate banding in spite of the fact that 
the ferrite produced contains only 0.006 per cent carbon. The aus- 
tenite just inside the center layer is represented by I at some 0.075 
per cent carbon which at room temperature should result in about 9 
per cent pearlite. An examination of the area just to the left of the 
ferrite band in Fig. 15C will reveal such an amount. At this point, 
it is well to call attention to the banding in the samples heated at 
1640 degrees Fahr. (895 degrees Cent.). It is estimated that the 
carbon content can be no more than 0.0022 per cent in the ferrite 
layer. Indeed it seems strange that the carbon can pour through an 
area, so poor in carbon, so fast that the diffusion in the austenite 
layer cannot keep the pace. An examination of Fig. 10C will re- 
veal a distinctly sharp gradient in the austenite layer demonstrating 
without question the property of fast diffusion through ferrite con- 
taining no more than 0.0022 per cent carbon. In spite of the length 
of this work, it is still to be desired that the investigation be carried 
further toward the A, point for pure iron. According to the diagram 
(Fig. 17) this temperature is 1660 degrees Fahr. (905 degrees 
Cent.), a mere increase of 20 degrees Fahr. over the heat treatment 
at 1640 degrees Fahr. (895 degrees Cent.). 

The writer has not yet made an investigation into this region 
because the small range of temperature requires accuracy which could 
well be regarded as an essential demanding a lengthy investigation. 
For indeed if the A, point is 1660 degrees Fahr. (905 degrees Cent.), 
one cannot allow a broad tolerance if the range in temperature is a 
mere 20 degrees Fahr. 

Theoretically there must be some temperature below the critical 
at which the carbon content of the ferrite is so low that the austenitic 
diffusion can keep the pace and, therefore, at this temperature there 
will be a considerable time before banding ensues. Yet, the experi- 
mental evidence shows that this point is so close to the critical that it 
might as well be regarded that banding takes place up to the A, criti- 
cal point for pure iron. This contention is in direct opposition to the 
conclusion arrived at by Baukloh and Knapp (16) who maintain that 
the gas diffusion predominates only up to 1560 degrees Fahr. (850 
degrees Cent.). Gas diffusion with these investigators is synony- 
mous with ferrite banding. 

Above the A, critical point, 1700 degrees Fahr. (925 degrees 
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Cent.) has been selected as the temperature at which the processing 
should be carried out. A quick glance at Fig. 12 is enough to be con- 
vincing that the cool-down was too fast to get normal structures. The 
reheating, according to Fig. 13, did give normal structures. There 
just is not any question as to banding; there is not any. 

The steel starts the heat treatment at point F (Fig. 17) and 
there is a gradual carbon gradient developed soon after the heat 
treatment is started (Fig. 13). It should be recalled that regardless 
of carbon content, an ordinary steel is austenitic at 1700 degrees 
Fahr. (925 degrees Cent.). Now if it were possible to cool the sam- 
ple without the migration of any carbon whatsoever, a surface layer 
varying from 0 to 0.035 per cent carbon would appear as ferrite; the 
rest of the specimen in the center will have pearlite in a ferrite 
matrix. The amount of pearlite increases from the region at which 
the carbon is 0.035 per cent carbon toward the center. Any ferrite 
band thus formed is not directly due to the decarburization at 1700 
degrees Fahr. (925 degrees Cent.) but rather to the cool-down. Fur- 
thermore any such band has no definite straight line boundary (see 
Figs. 13G and 15E). It is not surprising, however, that Rowland 
and Upthegrove (10) obtained distinct bands in steel decarburized 
above the A, point for pure iron where they allowed such a long time 
for the cool-down. 

The decarburization which takes place above the upper critical 
point for pure iron involves only the diffusion of carbon through 
gamma iron and its subsequent oxidation at the surface. It follows 
that a smooth carbon gradient exists from the surface to the center. 

Decarburization of white cast iron at 1830 degrees Fahr. (1000 
degrees Cent.), according to Baukloh and Knapp (16), produces a 
hypereutectoid steel case whose carbon content is that represented by 
the A,» point. In this sample, the center band is a mixture of aus- 
tenite and cementite. The outer band of hypereutectoid steel is uni- 
form in composition as long as the center band is present. The fer- 
rite bands on the eutectoid steel are just as uniform in composition. 
Rowland and Upthegrove (10) have published analyses of peripheral 
turnings which indicate that the carbon content of the ferrite bands 
is constant. 

As the temperature is raised from 1335 degrees Fahr. (A, 
point), the solubility of carbon in alpha iron decreases to 0 at 1660 
degrees Fahr. (905 degrees Cent.) (A, point for pure iron), but the 
increased temperature tends toward faster diffusion for a specific 
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carbon concentration. Consequently there must be some intermediate 
temperature at which the carbon loss is fastest. This temperature is 
around 1500 degrees Fahr. (815 degrees Cent.) where hydrogen con- 
taining 20 per cent water vapor by volume is used. Other gases 
might give a different optimum temperature. 

Ordinarily, in thinking of a trip across the iron-carbon equilibri- 
um diagram, one usually restricts himself to a change, in tempera- 
ture only, and the journey is essentially a vertical one, either up or 
down, as may be recalled when phase changes are considered on heat- 
ing or cooling. Decarburization, at constant temperature, is much 
the same except the trip is horizontal and always toward zero per 
cent carbon. 


SUMMARY 


In recapitulation, the mechanism of decarburization which has 

been presented does explain: 

(a) How the carbon is removed from the interior to the surface 
of the steel, 

(b) The chemical reactions which take place at the surface, 
thus forcing the diffusion, 

(c) The formation of ferrite bands in some cases but not in 
others, 

(d) The formation of a hypereutectoid steel rather than a fer- 
rite case on cast iron where it is decarburized above the A, 
point for pure iron, 

(e) Why copper-plated steel does not decarburize, and 

(f) The anomalous variation in rates with a change in tempera- 
ture. 
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DISCUSSION 


Written Discussion: By Dr. Armand Di Giulio, consulting engineer, 
Book Building, Detroit. 

[ consider it a privilege to have the opportunity of discussing this paper. 
The author presents new ideas on the subject, but before accepting them, one 
must critically review the information presented in the light of existing data. 

In the chemical reaction indicated in Equations 3 and 3a, the author uses 
the molecular formula for water. Does this imply that at the heat treating 
temperatures water exists only in the molecular state; and, if so, why then do 
not greater amounts of water in hydrogen result in a greater decarburization 
rate? 

The author emphasizes the experiment in which copper plated steel did 
not decarburize. He explains this phenomenon on the basis of the fact that 
carbon, being insoluble in copper, would not escape from the surface of the 
steel. In this, he seems to exclude completely the possibility of copper oxide 
being formed at the heat treating temperatures, and being responsible for the 
nondecarburization due to the formation of a protective oxide layer. 

The author maintains that the decarburization takes place only at the | 
surface of the steel. If this view is accepted, it is hard to explain how the 
“band,” that is the decarburized layer, should exhibit such a sharp line of de- 
marcation next to a carbon-rich area inside the steel. 

Upthegrove and Roland (TRANsActTIoNS, American Society for Metals, 
Vol. 24, page 123) have proven that the oxygen content in the decarburized 
layer increases very markedly. In view of this fact, how does the author 
explain this increase in the oxygen content of the ferrite while excluding the 
gas diffusion theory? 

Written Discussion: By Clair Upthegrove, professor of chemical and 
metallurgical engineering, University of Michigan, Ann Arbor, Mich. 

Mr. Pennington has presented an interesting paper dealing with some of 
the controversial factors involved in a mechanism for the decarburization of 
steel. The author, in introducing the subject, has placed particular emphasis 
on the question of physical equilibria as opposed to chemical equilibria, and 
states that “by stressing this phase of the process, it is hoped a more logical 
and complete mechanism can be evolved.” This discusser must confess that 
it is not clear to him just how the author has stressed this phase of the process. 
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In dismissing the mechanisms, involving gas diffusion or possible reac- 
tions below the surface of the steel, the author has cited the failure of the 
copper plated steel to decarburize in a hydrogen water vapor atmosphere, 
pointing out that hydrogen diffuses through copper at temperatures as low as 
500 degrees Cent. (930 degrees Fahr.). In view of the generally accepted 
use of copper plating of steel to prevent carburization, one would hardly ex- 
pect the reverse process—decarburization—to take place. The work of Baukloh 
and Knapp was also cited, particularly the case of a 4.2 per cent carbon iron, 
which showed a hypereutectoid boundary layer after treatment in flowing 
hydrogen at one atmosphere pressure, for 3 hours at 1000 degrees Cent. 
(1830 degrees Fahr.). In considering the decarburization of this alloy, it 
should be borne in mind that the initial carbon content is well above the 
carbon concentration of the gamma or austenite solution at 1000 degrees Cent. 
(1830 degrees Fahr.); in fact, it is roughly 3 per cent greater. As a 
result, the boundary layer formed in the decarburization is not a ferrite layer 
but a hypereutectoid boundary layer whose carbon content is determined by 
the SE or cementite-austenite boundary line of the iron-carbon diagram. 
Baukloh and Knapp, in their paper on decarburization with hydrogen, state 
that two factors, namely—the rate of diffusion of the carbon and the equilibria 
in the iron-carbon-hydrogen system—govern the formation of this decarburized 
boundary layer, corresponding in composition to the cementite-austenite bound- 
ary at 1000 degrees Cent. (1830 degrees Fahr.). Baukloh and Knapp assume, 
(a) hydrogen penetrates into the iron, (b) formation of methane (CH,) at 
a sub-interface, if the rate of reaction of carbon with hydrogen is greater than 
the rate of diffusion of the carbon, and (c) a continued removal of fhe 
methane formed. Because of the high initial carbon content and the rapid 
diffusion of the carbon at 1000 degrees Cent. (1830 degrees Fahr.), the bound- 
ary layer, as formed during the decarburization, maintains a relatively high 
methane concentration, thus preventing attack by the hydrogen on the carbon 
of the gamma or austenite boundary layer. 

The reasoning, advanced by Baukloh and Knapp, offers a logical explana- 
tion for the maintenance of a hypereutectoid boundary layer, a phenomenon 
which it would seem would be rather difficult to satisfactorily explain by any 
mechanism which allowed only for surface reactions. The same type of rea- 
soning applies equally well to the formation of the ferrite boundary layers in 
the lower carbon alloys. 

The author’s use of the terms banding, or ferrite banding, is confusing, 
in that the terms have been generally used in a very different sense. Most in- 
vestigators in this field have considered the phenomenon, referred to by the 
author as ferrite banding, as the formation of columnar ferrite. The forma- 
tion of columnar ferrite, it is believed, is satisfactorily explained on the basis 
of our usual concepts of grain growth. 

Written Discussion: By H. Edward Flanders, assistant chairman, 
Armour Research Foundation, Chicago. 

Dr. Pennington has presented a paper on decarburization which is filled 
with information and suggestion. By recognizing the necessary phase rela- 
tions which arise as the average carbon content becomes less than that repre- 
sented by the As line, he has shown the genesis of the banding condition which 
usually exists when decarburization is sufficiently rapid and has attempted to 
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make some explanation of the peculiar conditions of columnar grains which 
sometimes occur. 

The explanation of the mechanism of carbon removal which is based on 
the constant carbon content of the ferrite band is rather confusing in that the 
process of diffusion of a constituent through metal usually implies a concen- 
tration gradient. The situation depicted is somewhat difficult of appreciation. 
The only alternative seems to be the possibility of much greater diffusion 
velocities along the grain boundaries. 

With the two separate phases acting as media through which carbon 
is transferred from the central portion of the steel to the surface, one can 
visualize two separate systems operating under the laws of diffusion peculiar 
to each. Until the carbon content at the midthickness is reduced below the 
eutectoid composition the limits of carbon content in the austenite are 0.80 
per cent and whatever composition is represented along the As line for the 
particular temperature. The distance between these two composition limits 
depends on the rate of carbon removal from the interface through the ferrite 
and rate of supply to the interface through the austenite. 

Data taken from the figures given by Dr. Pennington by measuring the 
austenite-ferrite interface depth in sixteenths of an inch are presented in 
Table A and Fig. A herewith. The increasing initial rate of decarburization 
as temperature rises to about 1600 degrees Fahr. (870 degrees Cent.) is 
apparent. The reduced rate of ferrite formation is equally apparent at the 
high temperatures. Any attempt to study these curves as a result of diffu- 
sion is not intended here. Had the samples been cooled somewhat more 
slowly so that pearlite and ferrite had been formed, a better approach to a 
study of diffusion would have been available. Such a method would have 
permitted the estimation of carbon contents at different depths. 





Table A 





Selected Data for Decarburization Study 
Temp. ——Average Depth of Ferrite After—Hours 
"Fy: 4 1 2 4 6 8 10 12 Remarks 
1275 1.0 2.0 2.2 4.2 6.0 iD 
1350 2.9 3.6 i 9.2 2.4 pets 
1400 a2 3.5 6.5 9.6 13.0 19.2 *Two heatings. 
1450 2.2 4.1 7.0 11.0 13.8 we. ae sles 
1500 2.2 3.0 7.0 13.1 wa) TOM Pace (18.0* 10 hrs.) (21.5 12 hrs.) 
Completion in 16 hrs. 
1550 3.0 4.2 oo. ee card 20.5* 
1600 3.0 4.0 5.2 72; | Se pats, —_ ele 13.2° 11 hes. 
1640 1.7 2 3.0 3.3 5.5 1ig.$*” 
1700 39.2.3 3.0 3.5 4.5 4.0 3,5* 





The iron-carbon diagram given by Dr. Pennington is only slightly differ- 
ent from that presented by Wells.” The latter is presented as Fig. B and on 
it a broken line is drawn to show an estimate of the solubility of iron carbide 
in alpha iron. The position of this line was calculated on the assumption that 
the carbon content in ferrite divided by the equilibrium carbon content in the 
austenite represents the distribution ratio and, when this is multiplied by the 


“Cyril Wells, “Graphitization in High Purity Iron-Carbon Alloys,” Transactions, 
American Society for Metals, Vol. 26, 1938, p. 289. 
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carbon content of saturated austenite, the saturation content of ferrite is given. 
Data from which the line was calculated are given in Table B. It may be 
added that the distribution ratio of carbon between delta iron and gamma 
iron is 0.44 and when this is referred to the solubility of carbon in liquid 
iron the solubility of carbon as iron carbide in delta iron at the peritectic 
temperature is about 0.71 per cent. Data for this calculation were taken 
from those on the constitution diagram in the A.S.M. Metats HANpDBOOK. 





Interface Deoth in “ie Inches ~ Vertical Scale V4 Inch per Inch 





O 2 4 6 
7imeé, Hours 


_ Fig. A—Depth of Decarbu- 
rization After Different Times 
and Temperatures. 


The activity of iron carbide in the austenite is the same as the equilibrium 
iron carbide content in the alpha iron. This does not mean that the reaction 
rate is the same when concentrations of equivalent activity are exposed to the 
decarburizing gases. However, Dr. Pennington claims that the reaction rate 
at the surface of ferrite is very high. 

The rate of reaction at the gas-metal interface should be somewhat de- 
pendent on the displacement from equilibrium concentrations of the gaseous 
products. If one assumes that the activity of iron carbide in alpha iron is 
measured by the fractional saturation of iron carbide in the austenite, the 
equilibrium conditions may be calculated. This can be compared with any 
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Table B 
Data for Calculation of Solubility cf Iron Carbide as Carbon in Ferrite 
Ratio of 
Per Cent C Fractional 

—-Temperature— -—Per Cent Carbon in— in Ferrite to Per Cent C Saturation 
Degrees Degrees Aus- Saturated Per Cent C in Ferrite of Carbide 
Fahr. Cent. Ferrite  tenite Austenite in Austenite at Saturation in Austenite 
1333 723 0.045 0.80 0.80 0.056 0.045 1.00 

1350 732 0.043 0.72 0.82 0.060 0.049 0.88 
1400 760 0.036 0.52 0.89 0.068 0.061 0.58 
1450 788 0.029 0.36 0.95 0.081 0.077 0.38 
1500 816 0.023 0.23 1.02 0.100 0.102 0.23 
1550 843 0.017 0.15 1.08 0.113 0.122 0.14 
1600 871 0.009 0.07 1.15 0.129 0.148 0.06 
1640 893 0.004 0.03 1.20 0.133 0.160 0.025 

1661 910 0.000 0.00 1.24 eas pis iow 0.000 

(1) (2) (1) 
(1) Calculated by assuming a straight line. 
(2) Estimated from enlarged figvre. 








= 
t— Solubility of Graphite mn Austemtef r | % 
Solubility of tron Carbide in Austenite a 


Theoretical Solubility 
“of Carbide in @ Iron 


820 


Temperature 





Carbon, Yo 


__ Fig. B—Iron Carbon Diagram from Wells with Estimated Solubility 
of Iron Carbide in Ferrite. 


; estimate of composition which may be present during decarburization. It is, 
however, questionable whether the full activity of carbon represented at the 
ferrite-austenite interface is present at the gas-metal interface but Dr. Pen- 
nington’s data indicate this to be nearly true. 

Throughout the temperature range covering these studies, the thermo- 
dynamic equations for the several substances pertinent can be expressed in 
simplified form. These are: 


l. Hz: + %0:— H:0 AF = — 59330 + 13.636T 
2. C+%0O--CO AF = — 26245 — 21.450T 
3. C-+3Fe(vy)—FeC(B) 4F= 2340 — 2.1606T 
4. 3 Fe (a2) 3 Fe (7) AF => 798 — 0.570T 
5. 3Fe(¢)+C—FeC(B) 4F= 3138 — 2.7306T 
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The free energy curves for equations 1 and 2 were taken from Lewis and 
Randall,* for 3 from Seltz, McDonald and Wells‘ and for 4 from Maurice 
deKay Thompson.’ 

By combining these equations the decarburizing reaction under study can 
be analyzed. The result is: 

Fe:;C + H.O — 3 Fe (2) + Hz: + CO. 
AF = 29950 — 32.355 = — 2.303RT log K 
6539 


Log K = — + 7.065 





T 


Pu, x Pco x Are(a) 
K sineenensieapeeesiineedasianinialibiciaass 





Pu.o x AFe.c 


Tabulated data for temperatures used by Dr. Pennington are given in 
Table C. 


Table C 


Calculation of Relative Partial Pressure of CO in Decarburizing Reaction 
for Equilibrium Conditions 





Temperature———, 


De De- De- Fractional 
grees grees grees Saturation of Fe,C -—Partial Pressure— 
Fahr. Cent. Kelvin Log K K in Austenite H.O He CO 
1275 691 964 0.282 1.9 1.00 0.20 0.80 0.48 
1350 732 1005 0.059 3.6 0.88 0.20 0.80 0.80 
1400 760 1033 0.735 5.4 0.58 0.20 0.80 0.79 
1450 788 1061 0.902 8.0 0.38 0.20 0.80 0.76 
1500 816 1089 1.060 11.5 0.23 0.20 0.80 0.66 
1550 843 1116 1.206 16.1 0.14 0.20 0.80 0.56 
1600 871 1144 1.349 22.3 0.06 0.20 0.80 0.33 
1640 893 1166 1.457 28.6 0.025 0.20 0.80 0.18 


The above calculations can be only considered as general. A slight shift 
in the calculation of the free energy could change the magnitude of the par- 
tial pressure markedly but should not change the relative order. However, 
there is a considerable similarity between the partial pressure of CO and the 
slopes of the lines as drawn in Fig. A at, say, 1 hour. When the ratios 
of the estimated slopes to the partial pressures are divided by the correspond- 
ing temperatures the quotient is reasonably constant indicating that the rate 
of reaction at the metal-gas interface is related to the free energy potential 
existing. 


ADDENDUM 


Another approach to the estimation of the solubility of carbon as carbide 
in ferrite may be had by assuming that the distribution ratio of carbon between 
austenite and ferrite or delta iron is a linear function of temperature between 
723 and 1492 degrees Cent. The corresponding distribution ratios are 0.056 


8Lewis and Randall, ‘‘Thermodynamics,” published by McGraw-Hill Book Co., New 


York. 

‘Harry Seltz, Hugh J. McDonald and Cyril Wells, “Heat Capacity of Iron Carbide 
from 68 to 298 Degrees Tis and the Thermedynamic Properties of Iron Carbide,”’ Transac- 
tions, American Institute of Mining and Metallurgical Engineers, Vol. 140, 1940, p. 263. 


SMaurice deKay Thompson, “The Total and Free Energies of Formation of the Oxides 
of Thirty-Two Metals,’’ The Electrochemical Society, Inc., New York, 
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and 0.44 respectively. The resulting equation is 

Ka = 0.0005C — 0.305 
where C is the Centigrade temperature and Ka is the distribution coefficient. 
By applying this equation to the calculation of the coefficient over the range 
between 723 and 910 degrees Cent. the data given in Table D result. 


Table D 
Calculated Values of Distribution Coefficient for Carbon between Ferrite and Austenite 





Solubility of Carbon 





Temperature— - --Distribution Coeffiicient— as Carbide in Ferrite— 

Degrees Fahr. Degrees Cent. Cale. Table B Calc. Table B 
1333 723 0.056 0.056 0.045 0.045 
1350 732 0.061 0.060 0.059 0.049 
1400 760 0.075 0.068 0.067 0.061 
1450 788 0.089 0.081 0.085 0.077 
1500 816 0.103 0.100 0.105 0.102 
1550 843 0.116 0.113 0.125 0.122 
1600 871 0.130 0.129 0.150 0.148 
1640 893 0.141 0.133 0.169 0.160 
1661 919 0.150 seceecd 0.186 a abe 


A similar method might be used to calculate the theoretical solubility of 
carbon in austenite at temperatures above the eutectic. 

Written Discussion: By J. K. Stanley, research engineer, Research 
Laboratories, Westinghouse Electric Corporation, East Pittsburgh, Pa. 

The mechanism of decarburization from austenite has been explained and 
calculations have even been made which give good agreement with experiment, 
i.e., decarburization curves are calculable from a knowledge of the diffusion 
coefficients of carbon.” * It is only when decarburization is carried out in the 
critical range and below that the mechanism of decarburization is to be ex- 
plained. This Dr. Pennington has attacked quite well but a study of the 
paper shows that the mechanism is not fully explained. Actual carbon analyses 
as a function of the thickness would go a long way in making his study more 
amenable to mathematical study. 

The literature on decarburization is considerably more extensive than 
indicated by Pennington; the work of Bramley and Allen’ is noticeably miss- 
ing. The list of references, as compiled by Low and Gensamer,* is quite com- 
plete and should be mentioned here as a matter of record. 

It seems to the writer that equation 1 in the author’s paper® is unecessary 
and misleading, unless the author wants to keep a tie with the past. It is not 
believed to be in agreement with present ideas of the solid state.” 

The atomic theory offers litthke encouragement for the supposition that 
solid solutions are molecular. Molecular solutions have been proposed often but 


®8J. K. Stanley, “Steei Carburization and Decarburization,’’ Jron Age, Vol. 151, 1943, 
Jan. 21, p. 31; Jan. 28, p. 37; and Feb. 4, p. 52. 
7A. Bramley and K. F. Allen, ‘‘The Loss of Carbon from Iron and Steel When Heated 
in Decarburizing Gases,’’ Engineering, Vol. 133, 1932, p. 92, 123, 229, 305. 
8J. R. Low, Jr. and M. Gensamer, “Aging and the Yield Point in Steel,” Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 158, 1944, p. 207. 
*From the author’s paper: 
FesC (in sol.) + COs 3 Fe + 2 CO (1) 
or ‘ 
C (in sol.) + COs 2 CO (la) 
See for example T. D. Yensen and C. H. Herty, Jr., ‘“‘Terminology Relating to Non- 
metallic Elements in Metals,’’ Metals Technology, 1934. 








98 TRANSACTIONS OF THE A. S. M. Vol. 37 


there is no evidence for them. The best evidence” points to the fact that solute 
atoms of carbon are distributed in the interstitial spaces of the solvent iron. 
Only when this solid solution has decomposed do we find FesC. 

Dr. Pennington asks the question just where does the reaction between the 
metal and atmosphere take place? That is an old question but I think it has 
been satisfactorily answered some time ago. Reaction of a molecular gas at 
some subsurface is antagonistic to ideas of atomic solid solutions. This mech- 
anism implies the diffusion of a polyatomic gas through a crystal composed 
of arrays of atoms as if the metal were a sieve. This has not been demon- 
strated. It is more logical to say that carbon diffuses to the surface of the 
metal under the influence of a concentration gradient. Here the atmosphere 
reacts with the carbon at the gas-metal interface impoverishing the surface. 
The reverse is true for carburization. The atmosphere reacts with the iron 
at the gas-metal interface depositing atomic carbon. This carbon then diffuses 
into the iron under the influence of the concentration gradient. Bramley and 
Lord” find the molecular diffusion theory untenable for carburization as did 
Takahashi.” 

One of the interesting phases of this work is that when ferrite banding 
occurs and carbon is lost to the surface by diffusion in the solid state, the 
diffusion in alpha iron must be extremely rapid because nearly all of the 
carbon goes through the ferrite bands in a few hours. How this can be ac- 
complished through a phase which has a very limited solid solubility (0.035 
per cent carbon at 725 degrees Cent. and decreasing up to 910 degrees Cent.), 
while the core is still eutectoid, is somewhat puzzling. One would expect at 
first glance a concentration gradient, small as it might be. Yet Dr. Penning- 
ton states that the carbon in the ferrite case remains practically constant 
throughout the heat treatment. Although more refined methods of analysis“ 
for minute amounts of carbon might show some concentrational yariation of 
carbon, it does not appear that carbon can diffuse rapidly in alpha iron because 
of low solubility and a low concentration gradient. 

Now, what might actually happen is that most of the carbon is leaving 
the core by grain boundary diffusion through the ferrite region. This is a 
mode of diffusion which is possible and highly probable here. It is known 
that differences in diffusion through the crystal or through the grain bound- 
ary may be very great; for example thorium in tungsten at 2400 degrees 
Keivin diffuses 100 times as rapidly through the grain boundary as it does 
through the grain.” See also Mehl’s discussion on this subject.” 

The combination of grain boundary diffusion and the high carbon core may 
also be the cause, in some as yet unexplained manner, of the columnar crystals. 


l1iSubject is discussed in footnote 6. 


122A. Bramley and H. D. Lord, “The Gaseous Cementation of Iron and Steel. Part VT. 
The Nature of the Diffusion of Carbon,” Iron and Steel Institute, Carnegie Scholarship 
Memoirs, Vol. 18, 1929, p. 1. 


18G. Takahashi, ““The Mechanism of Carbon Penetration in the Cementation of Iron 
and Steel,” Science Reports of Tohoku Imperial University, Sendai, Vol. 17, 1928, p. 761. 


4J. K. Stanley and T. D. Yensen, “Rapid Method of Determining Minute Quantities 
of Carbon in Metals,” Jndustrial and Engineering Chemistry, Analytical Edition, Vol. 17, 
1945, p. 699-702. 


15]. Langmuir, ““Thoriated Tungsten Filaments,” Journal, Franklin Institute, Vol. 217, 
1934, p. 543. 


%*R. F. Mehl, “Diffusion in Solid Metals,” Transactions, Institute of Metals Division, 
American Institute of Mining and Metallurgical Engineers, Vol. 122, 1936, p. 11. 
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The reservoir of carbon on the core side gives rise to a high gradient and 
this carbon moves directly from the core in the shortest and least resistant path, 
i.e., along the boundaries of the columnar grains. 

Written Discussion: By H. W. McQuaid, metallurgist, Republic Steel 
Corp., Cleveland. 

I am much interested in this paper which I believe is a very important 
contribution to our understanding of the mechanism of decarburization and 
perhaps carburization of steel. Dr. Pennington’s discussion of the dual action 
of moist hydrogen checks well with my experience. The action of the oxygen 
in uniting with the iron carbide at the surface of the steel to form carbon 
monoxide, and also with the ferritic surface to form an oxide, is easily appar- 
ent and the function of the hydrogen to prevent the formation of any oxide 
at the surface is also quite probable. We know that in the reduction of iron 
oxide by hydrogen the maximum activity is obtained at approximately 1100 
degrees Fahr. (595 degrees Cent.), and the activity decreases as the tempera- 
ture is increased above this point. We know also in the reduction of iron 
oxide by means of hydrogen that the steam formed in the process is consider- 
able and in some cases must be a high percentage of the mixture, but in spite 
of this the reaction proceeds to completion if the steam is removed at a rea- 
sonable rate. 

The discussion of the cause of the columnar ferrite band at the surface of 
steel during decarburization within the critical range is interesting, indicating 
the presence of two equilibrium products such as are indicated on the iron- 
carbon diagram by the points G and K at 1400 degrees Fahr. (760 degrees 
Cent.) in Fig. 17. It is my experience that, as indicated by Lowe and 
Gensamer, the decarburization of very low carbon steel is not accompanied 
in any way by banding but simply by a gradual elimination of visible carbide 
from the boundaries. This seems to be true regardless of the temperature at 
which the decarburization takes place. It would follow, therefore, that the 
change in the grain formation in the alpha iron region at temperatures above 
1330 degrees Fahr. (720 degrees Cent.) must be due to some difference in 
the method by which the decarburization takes place. 

Perhaps the first step in the decarburization procedure is oxidation of the 
surface at temperatures above 500 degrees Fahr. (260 degrees Cent.) on heat- 
ing. This would be followed by a reduction of this oxide to pure iron by the 
hydrogen as the temperature approaches 1100 degrees Fahr. (595 degrees 
Cent.). It is possible that this reduction of oxide to iron establishes the grain 
size of the ferrite first formed and each boundary of these grains becomes the 
locus of a path through which carbon diffuses to the surface to be removed 
by the oxygen in the water vapor. From then on the carbon which is free 
to diffuse in the austenite passes through the ferrite at the boundaries first 
formed and in a direction perpendicular to the austenite face. 

The first carbon, of course, must be removed at the surface producing an 
alpha ferrite with practically no carbon in the grain boundaries and this would 
usually be accomplished by no change in the boundary structure. The change 
which takes place may be due to the diffusion pressure of the high carbon at 
the austenite-ferrite boundary. It seems to me that the rearrangement of the 
alpha iron grains is in some way connected with the high rate of diffusion 
of the carbon from the austenite boundary to the surface and this must start 
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as soon as the depth of decarburization is sufficient to be affected by the car- 
bon diffusion through what were the boundaries of the ferrite. These bound- 
aries apparently act as channels through which carbon diffusion takes place 
and the reason for the difference between the ferrite boundary arrangement 
in B and C of Fig. 14 may be that in case B the alpha ferrite already has a 
boundary of the carbide insoluble in the ferrite, which boundary has already 
determined the structure of the grain and decarburization is obtained by 
relatively slow diffusion through these already existing grain boundaries. 
In higher temperature austenite such as we have in C the orientation of the 
ferrite is determined at the time of transformation of the first grain of austen- 
ite to ferrite and the parallel boundaries perpendicular to the face of the aus- 
tenite indicate that at the instant of transformation carbon diffusion had 
already started into the ferrite forming at the point of what would be the 
grain boundaries. The result of this would be to orient the ferrite as fast 
as it formed with the boundaries through which the carbon is diffusing, form- 
ing the shortest path to the surface. 

For the same reason it would seem that when decarburization takes place 
at a temperature above that at which alpha ferrite is obtained, the dif- 
fusion is developed through the austenite in a normal way and is probabiy 
nearly uniform throughout the austenitic mass. 

Apparently the diffusion of the carbon through the ferrite grain itself 
must be slow as compared to its diffusion rate through the boundaries. It 
might follow from this work that the carbon solubility and diffusion in fer- 
rite under the conditions which exist when it is in contact with austenite is 
extremely low as compared to the grain envelopes. This means that in the 
extremely low carbon steel such as experimented with by Lowe and Gensamer 
practically all the carbon is in the envelope itself and hence this might indi- 
cate that the elastic range which is due to carbides, at least to an important 
degree, is due to the envelope distribution of the carbide. This result is also 
indicated by the fact that the use of certain combinations of aluminum and 
sulphur in the steel which causes boundary carbide coalescence results in a 
steel having a very greatly reduced elastic range. 

It has keen my impression, after careful examination of grain boundaries 
in steel having a wide range of carbon content, that a definite carbide enve- 
lope exists around ferrite grains whereas this is absent in pearlitic grains un- 
less the steel is of the hypereutectoid type. 

Perhaps the existence of alpha ferrite above the A; temperature is de- 
pendent upon the presence of boundary carbide envelopes and in very low 
carbon steel these carbide grain envelopes persist until the A; temperature is 
reached. 

On the other hand, the formation of pearlite may be dependent upon the 
diffusion of the boundary carbide as carbon along the cleavage planes of the 
ferrite grains and this provides a means of further carbon absorption. until 
the full pearlitic grain is established. This offers a large field of enjoyable 
speculation which tries to explain the low carbon alpha ferrite area on the 
iron-carbon diagram as an area where complete carbide boundaries surround 
the ferrite grain and the area of mixed ferrite and austenite as the area where 
the boundary carbide is absent around pearlite grains but continuous between 
ferrite grains. 
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The relation between insoluble carbide distribution and the elastic range 
offers us a very enticing field of investigation as to the basic cause of the 
elastic range and the modulus of elasticity in steel. Apparently steel is a 
2-phase material in which the carbide distribution in the grain boundaries of 
the ferrite may change it from a ductile nonelastic material to an elastic ma- 
terial of the greatest importance to our civilization. 


Oral Discussion 


F. E. Harrts:” Professor Upthegrove, in his discussion, mentions the 
possibility of an interface reaction. I see no reason why such a postulation 
is necessary. The decarburizing reaction may be considered as occurring at 
the steel surface by comparing the diffusion rate of carbon in the two phases. 
It seems quite evident that the diffusion rate for carbon in ferrite must be 
many times the rate for carbon in austenite, for a given temperature. 

From the photomicrographs, the interface seems to move in from the 
surface at a linear rate with time for short periods of decarburization. For 
longer time periods the interface movement is much slower. Under the test 
conditions, it would seem that the rate at which carbon leaves the steel surface 
is limited, for the early time periods, by the diffusion rate in the austenite 
phase; as the time interval becomes longer, the diffusion rate in ferrite may 
then become the limiting factor, controlling the carbon flow. 

Sipney M. Lenuorr:” I would like to ask Dr. Pennington if he found 
any aluminate or silicate inclusions in the decarburized areas of his samples. 
Roush and Welchner reported, in the June 1943 issue of Merat Procress, the 
presence of these inclusions, which they termed “pseudo-graphite,”’ when 
samples were pack carburized. They were also able to duplicate the results 
by packing NE8720 bars in NE8720 chips and running a heating cycle similar 
to the carburizing one. They attributed it to oxygen being carried to the 
steel’s immediate surface during carburizing, where it united with silicon 
and/or aluminum at the solid-gas interface. It was found that a longer 
carburizing cycle yielded a more prolific condition, and once these constituents 
were formed, they could not be removed by subsequent heat treatment. They 
were able to prove by selective attack that the “pseudo-graphite” was actually 
aluminate and silicate inclusions. 

After reading that article, we were curious to see whether the same 
constituents could be obtained by decarburizing in moist hydrogen at 1700 
degrees Fahr. (925 degrees Cent.). Samples were taken from a bar having 
the following analysis: carbon, 0.35 per cent; manganese, 0.96 per cent; sulphur 
0.022 per cent; silicon, 0.25 per cent. These samples were heated for 8 hours 
at 1700 degrees Fahr. (925 degrees Cent.) in a moist hydrogen atmosphere 
and decarburized completely to a depth of 0.003 inch. Microscopic examina- 
tion of the unetched samples showed the presence of “pseudo-graphite,” which 
was confined within the decarburized area. 

Surface flats (approximately 0.100 inch) were ground on 4 of these de- 
carburized bars and the bars were then pack carburized for 8 hours at 1675 
degrees Fahr. (910 degrees Cent.). Two of the bars were oil-quenched from 


“Furnace engineer, Buick Motor Co., Flint, Mich. 
Metallurgist, Detroit Diesel Engine Division, General Motors Corp., Detroit. 
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Fig. C—Surface of Bar After Being Decarburized in Moist Hydrogen. Nital. x 100. 
Fig. D—Unground Area After Carburizing and Oil Quenching. Nital. x 500. 
Fig. E—Ground Area After Carburizing Treatment and Oil Quenching. Nital. x 500. 
Fig. F—Unground Surface After Carburizing and Cooling in the Pot. Nital. % 500. 
Fig. G—Unground Surface After Carburizing and Cooling in the Pot. Nital. k 100. 


the pot and the remaining two were pot-cooled. Microexamination 
oil-quenched bars showed the presence of austenite and martensite on the 
ground surface. The unground portion revealed a troostitic layer which was 
identical in depth to that of the original totally decarburized layer. The un- 
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Fig. H—Ground Surface After Carburizing and Cooling in the Pot. Nital. x 500. 
Fig. I—Ground Surface After Carburizing and Cooling in the Pot. Nital. Xx 100. 
Fig. J—Unground Surface After Carburizing and Cooling in Pot. Unetched. X 500. 
Fig. K—Ground Surface After Carburizing and Cooling in Pot. Unetched. X 500. 


ground areas had a hardness of Rockwell C-58 to 59, while the ground areas had 
a hardness of C-62. Figs. C through K. 

The ground areas of the pot-cooled bars had a normal pearlite and 
cementite structure except for an extremely thin layer (less than 0.001 inch) 
which showed traces of abnormality. The unground zones, however, exhibited 
a surface layer (slightly more than the original totally decarburized zone ) 
which was definitely abnormal, containing ferrite, pearlite and cementite. Com- 
parison of the ground and unground areas in the unetched condition showed 
zones of “pseudo-graphite” which were equal in depth to that of the abnormal 
layers. The cooling media used had no effect on the dispersion, showing that 
the aluminates and silicates were formed during the heating cycles. 

I wonder, Dr. Pennington, if you noted any condition similar to what we 
found, and if so, what effect, if any, it had on the results obtained. 





TRANSACTIONS OF THE A. S. M. Vol. 37 
Author’s Reply 


It is indeed gratifying that the several authorities have been so generous 
in giving their time to a discussion of this paper and the controversial issues 
raised or reintroduced by it. 

Dr. Di Giulio, in his discussion, has set forth his criticism in clear and 
unmistakable form. In his first point, he raises the question of the molecular 
reaction of water as it is shown in equation 3 or 3a. In taking this view, he 
joins a host of other metallurgists in refusing to recognize water as a chem- 
ical compound quite capable of entering chemical reactions in its own right. 
Perhaps the ubiquity of water with its apparent everlasting stability leads to 
the conclusion that it cannot react with other compounds. The author of the 
paper under discussion regards water as a reactant. To realize it in this role, 
one only needs to think of the effect of water on iron, sodium, potassium and 
calcium. These reactions are direct. It is generally known that water is not 
used to extinguish a magnesium fire. 

It is agreed that water is among the more stable compounds and there- 
fore will not decompose of itself to any appreciable extent at any temperatures 
ordinarily encountered. 

While it is easy to express a view stich as that immediately above, it is 
a little more difficult to get at something a little more quantitative. At this 
point, the author proposes to make use of the free energy equation (1), as given 
by Dr. Flanders in his discussion to ascertain to what extent water does 
decompose at 1500 degrees Fahr. (815 degrees Cent.). 

In the first place, the equilibrium constant can be expressed in two ways 
resulting in two equations which can be solved simultaneously to calculate the 
amounts of substances present under certain prescribed conditions. The first 
relation may be given as 

AF = —RTInK, (4) 
where AF is the free energy change, R is the ideal gas constant, T is the 
absolute temperature and K is the equilibrium constant. The second relation 


is a form of the law of mass action which may be set up for the general 


chemical equation, 
aA + bBmcC + dD, (5) 
by the following: 


Mee ce 
Ai: Ap 


In the general equation the capital letters represent chemical substances; the 
small letters the number of molecules. The capital letters become subscripts 
in the expression for the equilibrium constant, and the number of molecules 
becomes an exponent. The main A’s in the expression represent chemical 
activities and are usually proportional to concentration and therefore can be 
arbitrarily set as unity for pure solid and liquid substances. For gases the 
activity is proportional to pressure, if it is not too high. For the reaction of 
water vapor in decomposition one may write 


H:O0 > H: + ’“’O:, (7) 





‘ 
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for which 


O2 


He °* 


Ks 


PHO 





To use appropriately the free energy data, it is necessary to be consistent 
with units. This consistency can be attained by using free energy as calories, 
temperature as degrees absolute on Centigrade scale and pressure in atmos- 
pheres. In a mixture containing 80 per cent hydrogen and 20 per cent water 
vapor by volume, the pressure of hydrogen is 0.8 atmosphere; that of water 
(.2 atmosphere. At 1500 degrees Fahr. (815 degrees Cent.), T is 1088.6 and 
R is 1.9865 calories per mole per degree. 

From a simultaneous solution of Dr. Flanders’ equation (1) and equation 
(4), given above, it may be found that K for equation (7) is 1.167 xX 10”. 
Now equation (8) may be given as 

Y, 
H:* "Os 


= 1.167 X 10°. (9) 


"HO 

The conditions of the problem demand that the pressure of water vapor be 
().2 atmosphere and that of hydrogen be 0.8 atmosphere before any decomposi- 
tion. Now let us assume that X represents the amount of water which de- 
composes expressed, of course, as pressure. If this amount decomposes, then 
the pressure of water vapor will be 0.2 — X, and the pressure of hydrogen 
will become 0.8 + X. At the same time half as much free oxygen will be 
produced as the amount of water which decomposes, therefore the amount of 
oxygen formed can be expressed as X/2. 

It suffices now to make the substitutions in equation (9) and solve for X. 
The substitutions result in 


(0.8 + X) (X/2)% 





— : 1.167 X 10°. (10) 
02— X 
An outright solution of this equation is something of a task and really is not 
necessary to prove the point which is apropos. An approximate value is 


convincing. 

Obviously if the fraction on the left side of equation (10) is to be equal 
to the small number on the right, there must be a very small factor in the 
numerator or a very large one in the denominator. The latter possibility may 
be dismissed for the denominator cannot possibly be larger than 0.2. Of the 
two factors in the numerator, 0.8 + X cannot be smaller than 0.8, and conse- 
quently it remains for X/2 to be very small. If it is small then of course X 
is small, and the expression, 


08+ xX 
O26 = J 


is almost precisely equal to 4.0. Using this value in (10) results in the fol- 


lowing simplification : 
— 
4 — = 1,167 X 10°, (11) 
? 
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from which 


X = 1.7 X 10°”. (12) 

Expressed on’ a percentage basis, the amount of water which will decom- 
pose, under the conditions just described, is 0.85 XK 10. This number is in- 
deed small, so small in fact that one is hardly justified in postulating a role 
for free oxygen in the decarburization. 

Dr. DiGiulio asked why do not greater amounts of water increase the 
rate of decarburization? It has been the author’s limited experience that an 
increase in moisture does speed up decarburization, provided there is no oxida- 
tion of the elementary iron. It is admitted, however, that the effect in going 
from 15 to 20 per cent is not at all easy to measure because there is not a 
great deal of difference. In other words, there is something else in the 
chain of events holding back the reaction. 

In his second point, Dr. Di Giulio suggests that copper may be effective 
in stopping decarburization because of an oxide layer on the copper. Thermo- 
dynamic calculations from free energy data done similarly to those shown 
previously will reveal that the chemical activity of any oxide of copper will 
be so tiny as to eliminate it from practical considerations except as it may be 
present as a solute in a very dilute solid solution which could not be expected 
to have any effect whatsoever on decarburization. 

As to point three, Dr. Di Giulio expresses a preference for gas diffusion. 
Mr. Stanley, however, thinks that this question has been settled. It can only 
be pointed out here that it is not at all necessary to assume gas diffusion to 
appreciate and understand the sharp line of demarcation which exists between 
the alpha and gamma iron. The iron-carbon equilibrium diagram would assure 
us that these two phases are in equilibrium and are wholly compatible. 

In point four, an explanation is requested for the increase of the oxygen 
content within the body of the steel. This question is most appropriate. Again, 
it is a matter of chemical equilibrium, and the chemical activity of iron oxide 
(FeO) is not zero but some fairly small but significant number. The only 
way that this activity can exist is for the oxide to be dissolved. The pure 
substance, it should be remembered, has a chemical activity of unity. Iron 
oxide then will be formed from molecular water and diffuse into the steel 
until an equilibrium is established with the reacting atmosphere. 

This equilibrium cannot be attained practically because of the slowness of 
the diffusion of the oxide in the solid solution and because if there is a deoxi- 
dizing substance such as silicon and aluminum present in the metal, the iron 
oxide will react forming silica and alumina, thus making it possible for more 
oxygen to diffuse in with a coincidental precipitation of the oxides of the 
other metals. In the decarburization of a steel containing 4 per cent silicon, 
there is formed so much silicon dioxide as inclusions in the surface of the 
steel that the decarburization is hampered to a great extent. The presence 
of an effective fluoride will prevent the surface pile-up of silica and conse- 
quently the decarburization will go much faster. 

The writer regrets that he failed to make it clear exactly what was meant 
by physical equilibrium as contrasted with chemical equilibrium and wishes to 
thank Professor Upthegrove for calling attention to the weakness. The orig- 
inal paper, because of his suggestion, was changed in the hope that it would 
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be more clear. Perhaps it is in order to say that chemical equilibrium involves 
chemical reactions; physical equilibrium would apply to all other situations. 
We have postulated that there is not, during the decarburizing process, any 
chemical reaction taking place within the body of a steel containing only iron 
and carbon. If there are no reactions taking place and there is any form of 
equilibrium, it must be physical. The distribution of bromine between water 
and carbon tetrachloride results in what has been referred to as physical 
equilibrium. Likewise, the distribution of carbon between gamma and alpha 
iron may be considered as resulting in physical equilibrium. 

The work of Baukloh and Knapp was not referred to because the writer 
was in agreement with their explanation of decarburization, but specifically 
to show that a surface layer uniform in carbon content could be produced in 
gamma iron. If this austenite will permit the diffusion of carbon without 
there being an apparent gradient, might not we be justified in thinking that 
alpha iron could act the same way? 

Baukloh and Knapp believe that gas diffusion predominates up to 1560 
degrees Fahr. (850 degrees Cent.) and, above this temperature, the diffusion 
of carbon in austenite is faster. In the body of my paper, it was pointed out 
that a ferrite layer could be produced at 1640 degrees Fahr. (895 degrees 
Cent.). This contention does not agree with the statements of Baukloh and 
Knapp. It is still maintained that, even though the carbon content of ferrite 
at 1640 degrees Fahr. is only 0.008 per cent, the diffusion of carbon through 
this layer is a solid solution phenomenon. 

From time to time, several authorities have objected rather seriously to 
the implication that carbon may diffuse in iron where there is no gradient. 
Dr. Flanders rather naturally takes the same position, He suggests grain 
boundary diffusion but does not say what kind of diffusion this is. Is it 
gaseous or is it a solid soiution phenomenon in yet a smaller cross-sectional 
area? If one thinks that the overall diffusion through the entire body of 
ferrite is fast, he should consider the rate of diffusion per square inch of 
cross section in the grain boundary. The orientation of columnar grains is 
likely to suggest a “lane” through which the carbon goes. A similar kind 
of columnar grain grows in the solidification of a steel ingot. The writer 
hates to admit that he is not prepared to understand, at least at the moment, 
grain boundary diffusion. 

The great amount of work which Dr. Flanders did to arrive at the equi- 
librium, CO content of the gas atmosphere is indeed appreciated. The writer 
has applied thermodynamic calculations in other types of decarburization and 
can give assurance that the chemical activity of the carbon in ferrite is pro- 
portional to its concentration. It seems that it would be preferable to arrive 
at the chemical activity without having to make use of the theoretical solubil- 
ity of carbon in alpha iron. The dashed line representing this solubility is 
shown in Dr. Flanders’ Fig. B. This line can be appreciated only with ex- 
treme difficulty inasmuch as no ferrite is ever found containing such amounts 
of dissolved carbon. However, to arrive at the chemical activity in the way 
suggested here calls for a knowledge of the “actual carbon” solubility in fer- 
rite which is in equilibrium with austenite. Otherwise, some such scheme as 
that shown by Dr. Flanders must be used. 
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One situation is taken as being illustrative. At 1400 degrees Fahr. 
(760 degrees Cent.), it has been found experimentally that ferrite dissolves 
about 0.026 per cent carbon. This is the determined maximum value and, 
inasmuch as it is in equilibrium with austenite of a composition represented 
by a point on the Az line, it follows that it has the same chemical activity as 
the austenite. 

Austenite at 1400 degrees Fahr. (760 degrees Cent.) contains 0.50 per 
cent carbon as a minimum, and its chemical activity may be obtained by assum- 
ing that the chemical activity is proportional to the carbon concentration. 
The chemical activity of carbon in the saturated solution (Acm line) is the 
same as pure carbon and hence equal to unity. 

From Fig. 17, it may be found that, at 1400 degrees Fahr. (760 degrees 
Cent.), saturated austenite contains 0.88 per cent carbon. By simple propor- 
tion the solution containing 0.50 per cent will have an activity of 0.568. It 
may be repeated that ferrite is in equilibrium with austenite and therefore 
ferrite containing 0.026 per cent carbon, at this same temperature, has a chem- 
ical activity of 0.568. This value should and does agree fairly well with 0.58 
found in column 6 of Table D as given in Dr. Flanders’ discussion. 

The chemical activity of other solutions of ferrite at the same temperature 
may be found on the basis of linear proportion. Ferrite containing 0.010 
per cent carbon will therefore have an activity of 0.218. This value can be 
used in the thermcdynamic equations to calculate the CO which will be in 
equilibrium with ferrite of this composition, 

Turning to Mr. Stanley’s criticism with respect to references, he com- 
pletely misunderstood the author. It was not intended that the list of refer- 
ences should be all-inclusive. Otherwise the heading would have been “Bib- 
liography.” While we had no intention of listing all references which could be 
found, it was certainly not intended that any important work be ignored. 
Perhaps the neglect which Mr. Stanley calls attention to could be better under- 
stood if one realized that this is a personal contribution of an extracurricular 
nature, and the experimental work was finished on December 7, 1941. A 
literature search was done even earlier. Most of the work which has ap- 
peared later in the literature has been read, but it did not cause any change 
in viewpoint, and therefore this part of the paper was not rewritten to ac- 
commodate the more recent literature because of the multiplicity of duties 
continuously weighing upon us. 

As far as the two types of equations are concerned, they were presented 
as they were so that the reader could take his choice, but it was never thought 
that anyone, on making such a choice, would ask the author to defend the 
other. The writer is more interested in the physical chemistry as it involves 
equilibrium conditions and therefore is not especially concerned as to whether 
carbon occurs in atomic or molecular form. 

It is comforting that Mr. Stanley takes the same position as the writer 
as to where the chemical reaction takes place with respect to the surface. 
However, there are those who disagree with us and their opinion must be 
duly considered. 

It has not been intended that the author would take the stand that there is 
absolutely no carbon gradient in the ferrite. It still remains that there is 
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strong evidence there is extremely little difference in the carbon con- 
centration throughout the ferrite layer. Good, or reasonably good, data will 
more often liquidate some theory than the theory will dispose of the data. 
It may well be that the data at hand are not sufficiently trustworthy. It 
behooves us to find out. 

Mr. McQuaid’s comparison of deoxidation with decarburization is timely 
and especially worthwhile to those interested in reaction rates as they are 
involved in metallurgy, particularly where associated with diffusion in the 
solid state. 

Mr. McQuaid has called attention to the work of Low and Gensamer 
in which they find that there is no banding in at least some low carbon 
steels as a result of decarburization. The writer decarburized both experi- 
mentally and commercially some steels containing from 0.050 to 0.085 per cent 
carbon some 8-or 9 years ago to a lower limit of 0.006 to 0.007 per cent. 
As it is now recalled, there was a ferrite layer next to the surface until the 
average carbon (at 1400 degrees Fahr.) was 0.026 per cent. The center band, 
of course, at the operating temperature was made up of two phases, namely 
austenite and ferrite. 

In regard to the reactions which take place on bringing the work up to 
the operating temperature, we believe Mr. McQuaid is correct that there is 
at first oxidation of the iron itself somewhere just above 500 degrees Fahr. 
(200 degrees Cent.) and that the surface is again clean by the time 
1100 degrees Fahr. (595 degrees Cent.) is attained. His discussion of car- 
bon in the boundaries is certainly worthy of much consideration. I regret, 
however, that I am unable to understand at the present time how this is 
possible. 

It is gratifying to find Mr. Harris also supporting the claim that the 
diffusion takes place in solid solution and that the diffusion rate in alpha 
iron must be very fast. As to the rates of decarburization, we have been 
able to work out a system of empirical equations which represent the rates 
of decarburization at temperatures below, within, and above the critical range. 
There is only one type of equation for all three conditions. 

Indeed, we have found, just as Mr. Lenhoff did, the “pseudo-graphite” in 
decarburized steels containing aluminum or silicon. Reference has already 
been made to the silica build-up in a steel containing 4 per cent silicon. His 
experiments involving the decarburization and carburization of surface flats 
yielded most striking results. His photomicrographs are certainly to the 
point. The writer does not agree, however, that all of the decarburized zone 
is necessarily abnormal. 

It seems that this abnormality is definitely associated with the extent 
of oxygen diffusion into the metal rather than to the extent of the carbon dif- 
fusion out. The writer did considerable work along this line several years 
ago and as it is now recalled a steel containing 0.08 per cent carbon, 0.50 
per cent nickel, 0.50 per cent manganese, 0.50 per cent copper, 0.03 per cent 
sulphur, 0.05 per cent phosphorus and 0.25 per cent silicon where decarburized 
in 18-gage strip to an overall carbon of 0.007 per cent resulted in a surface 
abnormality about 0.001 inch thick, 
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GRAPHITE IN COLD-ROLLED SUBCRITICALLY 
ANNEALED HYPOEUTECTOID STEELS 


By M. A. HuGHeEs anp J. G. CuTTON 


Abstract 


A study was made to determine the effect of (a) 
temperature, (b) residual alloy, (c) variations in per cent 
cold reduction, (d) mode of deoxidation, (e) full anneal- 
ing prior to cold reduction, and (f) carbon content, on the 
susceptibility of hypoeutectoid steels to graphitization when 
cold-rolled and annealed at subcritical temperatures. It 
was found that fine grain strip having carbon contents in 
the range 0.08 to 0.67 per cent was graphitized when 
cold-rolled and subcritically annealed. Hot-rolled strip of 
silico-manganese (A-9260) steel was also graphitized by 
cold rolling and subcritical annealing. 

Data are also presented to show the solution rate of 
graphite, in cold-rolled annealed strip, at the normal heat 
treating temperatures. 


INTRODUCTION 


HE graphitization of steels containing 1 per cent carbon or 

greater has been well recognized by those who anneal and proc- 
ess steels of this composition, and adequate precautions are taken to 
prevent the formation of graphite when such steels are annealed. 
Austin and co-workers (1-7) have made extensive studies as to the 
factors which promote graphitization in steels containing 1.0 per cent 
carbon. 

In the past two or three years there has been a material increase 
in the demand for cold-rolled annealed carbon steel strip. In the 
processing of cold-rolled annealed carbon strip, little or no considera- 
tion has been given to the possibility of graphite formation in the an- 
nealing operation subsequent to cold rolling. It has been found, 
however, that under certain conditions graphite may be formed in 
cold-rolled annealed hypoeutectoid carbon strip and, once formed, 
may be eliminated by subsequent thermal treatment. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. The authors, M. A. Hughes 
and J. G. Cutton, are associated with Carnegie-Illinois Steel Corp., Youngstown 
District, Youngstown, O. Manuscript received June 19, 1945. 
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The work herein reported is a summation of several investiga- 
tions which have been in progress since April of 1942. The follow- 
ing factors which were believed to exert some effect upon graphite 
formation were investigated : 


Time and temperature of anneal 

Deoxidation practice 

Residual alloys 

Variation in per cent cold reduction 

Full annealing strip prior to cold reduction and anneal- 
ing 

6. Carbon content. 


Spy rm 


In addition to the study of factors which promote graphitization, 
the investigation was carried a step further in order to determine the 
solution rate of graphite once it had been formed in the cold-rolled 
annealed strip. 


STEELS INVESTIGATED 


Table I presents the composition of the steels used in conduct- 
ing the several separate experiments during the course of this inves- 
tigation. 


Table I 





Composition of Steels Used 
Deoxidation Mold -————-Composition—Per Cent (Check Analysis) ————, 
Code Practice Additions ¢ Mn P S Si iw Ni ° 

A Fine Grain None 0.65 0.54 0.011 0.027 0.18 0.01 0.03 90.02 0.020 
B_ Fine Grain None 0.67 0.47 0.012 0.025 0.18 0.02 90.02 0.01 0.019 
C Fine Grain None 0.60 0.44 0.008 0.022 0.19 0.09 0.06 0.07 0.027 
D_ Fine Grain None 0.63 0.53 0.024 0.032 0.15 0.01 90.03 0.01 0.019 
E Fine Grain Cu 0.64 0.54 0.023 0.034 0.15 0.18 0.03 0.02 0.021 
F Fine Grain Cu, Cr, Ni 0.67 0.53 0.023 0.030 0.15 0.14 0.09 90.09 0.020 
G_ Coarse Grain None 0.58 0.70 0.012 0.032 0.14 0.01 0.01 0.01 0.002 
H_ Fine Grain None 0.43 0.52 0.012 0.026 0.19 0.01 0.02 0.01 0.021 
I Fine Grain None 0.08 0.32 0.008 0.030 0.002 0.06 0.01 0.01 0.063 
J Fine Grain None 0.63 0.813 G.013 @.03S0 1.95 .... O08 .... G059 
K Fine Grain None 0.59 0.85 0.008 0.017 2.03 Cae isc. @G2B45 





*Metallic aluminum (does not include aluminum as Al,Os;). 


All steels used throughout this investigation were commercial 
basic open-hearth steels and, with the exception of Steel “G’’, were 
made according to established fine grain deoxidation practices. Steel 
“G” was made by a coarse grain deoxidation practice. A code letter 


was assigned to each steel and will be used hereafter throughout this 
discussion. 





TRANSACTIONS OF THE A. S. M. 
PROCEDURE 


Hot-rolled strip samples, suitable for cold rolling, were obtained 
from each heat. Cold rolling was accomplished by passing strip sam- 
ples between rolls of a small 3-high laboratory experimental mill. 
After cold reduction, samples were annealed in a small electric re- 
sistance muffle type furnace equipped with automatic temperature 
control. As a check, a platinum-rhodium thermocouple was inserted 
adjacent to the work to check the accuracy of automatic temperature 
control. In order to minimize surface decarburization during an- 
nealing, all samples were wrapped in “waster sheets” and sealed in 
an airtight container. 

The solution rate of graphite was determined by austenitizing 
small graphitized samples in a covered lead bath for several intervals 
of time, after which they were brine-quenched. The samples were 
then polished and the per cent of graphite present was estimated 
microscopically. 


EFFECT OF TIME AND TEMPERATURE OF ANNEALING ON THE 
(GRAPHITIZATION OF H1GH CARBON CoLp-ROLLED ANNEALED STRIP 


Steels “A”, “B”, and “C’, having the chemical composition 
shown in Table I, were selected for determining the effect of time 
and temperature of annealing upon graphitization of cold-rolled strip. 
Since there was no assurance that steels of this composition could 


be graphitized by cold rolling and annealing, it was decided to vary 
the experimental procedure prior to the final annealing. Two of the 
steels were given two cold reductions with an intermediate anneal 
after the first cold reduction, while the third steel was given a single 
reduction prior to the final anneal. The processing of the material 
prior to the final anneal is shown in Table IT. 


Table If 
Experimental Procedure Prior to Final Anneal 


Intermediate Cold-Rolled 
Hot-Rolled Cold-Rolled Intermediate Anneal Gage Prior 
Gage Gage 15 Hours at to Final Anneal 
Inches Inches 1315 Degrees Fahr. Inches 
0.085 0.069 Yes 0.039 
0.082 sstaakh No 0.039 
Yes 0.039 
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Annealing Temperature, C. 
600 650 700 


0.085" Gauge Cold Rolled to 
O069" oe /5 HPS. 
at I3IS*, 0 0.039" Gauge 
& Annealed 32g Indicated 


« Graphite Present 
© No Graphite 


Rockwell "B’ Hardness 


065 C, 054 Mn, Low Residual Alloys 


n 
/100 200 1300 
Annealing Temperature, F 


Fig. 1—Steel “‘A’’. 0.65 per cent carbon, 0.54 
per cent manganese low residual alloys. 0.085-inch 
gage cold-rolled to 0.069-inch gage and annealed 15 
hours at 1315 degrees Fahr. Reduced to 0.039-Inch 
gage and annealed as indicated. 





Annealing Temperature, C. 
600 650 700 


0.082" Gauge Cold Rolled to 
0039" Gauge and Amealed as 
| Indicated 


90 
a 
cia 


047 Mn, Low Residual Alloys Daysys! 


1100 1200 1300 
Annealing Temperature, F 


Fig. 2—Steel “‘B’”’. 0.67 per cent carbon, 0.47 
per cent manganese low residual alloys. 0.082-inch 
gage cold-rolled to 0.039-inch gage and annealed as 
indicated. 








Rockwell ‘B’ Hardness 


The 0.039-inch gage cold-rolled strip was then given a final an- 
neal for 1, 3, and 5 days at temperatures of 1100, 1150, 1200, 
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1250 and 1300 degrees Fahr. (595, 620, 650, 675 and 705 degrees 
Cent.). In addition, one set of samples from each steel was annealed 
for 7 days at 1300 degrees Fahr. (705 degrees Cent.). The re- 
sults of this experiment are shown graphically in Figs. 1, 2 and 3. 
Microscopic examination of the final annealed samples was quite 
informative. Steel A was found to contain graphite after 3 and 
5 days at temperatures of 1150, 1200 and 1250 degrees Fahr. (620, 


Annealing Temperature, C: 


600 650 700 
100 
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Fig. 3—Steel “‘C’’. 0.60 per cent carbon, 0.44 
per cent manganese high residual alloys. 0.83-inch 
gage cold-rolled to 0.069-inch gage and annealed 15 
hours at 1315 degrees Fahr. educed to 0.039-inch 
gage and annealed as indicated. 


650 and 675 degrees Cent.), and after 7 days at 1300 degrees 
Fahr. (705 degrees Cent.). (See Fig. 4.) The amount of graphite 
present, although small in some instances, was sufficient in the 5- 
day samples of Steel A annealed at 1150, 1200 and 1250 degrees 
Fahr. (620, 650 and 675 degrees Cent.) to lower the hardness levels. 
below that which would normally be expected for spheroidize an- 
nealed material of this chemistry. 

It was thus established that steels of this composition could be 
graphitized by prolonged subcritical annealing of the cold-rolled strip. 
Since microscopic examination showed but a trace of graphite after 
7 days annealing at 1300 degrees Fahr. (705 degrees Cent.), and 
no graphite in the sample annealed 5 days at 1100 degrees Fahr. 
(595 degrees Cent.), it was concluded that the most favorable tem- 
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Fig. 4—Microstructure Showing Graphite in Steel “A’’ When Cold-Rolled from 
0.085-Inch Gage to 0.069-Inch Gage. Annealed 15 hours at 1315 degrees Fahr., cold-rolled 
to 0.039-inch gage and annealed as indicated. X 500. Picral etch. (a) 7 days, 1300 
degrees Fahr. (b) 5 days, 1250 degrees Fahr. (c) 5 days, 1200 degrees Fahr. (d) 
5 days, 1150 degrees Fahr. (e) 5 days, 1100 degrees Fahr. 
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peratures for graphitization were between 1150 and 1250 degrees 
Fahr. (620 and 675 degrees Cent.). Any variation from this range 
of temperature would decrease the rate of graphite formation. 

From Figs. 1, 2 and 3 it will be noted that Steel A was the only 
steel to graphitize. Steel C, processed similarly to Steel A but con- 
taining higher residual alloys, and Steel B, given a single reduction 
prior to the final anneal, failed to graphitize when subjected to the 
same final annealing conditions as Steel A. It was therefore ap- 
parent that factors other than time and temperature play an impor- 
tant part in determining the susceptibility of steel to graphitization. 


EFFECT oF REsIDUAL ALLOYs (COPPER, CHROMIUM, NICKEL) AND 
Per CENT CoLtp REDUCTION ON GRAPHITIZATION 


The effect of residual alloys and per cent cold reduction on the 
graphitization of carbon steel strip were investigated simultaneously. 
This was accomplished by adding copper to one ingot and copper, 
chromium and nickel (mold additions) to a second ingot of a heat of 
fine grain carbon steel. The two ingots having the added residual 
alloys were then compared with a control ingot having the normal low 
residual alloy ladle analysis. The check analyses of hot-rolled strip 
secured from the three test ingots are shown in Table I (Steels D, E 
and F). 

Hot-rolled samples 2 by 0.090-inch gage from each of the steels 
(D, E and F) were subjected to the following cold-rolled annealing 
procedure: A hot-rolled strip sample from each steel was cold-reduced 
0, 10, 20, 30, 40 and 50 per cent, and then annealed 72 hours at 1200 
degrees Fahr. (650 degrees Cent.). The samples were then subjected 
to further cold reduction, that is, sample given O per cent reduction 
the first time was given 50 per cent on the second reduction, that 
given 10 per cent on the first was given 40 per cent on the second, 


Strip Samples Cold-Reduced as Indicated and Annealed 72 Hours at 1200 Degrees Fahr. 
After Each Reduction 


—_—————_—————— Per Cent ——___-—____, 











SORE 6 inns cbccens nee 0 10 20 30 40 59 
De ES cn nba ces teenede ee 40 30 20 10 0 
Code Mold Addition —_——————- Graphitized 

D None Yes Yes Yes Yes Yes Trace 
E Cu Yes Yes Yes Yes Yes Trace 











F Cu, Cr, Ni No Trace Yes Yes Trace No 
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etc. All samples were then given a second anneal at 1200 degrees 
Fahr. for 72 hours. The 1200 degree Fahr. (650 degree Cent.) an- 
nealing temperature was selected arbitrarily, since it was in the mid- 
dle of the temperature range which had previously been found to be 
most favorable for graphitization. With this testing procedure, all 
samples received the same annealing time (144 hours) and amount 
of cold reduction (50 per cent). The results of our microscopic ex- 
amination of the finally annealed samples are shown in Table III. 

It was found that the cold-rolled annealed strip’ with the in- 
creased amounts of residual alloys (copper, chromium and _ nickel) 
was definitely less susceptible to graphitization. There was no ap- 
parent difference in the degree of graphitization between the copper- 
bearing Steel E and the regular low residual alloy Steel D. This was 
to be expected since it is generally recognized that copper dissolves 
in the ferrite and does not affect carbide stability. Although the 
separate effects of chromium and nickel were not studied, it is be- 
lieved that the increased resistance to graphitization of the higher 
residual alloy Steel F is mainly due to the added chromium content 
of this steel. 

As noted in Table ILI, the amount of cold reduction given on the 
first reduction definitely affects the degree of graphitization. Strip 
given a first reduction of 0 per cent showed no graphite or relatively 
small amounts. First reductions of 10, 20 and 30 per cent showed 
equal and relatively large amounts of graphite. First reduction of 40 
per cent showed a decreasing amount of graphite, while the 50 per 
cent first reduction was entirely free of, or produced but a trace of, 
graphite. Why first reductions of 0, 40 and 50 per cent increase 
the carbide stability when compared to the 10, 20 and 30 per cent 
reductions is at present not understood. The relative amount of 
graphite for the different percentages of cold reduction observed for 
Steel D (low residual alloy) is shown in Fig. 5. 


EFFECT oF FULL ANNEALING Hot-ROLLED STRIP 


A hot-rolled strip sample from Steel D, Table I (0.63 carbon, 
0.53 manganese, low residual alloy), was heated to 1600 degrees Fahr. 
(870 degrees Cent.) and furnace-cooled to 800 degrees Fahr. (425 
degrees Cent.) at the rate of 1 degree Fahr. per minute. The fully 
annealed samples were then subjected to the same cold rolling and 
annealing procedure as that used in studying the effect of cold re- 
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Fig. 5—Steel “‘D’’. Hot-rolled samples given two reductions as indicated, and an- 
nealed at 1200 degrees Fahr. for 72 hours after each cold reduction. X 500. Picral 
etch. First and second reductions in per cent: (a) 0 and 50. (b) 10 and 40. (c) 20 
and 30. (d) 30 and 20. (e) 40 and 10. (f) 50 and 0. 
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Fig. 6—Steel ‘“‘D’”’. Furnace-cooled from 1600 to 800 degrees Fahr., given two 
reductions as indicated, and annealed at 1200 degrees Fahr. for 72 hours after each 
cold reduction. » 500. Picral etch. First and second reductions in per cent: (a) 0 
and 50. (b) 10 and 40. (c) 20 and 30. (d) 30 and 20. (e) 40 and 10. (f) 50 and 0. 
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ductions, that is, two reductions of varying amounts totaling 50 per 
cent reduction, and two 72-hour anneals at 1200 degrees Fahr. (650 
degrees Cent.), totaling 144 hours at temperature. The relative 
amounts of graphite found in this series of samples are shown in Fig. 
6. By comparing Figs. 5 and 6, it is at once apparent that the suscep- 
tibility and rate of graphitization have been materially increased by 
full annealing the hot-rolled strip prior to cold reduction-and anneal- 
ing. Even for the first reductions of 0 and 50 per cent, there are 
relatively large amounts of graphite where formerly on the same 
strip not fully annealed there were observed but small amounts or no 
graphite after the same cold rolling and annealing procedure. Since 
the same hot-rolled strip was used in Figs. 5 and 6, and the process- 
ing was similar with the exception of the full annealing of the sam- 


ples in Fig. 6, the increase in graphite observed can be attributed to 
the full annealing operation. 


EFFECT OF DEOXIDATION 


Steel G, Table I, made by a coarse grain deoxidation practice, 
was subjected to graphitization tests. The hot-rolled strip, 234 by 
0.090-inch gage, was subjected to graphitizing treatments previously 
described which were found to be most favorable for the formation 
of graphite. Microscopic examination of the cold-rolled annealed 
samples revealed a complete absence of graphite after all test condi- 
tions. From these observations it is apparent that the method of de- 
oxidation is an important factor in determining the susceptibility of 
cold-rolled annealed carbon strip to graphitization. Even though the 
coarse grain heat analyzed 0.002 per cent metallic aluminum, there 
are strong indications that aluminum or aluminum oxide, or possibly 
both, are responsible for the decreased stability of the carbides when 
the hot-rolled strip samples are cold-rolled and annealed. In the 
making of coarse grain steel, the amount of aluminum used for de- 
oxidation purposes is relatively small when compared to the amounts 
used for the deoxidation of fine grain heats. The larger ladle addi- 
tions of aluminum required to insure a fine austenitic grain size in 
the finished steel naturally result in higher aluminum and aluminum 
oxide contents for these steels, which undoubtedly contribute to the 
decreased carbide stability of the fine grain heats when they are an- 
nealed at temperatures favorable for graphite formation. 
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Fig. 7—Photomicrographs Showing Graphite After Two Cold Reductions of 20 
Per Cent Each with Intermediate and Final Anneals of 72 Hours at 1200 Degrees 


Fahr. X 500. Picral etch. (a) Steel “H’’—0.40 per cent carbon. (b) Steel “I’— 
0.08 per cent carbon. 


Fig. 8—Photomicrographs Showing Graphite in Steel “J’’ and Absence of Graphite 
in Steel “‘K’’ After Identical Cold Rolling and Annealing Processes. x 500. Picral 
etch. (a) Steel ‘‘J’’—A-9260. (b) Steel “K’’—A-9262. 


GRAPHITE IN LOWER CARBON STEELS 


In order to determine if steels of lower carbon content than 
those previously investigated could be graphitized, hot-rolled strip 
samples were obtained from two fine grain heats having analyses as 
shown in Table I [Steel H (0.43 carbon) and Steel I (0.08 carbon) }. 

The hot-rolled strip samples were given two cold reductions of 
20 per cent each with intermediate and final anneals of 72 hours at 
1200 degrees Fahr. Graphite was readily detected in micro specimens 
cut from the cold-rolled annealed strip after being processed accord- 
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ing to the above procedure, and representative microstructures are 
shown in Fig. 7. 


GRAPHITE IN SILICO-MANGANESE STEELS 


Hot-rolled strip from two commercial heats of silico-manganese 
steel were secured, one of which contained chromium. The check 
analysis of the strip is shown in Table I (Steels J and K). 

The hot-rolled strip samples from these two heats were annealed 
for 20 hours at 1185 degrees Fahr. (640 degrees Cent.), cold- 
reduced 50 per cent, and again annealed for 20 hours at 1185 degrees 
Fahr. (805 degrees Cent.), cold-reduced a second time 50 per cent, 
followed by a third anneal for 20 hours at 1185 degrees Fahr. 

Examination of micro samples secured from samples after being 
treated as outlined above clearly indicates the stabilizing effect of 
chromium on graphitization. No graphite was found in the chromi- 
um-bearing silico-manganese (A-9262) strip, whereas the silico-man- 
ganese (A-9260) strip was found to be heavily graphitized, as shown 
in Fig. 8. 

The marked decrease in carbide stability of the A-9260 silico- 
manganese strip is, we believe, due to the combination of aluminum 
and the high silicon contents of this grade of steel. 

It is apparent from these observations that considerable care 
must be exercised if silico-manganese (A-9260) steels are to be cold- 
rolled and annealed; otherwise, graphite may result. Where steels 
of this composition are to be cold-rolled and annealed it would seem 
advisable to use the chromium-bearing A-9262 grade. The increased 
carbide stability of the A-9262 grade, exemplified in this experiment, 
would insure against graphitization under normal production cold 
rolling and annealing procedures. 


SOLUTION OF GRAPHITE IN AUSTENITE 


Generally, cold-rolled annealed carbon steels are given a final 
heat treatment for hardening. It was therefore decided tc determine 
the solution rate of graphite when present in such steels at the heat 
treating temperatures. 

The progress of graphite solution may be followed by heating 
graphitized samples at temperatures where austenite will form and 
quenching at frequent intervals of time. By treating a considerable 
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number of small specimens, the amount of graphite remaining after 
any length of time can be readily evaluated by subsequent micro- 
scopic examination. 

Small samples, approximately 0.50 inch square by 0.040 inch 
thick,-of graphitized cold-rolled strip were prepared from Steels D, 
I and J shown in Table I. 

These specimens from each of the above steels were heated in a 
covered lead bath at 1650 degrees Fahr. (900 degrees Cent.) for 
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Fig. 9—Rate of Solution of Graphite in Austenite. 


various lengths of time and brine-quenched. Steel J was also treated 
at 1520 degrees Fahr. (825 degrees Cent.). The samples were then 
polished and the per cent of graphite remaining after each interval of 
time_was estimated metallographically. 

It should be pointed out, before discussing the solution rates, 
that the curves are only representative of the steels investigated, and 
should be used only as a guide in predicting the solution rate of 
graphite in other steels. The time required for complete solution of 
the graphite would be increased or decreased from the times shown 
in Fig. 9, depending on whether there was a greater or lesser amount 
of graphite present in the samples prior to the solution treatment. 

The solution of the graphite in Steel I (low carbon) was com- 
pleted in 2 minutes time when samples were heated at 1650 degrees 
Fahr. (900 degrees Cent.). The rapid solution of graphite in Steel 
I was to be expected since the initial structure contained a relatively 
small amount of graphite, as shown in Fig. 7. In addition, the car- 
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Fig. 10—Steel “I’—-0.08 Per Cent Carbon. Photomicrograph showing 
graphite solution, after two seconds at 1650 degrees Fahr. Note the high carbon 
martensite surrounding the graphite. x 2000. Picral etch. 

Fig. 11—Steel “‘D’—0.60 Per Cent Carbon. Photomicrograph showing 
graphite present prior to solution treatment at 1650 degrees Fahr. x 500. 
Picral etch. 


bon concentration gradient between the graphite particles and the 
surrounding austenite (martensite) is large, thus permitting rapid 
diffusion of the carbon once the graphite has been taken into solution 
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Fig. 12—Photomicrographs Showing Rate of Solution of Graphite in Austenite at 
1520 Degrees Fahr. for Steel ‘“J’’ (Silico-Manganese). X 500. Picral etch. (a) 
Graphite initially present. (b) 4 seconds at 1520 degrees Fahr. (c) 16 seconds at 
1520 degrees Fahr. (d) 1 minute at 1520 degrees Fahr. (e) 8 minutes at 1520 de- 
grees Fahr. (f) 32 minutes at 1520 degrees Fahr. 
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by the austenite. That graphite solution and subsequent diffusion of 
the carbon progresses at a rapid pace may be readily seen in Fig. 10. 
Here the austenite (martensite) in the sample held 2 seconds at 
1650 degrees Fahr. (900 degrees Cent.), immediately surrounding 
the graphite, is of sufficiently high carbon content to form distinct 
high carbon martensite when the sample was quenched. It should 
also be noted that considerable diffusion of the carbon-away from the 
graphite particles has also taken place in 2 seconds time. 

Steel D (0.62 per cent carbon) required 30 minutes for com- 
plete disappearance of the graphite when the solution temperature 
was 1650 degrees Fahr. (900 degrees Cent.). Two factors may ac- 
count for the slow solution rate in this steel: (A) a relatively large 
number of large graphite particles were present in the initial struc- 
ture (Fig. 11); and (B) as the diffusion of carbon away from the 
graphite particles proceeds, it is retarded by the higher carbon aus- 
tenite matrix which has formed from the dispersed spheroidized car- 
bides. 

That temperature is an important factor in determining the solu- 
tion rate of graphite may be seen in Fig. 9. Steel J (silico-manga- 
nese) required but 4 minutes for complete graphite solution at 1650 
degrees Fahr. (900 degrees Cent.), whereas 1 hour was required for 
complete graphite solution at 1520 degrees Fahr. (825 degrees 
Cent.). The mode of graphite solution is shown in the series of pho- 
tomicrographs in Fig. 12, secured on samples after different time 
intervals at 1520 degrees Fahr. (825 degrees Cent.). Traces of 
graphite are still evident after 30 minutes. It was observed that 
graphite solution was quite rapid for the first few seconds at temper- 
ature, but as the carbon gradient between the austenite and the graph- 
ite becomes less, a pronounced slowing down of the solution rate 
is noted. 

The marked difference in the solution rate of graphite between 
Steels D and J when treated at 1650 degrees Fahr. (900 degrees 
Cent.) can, we believe, be explained primarily by the difference in 
graphite particle size observed in the initial structures. In Steel D, 
which required 30 minutes for complete graphite solution, the area 
immediately surrounding the graphite particles built up a region of 
high carbon austenite by the solution of the spheroidized carbide, 
which acts as a barrier against carbon diffusion from the graphite 
particles as they go into solution in the austenite. In Steel J, which 
required but 4 minutes for complete graphite solution, the graphite 
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particles are considerably smaller, and the only obstruction en- 
countered in,the diffusion from the graphite particles was the merg- 
ing of the high carbon austenite areas from the neighboring graphite 
particles. It is believed that there is sufficient area around each 
graphite particle to enable almost complete graphite solution before 
the austenite areas from the surrounding particles begin to merge 
and thus slow down the carbon diffusion and graphite solution. 

It was observed in all three steels that, after the graphite had 
completely disappeared, areas of high carbon concentration were evi- 
dent and longer time at the austenitizing temperatures was necessary 
to completely homogenize the austenite. An additional observation 
was noted that, after the solution of the graphite particles, no porosity 
or voids were evident in the steel matrix. 


SUMMARY AND CONCLUSIONS 


This investigation was conducted on hot-rolled strip samples se- 
cured from several heats of hypoeutectoid steel. By cold rolling and 
annealing the hot-rolled strip at subcritical temperatures, it was ob- 
served that graphite formed under certain test conditions. The solu- 
tion rate of graphite in cold-rolled annealed strip samples was also 
determined for three of the steels investigated. 

The following conclusions were drawn: 

1. The optimum annealing temperature range for graphitization 
of cold-rolled strip was observed to be 1150 to 1250 degrees Fahr. 
(620 to 675 degrees Cent.). Any variation from this temperature 
range decreased the rate of graphite formation. 

2. Annealing times longer than those generally employed in 
commercial annealing were required to graphitize the cold-rolled 
strip. 

3. Chromium was found to stabilize the carbides, while copper 
appeared to have no effect upon the stability of the carbides. 

4. When cold-rolled strip samples were subjected to two cold 
reductions totaling 50 per cent reduction, and two subcritical anneals 
totaling 144 hours at 1200 degrees Fahr., it was observed that first 
reductions of 10, 20 and 30 per cent produced more graphite than 0, 
40 and 50 per cent first reductions. 

5. Hot-rolled strip, made by a coarse grain deoxidation practice, 
did not graphitize when subjected to cold rolling and annealing pro- 
cedures which readily produced graphite in similar steels made to a 
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fine grain deoxidation practice. From this observation it is reason- 
able to assume that aluminum or alumina, perhaps both, are impor- 
tant factors in promoting subcritical graphitization. 

6. Full annealing the hot-rolled strip prior to cold reduction and 
subcritical annealing was observed to greatly enhance the graphitiza- 
tion. 

7. Hot-rolled strip samples secured from fine grain heats having 
carbon contents of 0.08, 0.43 and 0.67 per cent carbon and one heat 
of silico-manganese (A-9260) were graphitized by cold rolling and 
subcritical annealing. 

8. The solution rate of graphite in cold-rolled annealed strip 
samples at heat treating temperatures is a function of the tempera- 
ture, the graphite particle size, and the amount of graphite present. 
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DISCUSSION 


Written Discussion: By B. S. Norris, research metallurgist, York Cor- 
poration, York, Pa. 

The authors have found that the optimum annealing temperature range 
for graphitization of cold-rolled strip is 1150 to 1250 degrees Fahr. (620 to 
675 degrees Cent.). This is the same temperature range at which Dr. Austin 
and I observed the formation of graphite during the tempering of hardened 
carbon tool steels. At this time I would like to show two graphs which were 
obtained from our work. 

In Fig. 13? is shown the effect of time and temperature on the hardness of 
6 commercial 1 per cent carbon steels after they had been water-quenched 
from 1000 degrees Cent. (1830 degrees Fahr.). The heating at 1000 degrees 
Cent. was conducted for 1 hour in a closed electric tube furnace while 
tempering was performed in a lead bath covered with “lead-pot” carbon. The 
chemical composition of these steels is shown in Table A. The amount of 


Table A 
Chemical Analysis of the Steels 





Type of Composition, Per Cent————___ 
Steel Steel Mn Si P S Cr Ni Va Cu Al AlO; 
O.H. A 1.09/1.09 0.31 0.27 0.018 0.031 0.12 0.06 Nil 0.16 0.005 0.010 
E.F. B 1.04/1.05 0.30 0.44 0.028 0.025 0.05 0.06 Nil 0.12 0.000 0.009 
E.F. ( 1.12 0.25 0.30 0.019 0.013 0.11 £40.07 ee oven OS Glee 
O.H. D 1.00/1.00 0.42 0.17 0.016 0.027 0.09 0.12 Nil 0.10 0.011 0.008 
O.H. k 0.98/0.98 0.40 0.21 0.013 0.031 0.03 0.08 Nil 0.08 0.000 0.009 

E.F. F 1.00/1.00 0.32 0.27 0.009 0.018 0.06 0.16 Nil 0.08 0.025 0.008 








graphite formed in steels B, C and E at all three temperatures was small, 
even after 125 hours, while considerable graphite was present in steels A, 
D and F after 25 hours. Graphite formed most readily in the vicinity of 650 
degrees Cent. (1200 degrees Fahr.). 

A more complete picture of the effect of temperature on graphitization 
has been shown by Austin and Norris.’ In their Fig. 58, not given in this 
discussion, is shown the relationship between hardness and microstructure of 
two steels after they had been water-quenched from 1000 degrees Cent. (1830 
degrees Fahr.) and then tempered in a temperature-gradient furnace for 75 


*C. R. Austin and B. S. Norris, “Effect of Tempering Quenched Hypereutectoid Steels 
on the Physical Properties and Microstructure,’’ Transactions, American Society for Met- 
als, Vol. 26, 1938, p. 788-845. 


8C. R. Austin and B. S. Norris, ‘‘Temperature Gradient Studies on Tempering Reactions 
of Quenched High-Carbon Steels,” Transactions, American Institute of Mining and Metal- 
lurgica] Engineers, Vol. 131, 1938, p. 349-371. 
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hours at approximately 500 to 800 degrees Cent. (930 to 1470 degrees Fahr.). 
Very little graphite formed in the one steel, regardless of the temperature, 


while considerable graphite was produced in the other steel when heated in 
the range 620 to 710 degrees Cent. (1150 to 1310 degrees Fahr.). 
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Fig. 13—Effect of Temperature and Time of Tempering on 
Hardness. 


In Figs. 1 and 2 of the authors’ paper it is shown that steel A graphitized 
while steel B did not graphitize when annealed after cold rolling, The only 
apparent difference between these steels is that steel A was given an interme- 
diate anneal during the cold rolling while steel B received none. Would steel 
B graphitize if it were given an intermediate anneal: 

The authors mention in connection with Table III that little graphite 
formed when the first reduction was 0, 40 or 50 per cent while reductions of 
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Fig. 14—Longitudinal Sections of 0.37 Also 0.07 Aluminum Steels, Deformed 
With Brinell Impression in the As-Received Spheroidized Condition, and Then Tem- 
pered 125 Hours at 630 Degrees Cent. 

0.37—Aluminum: a—One-Half Sample Showing Graphite Unetched and Two 
Brinell Impressions. X< 7; c—Etched Edge Near Impression. 250; d—Some 
Distance from Edge. xX 250; e—Much Further from Impression—Unstressed. 
2S 250. “ Aluminum: b—Unetched Section Showing Graphitization Near Stencil 
Mark. X 7. 
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10, 20, or 30 per cent produced much graphite. I also have observed a con- 
dition similar to this although it was obtained in a different manner.‘ 

I used a pure steel containing 1.14 per cent carbon and 0.37 per cent 
aluminum. The quality of other chemical elements was small. This steel 
graphitized very easily when tempered in a covered lead bath at 630 degrees 
Cent. (1165 degrees Fahr.) following the formation of martensite by a water 
quench from 1000 degrees Cent. (1830 degrees Fahr.). However, when an 
“as-received” sample of the steel was heated for as long as 125 hours at 630 
degrees Cent. (1165 degrees Fahr.) no graphite formed. The carbides were 
in the spheroidized condition when the steel was received. 

When an “as-received” sample, containing Brinell ball impressions on a 
freshly cut end and on the periphery, was heated in covered lead for 125 hours 
considerable graphite formed in certain regions of the sample. This is illus- 
trated by Figs. 14a, c, d and e. 

Fig. l4a illustrates the appearance of an unetched longitudinal section 
which bisects the two Brinell impressions. The half of the sample omitted 
from Fig. l4a was practically free of graphite. The size and quantity of 
graphite formed appear to depend on the degree of cold working. These char- 
acteristics are well illustrated by Figs. 14c, d, and e. Immediately under the 
impression made on the freshly cut end, left side of sample, the unchanged 
carbides (region of greatest deformation) are followed by very coarse graph- 
itization (Fig. 14c), then by complete graphitization (Fig. 14d) and finally 
by an unchanged structure (Fig. l4e) at a location where deformation was 
small and ineffective. 

When steel D was annealed by cooling slowly from 1600 to 800 degrees 
Fahr. (870 to 425 degrees Cent.), page 117, was it in an oxygen-free atmos- 
phere? Austin and Fetzer’ have shown that a hardened 1 per cent carbon 
steel that is not prone to graphitize when tempered in a lead bath covered 
with charcoal, little oxygen, may graphitize a great deal when heated in an 
oxidized lead bath. Steels containing appreciable quantities of metallic alumi- 
num appeared to be affected more than those having smaller amounts. Since 
steel D contains 0.019 per cent metallic aluminum, this steel might graphitize 
more if it were exposed to oxygen during its full anneal prior to cold rolling. 

The authors have prepared a very interesting paper. Their results add 
another important chapter to the literature of graphitization in steels. 

Written Discussion: By O. W. McMullan, chief metallurgist, Bower 
Roller Bearing Co., Detroit. 

Table III listing results from tests to indicate the effect of per cent of 
cold reduction does not clearly separate the effect of the per cent reduction 
from that of intermediate annealing. The assumption might be made that, 
since the samples receiving the 50 per cent reduction before being annealed 
contained only a trace of graphite, those with less reduction cortained none. 
Did the authors examine the samples microscopically prior to the second 


4C. R. Austin and B. S. Norris, “Effects of Small Amounts of Alloying Elements on 


Graphitization of Pure Hypereutectoid Steels,” Transactions, American Society for Metals, 
Vol. 30, 1942, p. 425-457. 


°C. R. Austin and M. C. Fetzer, “Factors Controlling Graphitization of Carbon Steels 
at Subcritical Temperatures,’”’ Transactions, American Society for Metals, Vol. 35, 1945, 
p. 485-528. 
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reduction to confirm this? If those samples contained no graphite then the 
various percentages of the second reduction are a more direct indication of the 
effect of cold work. However, since their prior treatments were not identical, 
the data do not present results from tests in which the per cent of cold reduc- 
tion was the only variable. Have the authors any further data on that point? 

Fig. 8, steel J, shows elongated graphite flakes whereas the carbides re- 
maining are spheroidal. Were the carbides in steel J similar to those in K 
after the first anneal or were they elongated or present in a banded structure 
similar in pattern to the graphite as it appears in Fig. 8? 

Since the hot-rolled and cold-worked structures were much less subject 
to graphite formation in subsequent annealing than were those annealed prior 
to cold working it appears possible that the size of carbide particles may be 
a factor in graphitization. Have the authors any information on influence of the 
size of carbide spheroids? 

A condition sometimes occurring in low carbon sheet steels is that in 
which the carbon is all or mostly in the form of a coarse carbide network 
in the ferrite grain boundaries rather than more uniformly distributed as 
pearlite grains. Such a carbide network is very damaging to the cold form- 
ing properties of the sheet. If size of carbide particles is a factor in the 
rate of graphitizing perhaps graphitizing of the above mentioned carbide net- 
work might be used to improve the cold forming properties of sheet provid- 
ing the formation of graphite did not result in equal or greater damage to the 
desired properties. 

The authors chose steel G, a coarse-grained steel of 0.58 per cent carbon, 
to compare with fine-grained steels of similar carbon content to show the 
effect of deoxidation on graphitization. An even wider spread in deoxidation 
practice, as far as aluminum additions are concerned, might be found in com- 
mercially produced low carbon steels of rimming and aluminum-killed grades, 
some of the latter having additions of 5 or 6 pounds of aluminum per ton. 

Fig. 9 of the authors’ paper shows the rate of graphite solution to be in 
the same order as that of the total carbon of the steels indicating that total 
carbon may have been a considerable factor. Table I, however, shows steels 
D and J as having the same carbon content, hence such a conclusion may not 
apply. 

On page 126 the authors suggest two factors that might account for the 
slower rate of graphite solution in steel D than in J. The first, large graph- 
ite particles in D, appears more reasonable than the second, retardation by the 
higher carbon austenite matrix formed from carbides. If both steels have the 
same carbon content, as shown in Table I, when the last graphite particles 
are about to dissolve, the austenitic matrix of both steels will have the same 
carbon content. The solution rate of the remaining graphite will then depend 
on the carbon gradient in the matrix. The dispersed carbides should more 
quickly produce a uniform matrix and*it appears from the figures that J has 
much fewer carbides than D. The slower rate of graphite solution of D 
therefore probably depends on particle size as stated by the authors and also 
on their shape, those in J having a relatively larger surface area for equal 
volume. 
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F. N. Rurnes:* I should like to make a speculative suggestion with re- 
gard to what leads this paper may give relative to the mechanism of graphitiza- 
tion. I think we can take it more or less for granted that in order to form a 
graphite particle a suitable nucleus is necessary and the observations in this 
paper give an interesting suggestion in regard to the possible nature of that 
nucleus. The paper suggests to me, at least, that the nucleus may reside in 
a localized point of high deformation, representing a high energy point. My 
reasons for thinking this are several: First, the tendency to graphitize is ob- 
viously dependent upon the degree of cold work, which would affect the gen- 
eral distribution of cold work in the material; second, the materials which 
tend to harden seem to reduce the tendency to graphitize and one might also 
expect that such material would tend to resist the localization of deformation 
just because of the hardening effect; third, the effect of aluminum oxide in 
increasing the tendency to form graphite might fall into the same pattern inas- 
much as certain types of insoluble constituents might well be expected to 
localize cold work in certain regions. 

M. F. Hawxes:" I would like to ask the authors if they have an explana- 
tion of why graphitization rates appear to be slower at 1300 degrees Fahr. 
(705 degrees Cent.), just barely under the critical temperature, than they are 
at 1200 or 1250 degrees Fahr. (650 or 675 degrees Cent.). 

I. A. Rouric:* With respect to the occurrence of graphitization of the 
carbide structure in 0.08 carbon steels, it might be of further interest to read- 
ers to point out that in high temperature steam power generating stations 
graphitization is being encountered in the vicinity of welded joints in 0.15 
carbon steel pipe material in service at temperatures of 800 to 900 degrees 
Fahr. (425 to 480 degrees Cent.). Information concerning these findings has 
appeared in publications of the American Society of Mechanical Engineers and 
of the American Welding Society. The graphitization adjacent to welded 
joints in high temperature steam lines appears to develop over periods of serv- 
ice that may vary from approximately 20,000 to 50,000 hours at 800 to 900 
degrees Fahr. (425 to 480 degrees Cent.) and occurs in carbon-0.50 molybde- 
num steel as well as in plain carbon steel. 

E. O. Drxon:’ The last discusser’s introduction of this matter of graph- 
itization in low carbon steels for power plant work, I think, is one of the most 
significant practical phases of this matter of graphitization and in that con- 
nection I would like to ask the speaker whether, barring elimination of 
graphitization, or graphite particles, there has been any indication of voids 
or structural weaknesses in the metal at the site of the reabsorbed graphite. 
It seems possible under stress conditions that if there were voids or points of 
weakness in regard to strength under continued loads, such points would be of 
considerable interest in some of these, power plant applications. 

‘ matin professor, Department of Metallurgy, Carnegie Institute of Technology, Pitts- 
urgh. 


7Assistant professor, Department of Metallurgical Engineering, Carnegie Institute of 
Technology, Pittsburgh. 


8Research Department, The Detroit Edison Co., Detroit. 
®*Metallurgical engineer, Ladish Drop Forge Co., Milwaukee. 
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Authors’ Reply 


The authors wish to express their thanks to those who have contributed 
to this paper by their discussions. In reply to Dr. Norris’ question regard- 
ing whether steel “B” would graphitize if given an intermediate anneal, we 
believe that had steel “B” been processed similarly to steel “A”, that is, given 
an intermediate anneal, steel “B” would have been graphitized after the final 
annealing treatment. 

Steel “D” was double wrapped in “waster” sheets during full annealing 
from 1600 to 800 degrees Fahr. (870 to 425 degrees Cent.), and we feel that 
very little oxygen was present during this preliminary heat treatment. We 
agree with Dr. Norris that oxygen atmospheres facilitate graphitization; how- 
ever, we believe that the increased graphitization observed in this steel after 
full annealing is the result of a physical change within the steel and not to 
oxygen pick-up during the full annealing treatment. 

Regarding the question Mr. McMullan raised as to whether the data in 
Table III on effect of cold reduction on rate of graphitization are clearly sep- 
arated from those of intermediate annealing, the samples were examined prior 
to the second reduction and no graphite was observed. Since all samples were 
subjected to the same total amount of cold reduction and annealing time it is 
our opinion that the observed differences in the response to graphitization are 
due primarily to the variations in the first and second cold reductions. 

In Fig. 8, steel J, the elongated graphite particles have resulted from cold 
reduction of graphite flakes formed in prior annealing which gives the graphite 
the observed directional properties. There was no carbide segregation or 
banding evident in the hot-rolled material. 

As to the effect of carbide size on rate of graphitization we believe that 
any correlation of carbide size to rate of graphitization would be difficult to 
obtain under conditions in which carbide size is the only variable. 

The increased susceptibility of steels to graphitize after full annealing is 
due to a physical change such as a coalescence or precipitation of Al or Al.Os, 
perhaps both, during the slow cooling from the full annealing temperature and 
is not related to the differences in the coarseness of the pearlite. 

Mr. McMullan has raised a very interesting question in surmising whether 
the graphitization of the carbide network which is sometimes observed in low 
carbon sheet steel would improve the cold forming properties. The prolonged 
annealing times required for graphitization would be a serious detriment to 
commercial production of a graphitized sheet. 

We have no clear explanation to the question of why graphitization rates 
appear to be slower just below the lower critical (1300 degrees Fahr.) than at 
1200 to 1250 degrees Fahr. (650 to 675 degrees Cent.). Mr. Hawkes points out 
that further fundamental research is necessary to thoroughly understand reasons 
for the exact mechanism of graphitization. 

Regarding Mr. Dixon’s questions as to whether voids or structural weak- 
nesses are present in samples in which the graphite has been redissolved, we 
feel certain that no such conditions as holes or voids are present where graph- 
ite was reabsorbed. Our observations in this connection have been substanti- 
ated by other investigators. 








FACTORS AFFECTING THE HARDENABILITY OF 
BORON-TREATED STEELS 


By R. A. GRANGE AND T. M. GARVEY 


Abstract 


The hardenability of four series of plain carbon 
steels containing 0.40, 0.52, 0.63 and 0.75 per cent carbon 
respectively, each series prepared by adding graded 
amounts of boron to adjacent ingots, 1s compared. The 
increase in hardenability due to boron is correlated with 
the boron content determined by a chemical method and 
with the amount of a characteristic constituent which ap- 
pears in boron-treated steels after special heal treatment. 
It is shown that the increase in hardenability that results 
from addition of the optimum amount of boron decreases 
with increasing carbon content; the implication 1s that 
boron will not increase the hardenability of hypereutectotd 
steel. Other factors, such as time at high temperature 
and austenite grain size, are shown to influence the hard- 
enability of boron-treated steels in a way quite different 
from their influence upon boron-free steel of comparable 
composition. The metallography of boron-treated steels 
is discussed with particular reference to the characteristic 
constituent which has not been observed except in stecl 
containing boron. 


INTRODUCTION 


ANY articles describing the considerable increase in harden- 

ability obtained by adding a minute amount of boron to steel 
which had previously been killed with aluminum have appeared in 
the literature since 1941. It appears that, insofar as hardenability 
and the advantages accruing from it are concerned, boron may be 
substituted for several hundred times its own weight of any other 
alloying element used for this purpose at present. The optimum 
amount of boron is surprisingly small and should be kept within 
rather narrow limits, since a somewhat larger addition of boron ap- 
pears to impair some mechanical properties and finally to make the 





A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. Of the authors, R. A. 
Grange is associated with the Research Laboratory, United States Steel Cor- 
poration of Delaware, Kearny, N. J., and T. M. Garvey is associated with the 
Carnegie-Illinois Steel Corporation, Duquesne, Pa. Manuscript received May 
23, 1945. = 
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steel hot-short; nor does the hardenability continue to increase as 
more than a certain small percentage of boron is added (1), (2). 

A previous comparison of a 0.63 per cent carbon steel with and 
without boron? led to results of considerable significance as a possible 
explanation of the seemingly variable influence of a given addition of 
a boron-containing material on the hardenability of commercial steels. 








Consequently it was decided to undertake similar comparative in- 
vestigations of steels of other carbon content (0.40, 0.52, 0.75 per 
cent respectively) to which graded additions of several boron-con- 







taining alloys had been made to adjacent ingots. The more signifi- 






cant results of this investigation are described in this paper. 







MATERIAL 










The steels selected for study are from four commercial open- 
hearth heats containing (A) 0.40 per cent, (B) 0.52 per cent, (C) 
0.63 per cent, (D) 0.75 per cent carbon; in each case, a sample from 
an untreated ingot is compared with that from one or more adjacent 
ingots to which grainal or ferroboron had been added in the mold 
after the steel had been killed by aluminum. The composition in 
Table I is the heat analysis; this was taken as that of the test bars 
which were forged or rolled from a middle billet of the ingot. Test 
bars were 14-inch diameter for A and B series, l-inch diameter for 
C series and %-inch diameter for D series. The boron content of 
each bar to which boron had been added was determined by each of 
two different chemical methods ; the average of the two separate de- 
terminations, which agreed within +0.0001 per cent, is listed in 
Table I. In what follows, “boron content’ always signifies the per- 
centage thus determined. 

The first of these four steels is not, strictly speaking, a plain car- 
bon steel since it contains 1.25 per cent manganese; the other three 
are plain carbon steels with manganese on the high side of the usual 
specification range. In series A, boron was added in the form of 
either “10-79” or “10-80” grainal, each kind being added in each of 
three different amounts to provide the six ingots of different boron 
content ranging from 0.0004 to 0.0016 per cent. It is apparent 





















iThe figures appearing in parentheses pertain to the references appended to this paper. 


2Steel C of this paper. The results were presented orally to the A.I.M.E. in Febru- 
ary, 1943, and have “ otherwise described before smaller groups. They were also de- 
scribed in a restricted report (NDRC, No. M-112, issued August 4, 1943), “The Effect 
of Boron Upon the Structure and Heat Treating Characteristics of Steel,” by R. A. 
Grange; government restrictions have prevented their publication hitherto. 
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Table I 
Material and Austenite Grain Coarsening Temperature 





Total Austenitet 


Boron Grain 
-—Special Addition*——, Boron by Coarsening 
--Composition—, Type Lb./Ton Added— Analysis— Temp. 
%C %Mn Steel Grainal Added % % "is 
0.40 1.25 Be” gas ‘ es i 1900 
A2 # 10-79 4 0.0014 0.0004 1575 
A3 # 10-80 6 0.0006 0.0006 1775 
A4 # 10-80 5 0.0005 0.0006 1725 
A5 # 10-80 4 0.0004 0.0008 1625 
A6 # 10-79 5 0.0017 0.0014 1725 
A7 # 10-79 6 0.0021 0.0016 1825 
0.52 0.86  ° <aenee 4 3) oe, a 1775 
B2 #4208 2.5 eee = eeewee 1650 
B3 #4208 5 Mi 0.) 2) cee eRe 1675 
B4 #4209 2.5 0.0002 0.0004 1650 
BS #4211 2.5 0.0004 0.0004 1600 
B6 #4209 5 0.0004 0.0006 1725 
B7 #4210 2.5 0.0008 0.0007 1625 
B8 #4211 5 0.0008 0.0008T 1725 
B9 #4210 5 0.0016 0.0013 1600 
0.63 0.87 Te . -~qeebene ; IG oon, Geuren cahial 
C2 Ferroboron . 0.0025 0.0018 
0.75 0.71 SL - goede 5 ee Shaw 
D2 Ferroboron ; ? 0.0029 
*Composition of Grainal: 
ype % B % Ti % Al % Zr % Si % Mn % Fe 
# 10-79 0.69 20.53 13.80 3.39 3.11 7.76 Balance 
# 10-80 0.20 21.64 18.18 7.97 3.07 Os Balance 
#4208 none 19.51 16.40 4.90 4.00 7.48 Balance 
#4209 0.17 20.20 14.28 4.56 3.09 7.38 Balance 
#4211 0.36 19.56 14.89 4.16 3.72 8.61 Balance 
#4210 0.69 20.53 13.80 3.39 3.11 7.76 Balance 


In all cases, the liquid steel had been thoroughly killed with aluminum before the 
special addition was made to the mold. 


tThe boron content of this sample was not determined; however, in view of the boron 
addition and recovery in other ingots it seems reasonable to assume that chemical analysis 
would have shown it to have contained 0.0008 per cent boron. 


tThe coarsening temperature is the minimum temperature, to the nearest 25° F., for a 
heating —— of 20 minutes at which austenite grains poor: § than No. 4 A.S.T.M. form. 





from Table I that the actual boron by analysis was not always con- 
sistent with the nominal amount added; for example, steels A5 and 
A3, to which 4 and 6 pounds per ton respectively of “10-80” grainal 
were added, contain 0.0008 and 0.0006 per cent, the larger addition 
thus giving the smaller percentage of boron by analysis. 

Series B, a 0.52 per cent carbon steel, comprises bars from eight 
ingots each treated with one of four experimental grades of grainal, 
the amount being either 2.5 or 5 pounds per ton. Steel Bl, having 
had no grainal addition, serves as the standard for determining the 
effect of the grainal addition to the others, while B2 and B3 have 
grainal but no boron. The percentage of boron added and that ac- 
tually present are listed in adjacent columns in Table I; in this series, 
the recovery of boron was relatively high and, for the most part, con- 
sistent with the amount added. Steel B8 was not analyzed for boron, 
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Fig. 1—End-Quench Hardenability Curves. Four series of carbon steels, with and 
without boron. 


but in view of the known amount added and the recovery in the oth- 
ers, it is regarded as containing 0.0008 per cent boron. 

The two remaining series, C and D, are each the product of a 
pair of adjacent ingots, one without and one with boron. Boron was 
added to the 0.63 per cent carbon steel as ferroboron in an amount 
corresponding to 0.0025 per cent, and 0.0018 per cent was present by 
analysis. We were not informed regarding the amount of boron 
added to the 0.75 per cent carbon steel; the essential point is that 
this steel contains 0.0029 per cent boron, the highest in any of the 
steels studied. 


HARDENABILITY 


Hardenability was determined by means of the standard end- 
quench (Jominy) test in accordance with A.S.T.M. specifications. All 
bars were austenitized at about the temperature usually recommended 
for each type of steel; the entire series for any one steel were, of 
course, austenitized alike. The austenite grain size of the bars of 
the different steels varied as listed in Fig. 1; since the end-quenched 
bars from different ingots of any one heat differed only slightly in 
grain size, it is considered unnecessary to list these separately or to 
correct for grain size when comparing the hardenability of the sev- 
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eral members of each series. The usual Re hardness exploration was 
made along a flat surface ground lengthwise on the bar. In every 
case the hardness fell off markedly between % and % inch from the 
quenched end; for this reason more precise results were obtained 
with the Vickers machine which permitted readings every 0.02 inch 
compared to every 0.062 inch with the Rockwell machine. Concern- 
ing the resulting hardness curve, there was no great difference be- 
tween that based upon the conventional Re hardness and that based 
upon Vickers hardness; however, since the latter reveals smaller 
differences in hardenability, the end-quench hardenability curves in 
Fig. 1 consist of Vickers hardness plotted vertically and distance (up 
to 34 inch from the quenched end) plotted horizontally. It is im- 
portant to note that the distance scale is greatly expanded, compared 
to conventional plots of end-quench hardenability curves, to permit 
separation of the individual curves. The four charts of Fig. 1, each 
representing one of the four carbon grades, are plotted to an identi- 
cal scale of hardness and distance and may therefore be compared 
directly. For the convenience of those unfamiliar with Vickers hard- 
ness, the Rockwell “C’ hardness obtained by conversion from the 
Vickers scale is shown in the right-hand margin of each chart. 

It is obvious from Fig. 1 that, without exception, steel from a 
boron-treated ingot had greater hardenability (curve further to the 
right) than steel from an untreated ingot of the same heat. The in- 
crease in hardenability was not always consistent with the boron con- 
tent (nor with the amount of boron added) even among different in- 
gots of the same heat; furthermore, among the different carbon 
grades, boron was more effective the lower the carbon content. 

In analyzing the quantitative effect of boron upon hardenability, 
it is convenient to express the hardenability of each steel in terms of 
a single number. One means of doing this is to determine, by a 
method proposed by Asimow, Craig and Grossmann (3), the diam- 
eter (D,) of a round bar which, when given an “ideal” quench (the 
whole surface cooled instantly to room temperature) would have the 
same hardness and structure at its center as a previously selected 
point a known distance from the quenched end of the end-quenched 
bar; thus D,; serves as a convenient “hardenability index” and is 
often so designated hereafter. The distance usually selected corre- 
sponds to the point of inflection of the hardness curve; here the 
hardness of a carbon steel is about midway between the hardness at 
the quenched end and at the air-cooled end, and the structure con- 
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Hardenability Index and Relative Amount of Boron Constituent 





50% Martensite Basis 99.9% Martensite Basis 
Harden- Percentage Harden- Percentage 


ability Increasein ability Increase in Relative 
Index D1 Over Index Di’ Over Amount 
% Boron by D1 Untreated Di’ Untreated Di'/D1 of Boron 
Steel Analysis Inches Steel Inches Steel Ratio* Constituent? 
e+ -*— aes 1.7 ‘ ia — 0.71 0 
A2 0.0004 2.35 38 az 42 0.72 0+ 
A3 0.0006 2.6 53 1.75 46 0.67 I 
A4 0.0006 2.85 68 2 67 0.70 I 
A5 0.0008 2.9 70 2.05 71 0.71 IT 
A6 0.0014 2.95 74 2.15 79 0.73 III 
A7 0.6016 2.95 74 2.15 79 0.73 III 
| ee. 1.4 ae 1.05 . 0.75 0 
RRR TRIES 1.5 7 1,1 5 0.73 0 
— ee 1.6 14 1.2 10 0.75 0 
B4 0.0004 1.95 39 1.4 33 0.72 0+ 
BS 0.0004 1.85 32 1.4 33 0.76 0+ 
B6 0.0006 a9 54 1.4 33 0.65 II 
B7 0.0007 2.0 43 1.6 52 0.80 I 
B8 0.0008 2.15 54 1.6 52 0.74 II 
B9 0.0013 aia 50 1.6 52 0.76 II 
a 6— Reena 1.7 - a : 0.71 0 
C2 0.0018 2.2 30 1.65 37 0.75 II 
Rs hehe a 1.7 es 1.25 ve 0.74 0 
D2 0.0029 1.9 12 1.4 12 0.73 II 


*The Di’/D1 ratios are of general interest for they indicate in all these cases a nearly 
constant value of approximately 0.75, which means that the ideal bar diameter that will 
quench to 99.9% martensite at the center is 3/4 of the ideal bar diameter that will quench 
to 50% martensite. This is a useful] relationship, inasmuch as D1’ is more difficult to 
measure than D1. It is believed that this relationship may apply to plain carbon steels in 
general, but not to low-alloy steels. 

*Ratings based on micrographs of Fig. 4. ‘0+’ indicates that a trace of the dot- 
like boron constituent was observed in only a few fields in the entire specimen; with such a 
small amount, the presence cf boron cannot, in general, be determined with assurance by 
the metallographic test. 


sists of approximately 50 per cent martensite and 50 per cent pearlite. 
D; was determined on this basis for each of our steels, and is listed 
in Table II (third column). Knowing Dy, it is possible to calculate 
the increase in hardenabilty of treated over untreated ingots; this, 
expressed as percentage increase in Dy, is given in the fourth column 
of Table IT. | 

The selection of 50 per cent martensite-50 per cent pearlite as 
an arbitrary division between hardened and unhardened steel is justi- 
fied principally by the circumstance that the distance on the end- 
quenched bar, where this structure occurs in these carbon steels, is 
easily and accurately measured directly on the hardness curve. Ac- 
tually, steel should not be regarded as truly hardened if it is not en- 
tirely martensitic, and the use of the 50 per cent martensite point as 
a measure of hardenability will be a satisfactory basis for compari- 
son only if it correlates well with hardenability based upon the 
wholly martensitic (“quenched out”) structure. The present harden- 
ability tests afford an excellent series to check this correlation and 
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to make certain that the increase in hardenability due to boron based 
on 50 per cent martensite will likewise be valid for the more signifi- 
cant fully hardened basis. In order to determine the distance from 
the quenched end at a point which was just barely quenched-out, it 
was necessary to polish and etch the flat on which hardness impres- 
sions had been made and then microscopically examine the structure 
at various distances; hardness measurement does not permit accurate 
estimation of this point. For our purposes a quenched-out, or fully 
hardened, structure was considered to contain only a definite trace 
of dark-etching constituent (about 0.1 per cent), the balance (or 
99.9 per cent) being light-etching martensite. Having determined 
the distance from the quenched end of the bar at which the structure 
consists of 99.9 per cent martensite, an ideal diameter on this basis 
(Dy’) was determined and is listed in the fifth column of Table II. 
The percentage increase in Dy’ of treated over the untreated ingot of 
each heat is listed in the sixth column of Table II; in general, these 
values agree rather well with the corresponding percentage increase 
based upon 50 per cent martensite. 

The increase in hardenability produced by the addition of boron- 
bearing grainal to the 0.40 per cent carbon heat (“A” series) was 
relatively consistent with the boron content of the steel and amounted 
to nominally 75 per cent when about 0.001 per cent or more of boron 
was present. This means, for example, that if the largest diameter 
bar from an untreated ingot which will harden throughout in an 
“ideal quench” is 1 inch, then the presence of 0.001 per cent boron 
(at least when added in the form of grainal) would increase the fully 
hardenable size to 1.75-inch diameter ; if the comparison is made us- 
ing an actual quench of less severity, the relative difference in hard- 
enable size would be even greater. 

In the case of the 0.52 per cent carbon heat (“B” series) the ad- 
dition of grainal containing no boron produced a significant harden- 
ability increase ; thus, steel B2 which had 2.5 pounds grainal per ton 
has 5 to 7 per cent greater hardenability than the untreated ingot, and 
steel B3 (5 pounds grainal per ton), 10 to 14 per cent greater hard- 
enability. Apparently elements such as titanium and zirconium in 
the grainal contributed somewhat toward the increased hardenability 
of grainal-treated steels; therefore, when boron is added as grainal 
not quite all the hardenability increase should be attributed solely to 
the effect of boron. Steels of the 0.52 per cent carbon series had 
about 50 per cent greater hardenability when about 0.0007 per cent 
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or more of boron was present. Steel B6 which contained 0.0006 per 
cent boron had greater hardenability than B9 (0.0013 per cent bo- 
ron) when the hardenability was based upon 50 per cent martensite ; 
however, it fell in its proper order when hardenability was based 
upon 99.9 per cent martensite. 

The hardenability of the 0.63 per cent carbon heat (“C” series) 
was increased only about one-third by the presence of 0.0018 per cent 
boron ; that of the 0.75 per cent carbon heat (““D” series), only about 
one-eighth by 0.0029 per cent boron. In these steels boron was added 
as ferroboron and, unlike the A and B series, any increase in harden- 
ability contributed by elements other than boron in the special addi- 
tion (intensifier) is absent. 

Making due allowance for lack of precision in determining such 
small percentages of boron by chemical analysis, the data of Table II 
suggest that, in general, the hardenability effect of a measured boron 
content cannot be predicted within satisfactory limits; apparently, 
there are factors to be considered other than the mere presence of 
boron as determined by chemical analysis. 


INFLUENCE OF CARBON UPON THE HARDENABILITY 
EFFECT OF BoRON 


It is evident from the hardenability measurements that boron 
was most effective in the lowest carbon grade and least effective in 
the highest carbon grade (Fig. 1 or Table II). Assuming that boron 
increases hardenability uniformly as amounts up to about 0.001 per 
cent are added, and that additional boron causes no further increase 
(the data suggest this to be the case, but are not sufficiently numerous 
to make certain of it), each of the four carbon grades seems to differ 
in the maximum hardenability increase obtainable from boron addi- 
tion. 

Considering each heat separately and plotting the percentage in- 
crease in D, (fourth column, Table II) versus boron content, the 
chart in Fig. 2 results. For the 0.40 and 0.52 per cent carbon heats 
there are enough data to indicate the entire course of the curve. 
Only one point is available for the 0.63 and the 0.75 per cent carbon 
heat, but since in either case the boron content is well above the 0.001 
per cent assumed necessary for the full effect of boron, the horizon- 
tal portion is considered to be determined by the one point in each 
case; this assumption, it must be admitted, is open to question, and 
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Fig. 3—Approximate Effect of Carbon Con- 
tent Upon the Increase in Hardenability Obtainable 
from Addition of Boron to Carbon Steels. 


more data are needed to verify the curves as drawn for the 0.63 and 
0.75 per cent carbon steels. 

Within the limits imposed by these data, the effect of carbon 
content upon the maximum increase, due to boron, in hardenability 
of carbon steels is shown in Fig. 3. The trend is indicated by a band 
rather than by a line since the data do not warrant precise analysis. 
There is some question as to whether the 0.63 per cent carbon, and 
particularly the 0.75 per cent carbon, steel may not be, despite their 
high boron content, low in hardenability as compared to other boron- 
treated steels of these grades, especially to those to which boron has 
been added in some form other than ferroboron. Despite these con- 
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siderations, it seems logical to conclude that boron is decidedly less 
effective in higher carbon steels; presumably this trend is also pres- 
ent in low-alloy steels of different carbon content. It is interesting to 
note that the extrapolation of the band of Fig. 3 indicates that boron 
in a eutectoid steel (probably therefore in a hypereutectoid steel as 
well) does not increase hardenability at all. Several instances of at- 
tempts by others to improve the hardenability of hypereutectoid steel 
by the addition of boron have come to the authors’ attention, and 
these, in confirmation of the present data, have met with little or no 
success. 

Apparently the effect of boron upon hardenability is decidedly 
influenced by carbon content; other elements in steel may also be a 
factor. In any attempt to estimate the hardenability increase result- 
ing from a known amount of boron, consideration must be given to 
carbon content. The maximum benefit from boron will be derived 
from its addition to the lower carbon, hardenable steels; thus far, it 
is in just such steels that the greatest use of boron has been made. 


A METALLOGRAPHIC TEST FOR BORON 


About three years ago it was discovered by one of the present 
authors that after a special heat treatment the presence of even the 
small amount of boron added to increase hardenability in commercial 
practice resulted in the formation of a characteristic constituent 
which could be readily observed in the microstructure. Subsequently, 
this “metallographic test” for boron has been applied to many boron- 
treated steels, all of which were found to contain this constituent 
whenever the boron treatment was successful in appreciably increas- 
ing the hardenability; on the other hand, no such constituent has 
ever been observed by us in a boron-free steel. 

The steps involved in the metallographic test for boron are rela- 
tively simple, but must be carefully performed. In principle, it is nec- 
essary first to heat a small sample of the steel at a temperature well 
above that ordinarily used in normalizing, annealing or hardening ; for 
best results, grain coarsening must occur, and a temperature of about 
2000 degrees Fahr. (1095 degrees Cent.) is therefore usually neces- 
sary. The heating time need be only long enough to insure that the 
steel has attained this temperature. Since decarburization occurs 
rapidly at such a temperature, it is advisable to provide a neutral or 
mildly carburizing atmosphere in the heating furnace; in the absence 
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of special equipment, a tube partly filled with powdered coke or other 
carbonaceous material provides adequate protection during the short 
heating period. After heating, the sample is cooled rapidly to a tem- 
perature below A,; this step is conveniently performed by rapidly 
transferring the sample from the heating furnace into a liquid lead 
or salt bath. Unless cooled relatively rapidly from the heating tem- 
perature the boron constituent may not form, even though the steel 
contains considerable boron; this explains the necessity for reason- 
ably small specimens (%-inch thick is a satisfactory size) and the 
need for rapid transfer to the liquid bath. Subsequent heat treat- 
ment must be such that sufficient time is allowed in the temperature 
range A, to 500 degrees Fahr. for the boron constituent to precipi- 
tate from austenite and yet one which will produce a light-etching 
matrix in which the dot-like boron constituent will be microscopically 
visible after etching. In hypoeutectoid steels, it suffices to trans- 
form, or at least partly transform, austenite at any temperature where 
ferrite forms at austenite grain boundaries; only hypoeutectoid steels 
have been successfully boron-treated in commercial practice, and, for 
reasons previously discussed, they alone are likely to continue to be 
boron-treated. 

In making this metallographic test on a plain carbon or low alloy 
hvpoeutectoid steel, the following specific heat treatment has been 
found to be adequate, even though some modification in accordance 
with the principles discussed above may occasionally be desirable: 


1. Heat samples about %-inch thick and of any convenient di- 
mension otherwise at 2000 to 2100 degrees Fahr. (1095 to 
1150 degrees Cent.) for 10 minutes. 

2. Transfer quickly from the heating furnace and quench in a 
lead or salt bath at about 1200 degrees Fahr. (650 degrees 
Cent.). 

3. Hold at 1200 degrees Fahr. (650 degrees Cent.) (approxi- 
mately) for 1 hour, then quench to room temperature ; this 
quench is not essential but is usually the most convenient 
way to cool. 

The heat treated sample is then ground or sectioned to remove 
the surface layer of metal, and prepared in the usual way for micro- 
scopic examination. Reasonably good polishing technique is required 
since the boron constituent is very small in volume and consists of 
tiny particles ; repeated polishing and etching is recommended to elim- 
inate “disturbed metal”. Picral is by far the best reagent for the 
final etch, although any etching reagent which reveals the overall 
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structure will also reveal the boron constituent, at least when a rela- 
tively considerable amount is present. It is necessary to etch longer 
than the optimum for etching pearlite if all the boron constituent is 
to be made visible. The structure should be examined at a magnifi- 
cation of at least & 500. The appearance of several steels treated 
and prepared in this way is shown in Fig. 4; the dots are the boron 
constituent which, as illustrated, always forms a partial or continu- 
ous network in the austenite grain boundaries. 

This metallographic test for boron has been performed by oth- 
ers,® for the most part with complete success; its failure in the hands 
of a few has been due entirely to faulty technique, as proved by later 
success when more care was given to heat treatment and metallo- 
graphic preparation. Obviously the more practice the metallographer 
has in using this test the more certain he becomes of the result. 
Since any number of different samples may be treated simultane- 
ously, it is advisable, at least until some experience is acquired, to 
include in any given test “control” samples (one containing boron, 


the other none) to insure that the method has been properly carried 
out. 


CORRELATION OF THE METALLOGRAPHIC TEST FOR BORON 
WITH BorRON CONTENT AND WITH HARDENABILITY 


The steels listed in Table I were subjected to this metallographic 
test in an attempt to correlate the microscopically visible amount of 
boron constituent with boron content and hardenability. For this 
purpose a small sample was cut from the air-cooled end of each end- 
quenched hardenability bar. The 0.40 per cent carbon steels (“A” 
series in Table 1) were examined first, and a series of four represen- 
tative photomicrographs chosen to illustrate the entire series. The 
photomicrographs, shown in Fig. 4, have been arbitrarily designated 
“O”, “T’, “II” and “III” in order of increasing amount of boron 
constituent, which is visible as rows of dots in the ferrite outlining 
the prior austenite grains. All four samples were heat treated simul- 
taneously, then polished, etched, and photographed in the same man- 
ner. These four photomicrographs, hereafter used as “standards” 
to designate the amount of boron constituent in the other steels, may 
be described as follows: 





%Although this metallographic test for boron has not heretofore been described in any 
publication, it has received some publicity?. 
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Fig. 4—Metallographic Test for Boron. The boron constituent appears as the net- 
work of dots. Picral etch. XxX 1000. O0—Steel Al, no boron; I—Steel A3, 0.0006 per 
cent boron; II—Steel A5, 0.0008 per cent boron; II1I—Steel A6, 0.0014 per cent boron. 
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“O”’—The first photomicrograph in the series represents steel 
Al which contained no boron. The structure consists 
of ferrite and pearlite resulting from isothermal trans- 
formation at 1200 degrees Fahr. (650 degrees Cent.). 
The significant feature is the absence of dots in the 
white ferrite. 


“T”—Represents a sample of steel A3 which contained 0.0006 
per cent boron. The general structure is similar to that 
shown in “O”, but several rows of dots are visible in 
the ferrite. The amount of dot-like boron constituent - 
is little more than the minimum necessary to identify 
with assurance the presence of boron in the steel. The 
dots form a discontinuous network around the austen- 
ite grains and are not closely spaced. 


“TT’’—Steel A5 (0.0008 per cent boron) is represented by this 
photomicrograph. The amount of boron constituent 
is appreciably greater than in “I” and the dots, while 
not always closely spaced, are present in almost every 
grain boundary. 


“II1”—The last photomicrograph of the series represents steel 

A6 which contained 0.0014 per cent boron. The amount 

of boron constituent is still greater and, in part, appears 

as a band or group, rather than as a single row of dots. 

A sample from each end-quenched bar was appropriately heat 
treated and “rated” in terms of the four micrographs in Fig. 4; in 
making this rating, a sample was designated “O”, “TI”, “IT” or “IIT” 
according to the photomicrograph most nearly representing the 
amount of boron constituent it appeared to contain. The 0.52 and 
0.63 per cent carbon steels in transforming at 1200 degrees Fahr. 
(650 degrees Cent.) developed sufficient ferrite to make them reason- 
ably comparable to the photomicrographs of Fig. 4. The 0.75 per 
cent carbon steel, however, as transformed at 1200 degrees Fahr. 
(650 degrees Cent.) developed only a trace of ferrite and therefore 
almost no dots were visible. When this steel was quenched from 
2000 to 600 degrees Fahr. (1095 to 315 degrees Cent.), held for 1 
minute (just short of the beginning of bainite formation), and then 
brine-quenched, the dots of boron constituent were visible in a matrix 
of light-etching martensite ; in this case, the amount of boron constit- 
uent was rated by disregarding the over-all structure and noting to . 
what extent the dots outlined austenite grains and whether eutectic- 
like bands (or groups of dots) occurred. In Table II the relative 
amount of boron in each steel, thus derived, is listed (seventh 
column) and may be compared with boron content and hardenability. 
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Examination of Table II indicates that in each series the amount 
of boron constituent increases as the percentage of boron and hard- 
enability increase. The indentification of boron by the metallo- 
graphic test was clear-cut for steels containing 0.0006 per cent or 
more boron; in the three steels containing 0.0004 per cent boron, a 
row of dots was barely visible in only an occasional field. This prob- 
ably means that detection of boron by the metallographic test in steel 
is, in general, possible only in those containing about 0.0005 per cent 
or more of boron. The data further indicate that, taking the entire 
group as a whole, the correlation between boron content and amount 
of boron constituent is not particularly good; thus, steel D2 contains 
0.0029 per cent boron, but only rates a “II”, whereas steel A6 con- 
tains but half as much boron and rates a “III”. However, the cor- 
relation between hardenability and amount of boron constituent 
seems somewhat better than the correlation between hardenability 
and boron content; for example, 0.63 and 0.75 per cent carbon steels 
which have a relatively small hardenability increase due to boron, 
develop only a moderate amount of boron constituent despite their 
high boron content. 

In general, it appears from these results that neither a deter- 
mination of the amount of boron actually present in a steel, nor the 
metallographic test to see how much boron constituent is made visi- 
ble, is an adequate basis for predicting the hardenability of a boron- 
treated steel ; of the two, the metallographic test (if carried out so as 
to develop as much boron constituent as the steel is capable of form- 
ing) seems to be the better indicator of the hardenability increase. 
The amount of boron constituent, like the hardenability of these 
steels, seems to be influenced by carbon content. In any steel which 
develops an amount of boron constituent equal to or greater than mi- 
crograph “III” in Fig. 4, it is probable that more than 0.001 per cent 
boron is present and that the full hardenability effect of boron is 
potentially available. 


INFLUENCE OF AUSTENITIZING TEMPERATURE UPON THE 
HARDENABILITY OF BoRON-TREATED STEEL 


In general, the hardenability of any given steel increases as 
the austenitizing temperature (and hence the austenite grain size) 
increases; but this does not appear to be true for steel containing 
boron. The influence of austenitizing temperature upon harden- 








1946 BORON-TREATED STEELS 151 


ability has been determined for several different boron-treated steels ; 
in every case, the hardenability was less at an austenitizing tempera- 
ture in the vicinity of 2000 degrees Fahr. (1095 degrees Cent.) than 
at 1500 to 1600 degrees Fahr. (815 to 870 degrees Cent.). The rela- 
tive decrease in hardenability after high austenitizing temperature 
varied among the several steels, but was always appreciable. 

In order to illustrate precisely how austenitizing temperature 
may influence hardenability, a steel was selected in which this effect 
was particularly marked, this being a low-alloy steel containing 0.25 
per cent carbon. Pairs of samples were prepared, one from an in- 
got to which boron had been added as ferroboron in the mold, the 
other from an adjacent boron-free ingot. The samples were 4 by 
YZ by % inch, and each pair of corresponding samples was austeni- 
tized simultaneously at one of a series of temperatures in the range 
1450 to 2000 degrees Fahr. (790 to 1095 degrees Cent.) for a con- 
stant time of 15 minutes and then cooled in still air (normalized). 
Since this low-alloy steel was air hardening to some extent at all 
austenitizing temperatures, the hardness of these normalized samples 
is a measure of hardenability; that is, the structure consisted in part 
of martensite, which varied in accordance with the hardenability and 
is reflected in the normalized hardness. The results are summarized 
in Fig. 5; most of the points are the average of several independent 
heat treatments. Among several samples of the same steel similarly 
heat treated the variation in hardness was within 1 Rc of the average 
of all; thus, it is felt that the curves as drawn are a reasonably re- 
producible indication of hardenability. 

In Fig. 5, the hardness (and hardenability) of the steel con- 
taining no boron increased slightly and uniformly as the austenitiz- 
ing temperature increased; below 1500 degrees Fahr. (815 degrees 
Cent.) there was a definite falling off of the curve due to incomplete 
solution of carbon and alloying elements. The hardness of the boron- 
treated steel increased markedly up to 1550 degrees Fahr. (845 de- 
grees Cent.) and decreased thereafter. Below 1550 degrees Fahr. (845 
degrees Cent.), the hardness decrease may be due to incomplete solu- 
tion of carbon and alloying elements (probably boron included) ; 
above 1550 degrees Fahr. (845 degrees Cent.) the marked decrease 
in hardness must be due to boron since the same steel without boron 
increased uniformly in hardness throughout this temperature range. 
Of particular interest is the fact that the hardenability of the boron- 
treated steel was decidedly greater than that of the boron-free steel 
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Fig. 5—Influence of Austenitizing Temperature Upon the 
Hardness of Small, Air-Cooled (Normalized) Samples of a 
Low-Alloy Steel with and without Boron. Held 15 minutes 
at the austenitizing temperature. 


in the vicinity of 1550 degrees Fahr. (845 degrees Cent.), no better 
at about 1800 degrees Fahr. (980 degrees Cent.), and appreciably 
less at 2000 degrees Fahr. (1095 degrees Cent.). 

While the hardenability effect of boron in this steel was absent 
in samples air-cooled from above 1800 degrees Fahr. (980 degrees 
Cent.), it was regained on re-normalizing from a lower temperature. 
Thus, boron steel samples which had been normalized from 2000 de- 
grees Fahr. (1095 degrees Cent.) to a hardness of 30 Rc had a hard- 
ness of 39.5 Re after a second normalizing treatment in which they 
were heated for 1 hour at 1550 degrees Fahr. (845 degrees Cent.) ; 
however, if heated for only 15 minutes at 1550 degrees Fahr. (845 
degrees Cent.), the hardness as normalized was only 31 Re. Appar- 
ently complete restoration of the boron effect required an appreciably 
longer heating time than the 15 minutes used in normalizing the 
samples of the original “as-rolled’”’ material. A sample of boron- 
treated steel heated to 2000 degrees Fahr. (1095 degrees Cent.) and 
then hot-worked (forged) and allowed to air cool had substantially 
the same hardness as one normalized directly from 2000 degrees 
Fahr. (1095 degrees Cent.) ; this observation is of considerable prac- 
tical significance, since it indicates that the boron-treated steel would 
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have no greater tendency to air harden than the steel without boron 
when both are cooled from ordinary forging or rolling temperatures. 

At the moment, no explanation is offered for this anomalous 
loss in hardenability of boron-treated steel when cooled from a high 
temperature. It is fortunate that boron seems to have its greatest 
effect upon hardenability when austenitized at about the temperature 
range customarily used for hardening steel. In this low-alloy steel, 
boron was present in approximately the optinium amount and the 
full hardenability effect of boron appeared to be present when this 
steel was hardened from 1550 to 1600 degrees Fahr. (845 to 870 de- 
grees Cent.) ; that this was the case was confirmed by end-quench 
hardenability tests. In any steel, the austenitizing temperature affects 
the hardenability ; in boron steel, this factor is of relatively greater 
importance, and its effect cannot be predicted from the behavior 
of steel without boron. Apparently, austenitizing temperature is a 
factor of great importance in determining the hardenability of boron- 
treated steel; the hardenability may be decreased, not increased as in 
the case of other steels, by austenitizing a boron-treated steel at a 
higher temperature than normally used. 


EFFECT OF PROLONGED HEATING AT H1GH TEMPERATURE 


In the preceding section, the effect of a relatively short heating 
period at temperatures up to 2000 degrees Fahr. (1095 degrees 
Cent.) has been discussed; the effect of prolonged heating at still 
higher temperatures will now be considered. 

Heating any steel at a temperature well above 2000 degrees 
Fahr. (1095 degrees Cent.) for a period of many hours or days has 
the effect of eliminating the segregation which causes steel to be 
banded; it is frequently referred to as “homogenization”. In most 
steels homogenization has been found to have relatively little effect 
upon hardenability. If boron-treated steels are homogenized, how- 
ever, it appears from the observations about to be described that the 
hardenability effect of boron may be completely eliminated; pre- 
sumably, this effect of homogenization on the boron steel is not due 
to elimination of segregation, but rather to the circumstance that 
in so doing the steel must be heated for a long time at a high tem- 
perature. 

As the first example, samples of the 0.63 per cent carbon steel 
with and without boron (steels Cl and C2 in Table I) were sealed 
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under vacuum in a silica tube to prevent oxidation and decarburiza- 
tion, and then heated for 24 hours at 2350 degrees Fahr. (1290 de- 
grees Cent.). At the conclusion of this homogenization treatment 
they were air-cooled to room temperature. A small piece of each of 
these homogenized samples, together with similar samples of the 0.63 
per cent carbon steel in the “as-rolled” condition, were (A) austeni- 
tized simultaneously at 1500 degrees Fahr. (815 degrees Cent.), (B) 
quenched into a lead bath at 1000 degrees Fahr. (540 degrees Cent.), 
(C) held for 5 seconds at 1000 degrees Fahr. (540 degrees Cent.) 
and then (D) brine-quenched to room temperature. The amount of 
transformation that occurred during the 5 seconds at 1000 degrees 
Fahr. (540 degrees Cent.) indicates the speed of transformation at 
approximately the temperature where it is greatest (“knee” of the 
isothermal transformation diagram) and is consequently a measure 
of hardenability. The micrographs of Fig. 6 illustrate the amount 
of transformation observed in these four samples. 

In the pair of samples which were not homogenized, the steel 
without boron (top left) is about 90 per cent transformed to fine 
pearlite (dark-etching) while the boron steel (top right) is only 
about 5 per cent transformed; the white areas are, of course; mar- 
tensite resulting from brine quenching austenite untransformed after 
5 seconds at 1000 degrees Fahr. (540 degrees Cent.). The two lower 
micrographs represent the pair of homogenized samples; that on the 
left, representing the steel without boron, is roughly comparable to 
that directly above, showing that homogenization had no very signifi- 
cant effect upon the hardenability of the steel without boron. The 
lower right-hand photomicrograph representing the homogenized 
boron steel contains even more pearlite than the homogenized steel 
without boron and vastly more than the boron steel which was not 
homogenized. Evidently, the hardenability effect of boron was negli- 
gible in the steel which, in the course of homogenization, had been 
heated for a long time at high temperature. 

Another experiment was made using pairs of samples of the 
low-alloy steel, with and without boron, described in the previous 
section. In this case, the samples were again homogenized for 24 
hours at 2350 degrees Fahr. (1290 degrees Cent.). Hardenability 
was measured by samples isothermally transformed for each of a 
series of times at 1200 degrees Fahr. (650 degrees Cent.) and at 900 
degrees Fahr. (480 degrees Cent.) ; in this low-alloy steel, minima 
in the time required for beginning of transformation occur at each 
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Fig. 6—Influence of Homogenization on the Amount of Transformation (Dark 
Areas) in 0.63 Per Cent Carbon Steel (C Series). Held 5 seconds at 1000 degrees 
Fahr. after austenitizing at 1550 degrees Fahr. Prior homogenization treatment: 24 
hours at 2350 degrees Fahr., air-cooled. 500. Picral etch. a—Not homogenized, no 
boron. b—Not homogenized, 0.0018 per cent boron. c—Homogenized, no boron. d— 
Homogenized, 0.0018 per cent boron. 
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of these two temperature levels. As before, this pair of homogenized 
samples was compared with a correspondingly transformed pair of 
samples from “as-rolled’’ material. In this low-alloy steel the un- 
homogenized samples without boron and both homogenized samples 
transformed to approximately the same extent in any given time at 
either 1200 or 900 degrees Fahr. (650 or 480 degrees Cent.) ; the 
unhomogenized boron-treated steel had much less transformation 
product after any given time at either temperature than the other 
three. This indicates that again in this steel the effect of boron 
upon hardenability was eliminated by the homogenization treatment. 

In one method for determining the amount of boron in steel, the 
boron is reported partly as “soluble” and partly as “insoluble” boron. 
It was thought that the homogenization treatment might have 
changed the ratio of soluble to insoluble boron; that this was not the 
case was shown by chemical analyses of the homogenized sample 
which was found to contain the same percentages of “‘soluble’’ and 
“insoluble” boron as before homogenization; nor was the percentage 
of any other element in the steel changed by the homogenization 
treatment. 

Homogenization did not change the chemical composition, yet 
it did reduce the hardenability of the boron-treated steel so that it 
transformed as rapidly as the steel without boron. Apparently, the 
boron must have been in some way converted into an ineffective 
form, although the same values were obtained for soluble and in- 
soluble boron after homogenization as before. There appears, there- 
fore, to be little practical significance in reporting boron as “soluble” 
and “insoluble”; the total boron is of principal interest, but seem- 
ingly the mere presence of boron is not always a guarantee of in- 
creased hardenability. 

Before homogenization, the boron-treated low-alloy steel de- 
veloped a considerable amount of boron constituent (“III’ in Fig. 
4); after homogenization it failed to develop any visible boron con- 
stituent. This indicates that the ability of the steel to develop the 
boron constituent, like the hardenability, was destroyed by the pro- 
longed heating at the high temperature, and supports the premise 
that the amount of boron constituent is a more reliable criterion of 
the effectiveness of boron treatment than chemical determination of 
the percentage of boron in the steel. 

Various treatments, such as repeated normalizing or forging, 
failed to restore the hardenability effect of boron in the homogenized 











1946 BORON-TREATED STEELS 157 


sample. It seems that the long soak at 2350 degrees Fahr. (1290 de- 
grees Cent.) had, in this case, permanently destroyed the boron effect. 

In the examples just described, heating for 24 hours at 2350 de- 
grees Fahr. (1290 degrees Cent.) completely eliminated any in- 
creased’ hardenability due to boron. In another series of boron- 
treated steels, the hardenability effect due to boron was reduced but 
not altogether destroyed, and the homogenized samples were still 
capable of producing some boron constituent when given the metal- 
lographic test for boron. Presumably in this instance a longer heat- 
ing at 2350 degrees Fahr. (1290 degrees Cent.) might have complete- 
ly destroyed the boron effect. 

It thus appears that boron-treated steels, at least when boron is 
added as ferroboron, may suffer a permanent loss in hardenability if 
heated for a long period at high temperature. There is a possibility 
that in some cases hardenability would be reduced merely by 
soaking the ingot or billet preparatory to rolling; this phase of the 
subject, however, requires further investigation. Although the data 
on the effect of soaking a boron-treated steel at high temperature are 
at present limited to-these few steels, it is interesting to speculate how 
boron-treated steels, in general, may respond to high temperature 
treatments. It has been noted that a short heating at a temperature 
in the vicinity of 2000 degrees Fahr. (1095 degrees Cent.) destroyed 
the boron effect in a normalized sample; in this case, the boron effect 
was restored by reheating at an ordinary austenitizing temperature. 
In the homogenized sample, which was heated for a long time at high 
temperature, the boron effect appeared to have been permanently de- 
stroyed. 


GRAIN COARSENING OF BoRON-TREATED STEEL 


All other things being equal, a boron-treated steel has generally 
been found to have larger austenite grains than a comparably austeni- 
tized steel without boron. This is of no great practical significance 
since the grain coarsening effect of boron can be sufficiently over- 
come by deoxidation with the proper amount of aluminum which 
must be added in any event (4). It is of interest, however, to con- 
sider this effect of boron and to see precisely how boron (and grain- 
al) affected the grain coarsening behavior of the aluminum-killed 
0.40 and 0.52 per cent carbon steels listed in Table I. 


In order to study the influence of austenitizing temperature upon 
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the grain size of each steel, small pieces were austenitized for a con- 
stant time of 20 minutes and then quenched in water. The grain 
size established by austenitizing at each of a series of temperatures 
in the range 1400 to 2000 degrees Fahr. (760 to 1095 degrees Cent.) 
was measured after tempering at 700 degrees Fahr. (370 degrees 
Cent.) for 15 minutes and subsequently polishing and etching in 
“grain size” reagent.* 

The results for three typical steels (Bl, B3 and B9 ) are pre- 
sented in graphic form in Fig. 7. Each steel is represented by an 
individual chart, and for better comparison all three are summarized 
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Fig. 7—-Typical Austenite Grain Coarsening Behavior in 
0.52 Per Cent Carbon Steels without Boron, with Boron-Free 
Grainal, and with Boron Grainal. 


by a fourth chart. In arriving at these results, the entire polished 
face of each specimen, comprising an area approximately #4; by % 
inch, was examined. The range in size of grain observed is indicated 
in Fig. 7 by a vertical line with an arrow-head at either end; in gen- 
eral, the presence of a few grains smaller than the prevailing grain 
size was disregarded, but even a single coarse grain was included in 
the rating. The “average” grain size is plotted as a point, and a 
curve drawn through such points indicates the trend; the “average” 
grain size represents an estimate of that single grain size which 
would occupy the same aggregate area as do the same number of 
grains of various sizes actually observed in the specimen. All the 
steels contained small grains of relatively uniform size at the lower 
temperatures, but began to coarsen with the appearance of a few 


4A.S.M. Metats Hanpsoox, 1939 Edition, Reagent No. 3, p. 722. 
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very large grains; it is the designation of such “duplexed” or mixed 
grains that requires some such scheme as is here employed. Ob- 
viously, a specimen with a few large grains in a predominantly fine- 
grained sample will be represented on the charts by a long vertical 
line with an arrow-head at either end to indicate the largest and 
smallest grains observed, the average grain size being indicated by a 
point nearer the lower end of the vertical line. 

The temperature at which a few coarse grains first appear is of 
practical significance, since the austenitizing treatment is limited to 
a lower temperature if a uniform fine-grained austenite (which is 
generally desired) is to be obtained. This coarsening temperature, 
based upon the appearance of one or more grains of No. 3 size or 
larger, is indicated by a vertical bar on the temperature scale in Fig. 
7; the coarsening temperature has been rounded-out to the nearest 
25 degrees Fahr., since the measurements do not warrant more pre- 
cise designation. It should be emphasized that a heating time longer 
than the 20 minutes used in this case might be expected to lower the 
coarsening temperature somewhat. The grain size obtained by this 
direct method would probably not agree with that developed by the 
carburizing test, but our average grain size should be comparable to 
that determined by the fracture method. 

The grain coarsening temperature for each steel in the A and B 
series is listed in the last column of Table I. It is apparent that a 
boron-treated ingot generally has a lower coarsening temperature 
than an untreated ingot; the addition of grainal, either with or with- 
out boron, appears to have lowered the coarsening temperature of 
these steels which were all thoroughly killed with aluminum before 
erainal was added. There is little or no correlation between the 
amount of boron and coarsening temperature; rather, the coarsening 
temperature appears more influenced by the amount of grainal added. 
For example, in the “A” series the coarsening temperature is 1900 
degrees Fahr. (1040 degrees Cent.) with no grainal, 1575 and 1625 
degrees Fahr. (855 and 885 degrees Cent.) with 4 pounds grainal 
per ton, 1725 degrees Fahr. (940 degrees Cent.) in both cases with 
5 pounds per ton, and 1775 and 1825 degrees Fahr. (970 and 995 
degrees Cent.) with 6 pounds per ton. In the “B” series the addition 
of grainal without boron lowered the coarsening temperature about 
100 degrees Fahr., but there is no consistent correlation between 
coarsening temperature and amount of grainal added in this case. 

Considering the trends in grain growth shown in Fig. 7, it is ap- 
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parent that, in general, the boron-treated steel has slightly larger 
grains at any given austenitizing temperature than the steel without 
boron, although both tend to have the same grain size at very high 
austenitizing temperatures. In the treated steels the curves drawn 
through the average grain size at each temperature seem to have a 
different shape, the addition of grainal without boron having had an 
effect quite similar to grainal with boron. The trend in grain growth 
for all the steels is summarized in the lower right chart of Fig. 7; 
the steels represented being (A) B1, regular practice with no grainal 
or boron, (B) B3 with 5 pounds boron-free grainal per ton, and (C) 
B9 with 5 pounds boron-bearing grainal per ton (0.0013 per cent 
boron in the steel). The first curve remains relatively flat up to 1700 
degrees Fahr. (925 degrees Cent.), then rises abruptly between 1700 
and 1800 degrees Fahr. (925 and 980 degrees Cent.) ; this shape of 
curve is characteristic of aluminum-killed steel in general. The sec- 
ond and third curves are similar and lie above the first at the lower 
temperatures ; there is no abrupt change in slope. This type of curve 
more nearly resembles that of steel which has been killed with silicon 
rather than aluminum. Apparently grainal either with or without 
boron tends to cause the grains in aluminum-killed steel to conform 
more to the grain-growth behavior of silicon-killed steel. 

At a given temperature, the grainal-treated steels had a slightly 
larger grain size than untreated steel; in general, this difference was 
greater the more boron the steel contained. The difference in grain 
size between treated and untreated steel was never great enough at 
the austenitizing temperature that would ordinarily be used for hard- 
ening to be of any great practical significance. In these steels, the 
effect of boron is obscured, to some extent, by the effect of the other 
elements in grainal; nevertheless, the same trend has been observed 
in steel to which boron was added as ferroboron. The obvious con- 
clusion is that boron, as well as certain of the other elements in grain- 
al, reduces the effectiveness of aluminum in inhibiting grain growth 
in steel to which the optimum amount of aluminum for this purpose 
had been independently added. Since the ability of aluminum to 
prevent grain growth at an austenitizing temperature below the 
coarsening temperature is usually attributed to the presence of tiny 
particles of alumina (Al,O,), it is possible that boron and elements 
in grainal, such as zirconium and titanium, may decrease the resist- 
ance to grain growth by uniting with some of the oxygen, thus de- 
creasing the number of alumina particles. 
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METALLOGRAPHIC ASPECTS OF BoRON-TREATED STEEL 


Microscopic examination of end-quenched hardenability bars de- 
scribed earlier revealed a difference in the martensite-plus-pearlite 
zone of ‘boron and no-boron steel. In each steel without boron, the 
austenite grains were quite well delineated by dark-etching trans- 
formation product in this region; in the boron-treated steels, partic- 
ularly those containing a relatively large amount of boron, this was 
not the case. In addition, at a comparable location in this region of 
transformation to mixed structures, the individual patches of dark- 
etching transformation product were noticeably larger in average size 
and fewer in number in boron steel than in the same steel without 
boron. This difference is illustrated by the micrographs of Fig. 8 
which represent two 0.52 per cent carbon steels, one with 0.0013 per 
cent boron and the other without any boron. In other steels listed 
in Table I, the difference in structure was not always so great, but 
this trend was clearly evident in all and was sufficient to permit us to 
recognize bars which contained boron. This decreased tendency for 
transformation product to outline austenite grains, and for the indi- 
vidual patches to be larger in boron-treated steel, had been previously 
observed in isothermally transformed samples of other steels. Thus 
it appears that boron inhibits nucleation at the austenite grain bound- 
aries. 

When austenitized at a temperature ordinarily used in practice 
a boron-treated steel is likely to contain undissolved particles whereas 
the same steel without boron does not; this tendency has been re- 
peatedly observed and is more marked the higher the boron and, to 
some extent, the higher the carbon. The end-quenched bars con- 
taining boron could usually be recognized by these undissolved par- 
ticles which were especially noticeable in steel D2, the highest in 
boron and carbon of those investigated. Fig. 9 shows these undis- 
solved particles in steel D2 and, for comparison, the structure at a 
corresponding location on the bar of boron-free steel (D1) of the 
same carbon content; in either case, the micrograph was taken near 
the quenched end where the particles are visible in the martensite. 
These particles have the appearance of undissolved carbides; it may 
be that boron reduces the solubility (or at least the rate of solution) 
of carbon in austenite, or these particles may be a boron constituent 
which dissolves less rapidly than iron carbide. In any event, they 
would dissolve in austenite at a higher temperature. It might be 
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Fig. 5—Microstructure of End-Quench Hardenability Bar in the Martensite-Pearlite 
Region ; 0.52 Per Cent Carbon Steel without Boron, Bl, and with Boron, B9. x 100. 
Picral etch. a—No boron. b—0.0013 per cent boron. 



















assumed that these particles reduce the hardenability effect of boron, 
which would account for the small increase due to boron observed 
in this 0.75 per cent carbon steel; however, when austenitized at 
1600 degrees Fahr. (870 degrees Cent.) this steel had no greater 
hardenability than when austenitized at 1500 degrees Fahr. (845 de- 
grees Cent.), even though the 1600 degree Fahr. (8/0 degree 
Cent.) austenitizing treatment had dissolved most of the particles. 
When boron steel is austenitized at a high temperature and then 
cooled rapidly to below A,, a constituent forms which is not found 
in steel without boron; this constituent, whose precise nature is un- 
known at present, is the basis for distinguishing boron steel from 
steel without boron by means of the metallographic test mentioned 
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Fig. 9—Microstructure Near Quenched End of Hardenability Bar; 0.75 Per Cent 
Carbon Steel without Boron, Dl, and with Boron, D2. x 1000. Picral etch. a—No 
boron. b—0.0029 per cent boron. 


earlier. It appears as an alignment of small dark-etching dots in 
the austenite grain boundaries and is probably a compound of boron 
and iron with carbon and possibly with other alloying elements also, 
although it has not been conclusively established that this constituent 
necessarily contains boron. This constituent presumably may be 
present in any boron steel suitably austenitized and cooled, but it will 
be visible only when it exists in a light-etching matrix; in pearlite, 
for example, the tiny dots will obviously not ordinarily be visible. In 
hypoeutectoid steels, particularly those with less than about 0.50 per 
cent carbon, a considerable volume of ferrite forms around the aus- 
tenite grains when the steel transforms at temperatures above 1000 
degrees Fahr. (540 degrees Cent.) ; in such cases the boron constit- 
uent is visible and a boron-treated steel can be identified by its pres- 
ence. Fig. 10 shows this constituent in a low-alloy steel containing 
0.25 per cent carbon and 0.0025 per cent boron, and, for comparison, 
an identically heat treated sample of the same steel without boron; 
the dots of boron constituent are clearly distinguishable as a network 
in the ferrite-around prior austenite grains in the boron steel, but ab- 
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Fig. 10—Metallographic Test for Boron in 0.25 Per Cent Carbon Low-Alloy Steel. 

500. Picral etch. Austenitized at 2000 degrees Fahr., quenched in lead at 1200 
degrees Fahr. and held for 4 hours and then quenched in water. a—No boron. b— 
0.0025 per cent boron. 


sent in the no-boron steel. In plain carbon and low-alloy steels con- 
taining less than about 0.5 per cent carbon the presence of boron is 
readily detected, and since ferrite forms around austenite grain 
boundaries all of the constituent is revealed because it occurs in a 
light-etching matrix. 

It is important to note that if cooled in air to about 1200 degrees 
Fahr. (650 degrees Cent.) instead of quenched to 1200 degrees Fahr. 
(650 degrees Cent.), the structure of the boron steel would look ex- 
actly like the photomicrograph of the steel without boron in Fig. 10. 

With higher carbon, ferrite may not form in all austenite grain 
boundaries, and that portion of the constituent formed within pearlite 
patches will be invisible. In a steel of eutectoid or hypereutectoid 
composition no free ferrite forms, and hence no boron constituent 
will be visible when the steel is completely transformed at elevated 
temperature. Therefore, eutectoid or high carbon steels must be 
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Fig. 11—Metallographic Test for Boron in Eutectoid Steel. X 2000. Picral etch. 
Austenitized at 2000 degrees Fahr., quenched in lead alloy at 600 degrees Fahr. and 
held for 1 minute and then quenched in water. a—No boron. b—0.0029 per cent boron. 


transformed at lower temperature so that light-etching martensite 
may serve as a background for the dots; this may be done by quench- 
ing to a predetermined temperature and holding for a time just short 
of transformation, and then quenching to room temperature. The 
temperature selected for the short holding period may be any one be- 
tween A, and Ar’’, but should be such that considerable time elapses 
before isothermal transformation begins. An obvious temperature 
to select is one below the knee of the isothermal transformation curve 
at about 600 degrees Fahr. where a re-entrant “bay” occurs in the 
beginning line. In Fig. 11, a sample of the 0.75 per cent carbon 
steel with, and without, boron has been heat treated in this way, and 
it is evident that the particles are visible in the martensite of the 
boron steel but not in the other. When a boron steel, particularly 
one having high hardenability, is quenched from a high temperature, 
cooling may be sufficiently rapid to form martensite and at the same 
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Fig. 12—Boron Constituent in a Low-Alloy Steel Containing 0.0025 Per Cent 
Boron, Austenitized at 2100 Degrees Fahr., Quenched in Lead at 1200 Degrees 
Fabr., Held 1 Hour and Brine-Quenched. Field selected to illustrate concentration 
of boron constituent. Picral etch. a—X< 500. b— xX 1800. 
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time slow enough, if a mild quench like oil is used or if the piece is 
large, to permit formation of some boron precipitate; in such cases, 
the microstructure resembles that of the boron steel in Fig. 11. 

Usually the boron constituent appears as a single or multiple 
row of dots, but occasionally in steel containing more than about 
0.001 per cent boron it appears as a band of some width made up of 
a large number of small particles. This is shown in Fig. 12 at mag- 
nifications of & 500 and & 1800. It appears as a “pepper and salt” 
aggregate and suggests a eutectic or eutectoid which closely resembles 
a constituent others have found in iron-boron alloys containing 0.25 
per cent or more boron. 

In general, steels which have been “needled” to increase harden- 
ability require heating to 1800 degrees Fahr. (980 degrees Cent.) 
or higher in order to form a recognizable boron constituent; how- 
ever, if a little more than the usual amount of boron is present it ap- 
pears that the boron constituent may be formed after austenitizing 
at a much lower temperature. For example, Fig. 13 shows photo- 
micrographs of two steels, each of which contains 0.0035 per cent 
boron, austenitized at-only 1625 degrees Fahr., (885 degrees Cent.), 
then quenched into lead at 1200 degrees Fahr. (650 degrees Cent.), 
and held until transformation was complete. In the steel on the top, 
the austenite grains coarsened at 1625 degrees Fahr. (885 degrees 
Cent.) and the characteristic dots are present in ferrite at the prior 
austenite grain boundaries; in that on the bottom the austenite grains 
did not coarsen at 1625 degrees Fahr. (885 degrees Cent.), yet there 
are dots visible in the ferrite around the prior austenite grains. In 
this latter case, the appearance is not so typical of the dots formed in 
the metallographic test, although it is believed that the dots in the 
ferrite are similar to those observed in steel austenitized at higher 
temperatures. At any rate, in either steel illustrated in Fig. 13, the 
dots were not present unless rapidly cooled from 1625 to 1200 de- 
grees Fahr. (885 to 650 degrees Cent.) ; this, together with the etch- 
ing behavior of these particles, leads us to believe that they are the 
typical boron constituent. Apparently, a high austenitizing tempera- 
ture and coarse austenite grains are not essential to the development 
of recognizable boron constituent in steel containing as much as 
0.0035 per cent boron; even then the recognition of boron is easier if 
the steel is austenitized from a temperature of about 2000 degrees 
Fahr. (1095 degrees Cent.). 

In view of the significant effect boron may have upon micro- 
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Fig. 13—Boron Constituent in Two Steels, Each Containing 0.0025 Per Cent Boron. 
Both austenitized at 1625 degrees Fahr. This shows that boron constituent may form 
after ordinary austenitizing treatment when boron content is relatively high. X 2000. 
Picral etch. a—Coarse-grained. b—Fine-grained. 
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structure, it probably has some effect upon engineering properties. 
Apparently, boron constituent may form without benefit of “trick”’ 
heat treatment, especially in steel containing somewhat more boron 
than is usually added; this constituent, although small in volume, 


occurs intergranularly and may consequently have a disproportionate 
effect upon properties. 


TENTATIVE INTERPRETATION OF THE EFFECT OF 
Boron ON HARDENABILITY 


The foregoing observations have possibly created some confu- 
sion in the mind of the reader for some of them may seem, at first 
reading, mutually inconsistent. It will therefore be of interest to 
attempt to fit the observations into a tentative and speculative general 
picture of the fundamental effect of minute quantities of boron in 
steel; for the present, despite its many gaps, such a picture may aid 
in correlating the various experimental observations. 

Perhaps the most amazing feature of the boron effect is the ob- 
servation that a very minute percentage of boron (certainly not more 
than 0.001 per cent) may, under certain conditions, just about dou- 
ble the hardenable size of section ; taking the small mass of the boron 
atom into account, there need be only about one boron atom to twen- 
ty-thousand atoms of iron. The observation that even this minute 
proportion of boron is capable of forming a characteristic precipitate 
in boron-treated steels heat treated in a special way suggests that the 
boron atoms must dissolve in austenite. The small diameter of the 
boron atom and the probability that it forms with iron an interstitial 
solid solution imply a very high mobility (or diffusion rate) for boron 
in steel. Since the precipitated boron constituent always appears in 
austenite grain boundaries, it is reasonable to suppose that most, if 
not all, of the boron atoms are located in the austenite grain bound- 
aries just prior to transformation; their presence there lowers the 
rate of grain boundary nucleation, which is the controlling factor in 
the upper region of rapid transformation, and thus increases hard- 
enability. Therefore, a minute percentage of boron is surprisingly 
effective as compared to other elements because the boron atoms are 
principally located, prior to transformation, in the grain boundaries 
and are not randomly distributed in austenite as are atoms of other 
common alloying elements which increase hardenability. 

It is further assumed that, owing to the preferential location of 
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boron atoms at the austenite grain boundaries and the relatively low 
solubility of boron in austenite, atoms of boron may be precipitated, 
probably as some boron compound, from what is, in effect, a film of 
austenite supersaturated with boron atoms. This precipitation seem- 
ingly occurs rapidly and in advance of the usual transformation of 
austenite to ferrite; only those boron atoms which remain in solid 
solution are effective in decreasing the rate of nucleation of ferrite 
and hence in increasing the time required for austenite to transform. 
Thus a small amount of boron sufficient only to saturate a grain 
boundary film of austenite is as effective as a larger amount in in- 
creasing hardenability, since extra boron atoms are lost from aus- 
tenite solid solution by rapid precipitation. Similarly, coarsening 
the austenite grains decreases the volume of this “grain boundary 
film’ and thereby produces supersaturation and ultimate precipita- 
tion of boron atoms at a lower over-all boron content in the steel. 
This may explain why a high austenitizing temperature, which in- 
evitably coarsens austenite grains, is necessary for the formation of 
boron constituent in steel containing less than about 0.003 per cent 
boron. The very puzzling circumstance that in steel containing less 
than about 0.003 per cent boron rapid cooling from the high heating 
temperature down to about A, is necessary to form boron constit- 
uent suggests that in this temperature range the distribution of 
boron atoms in austenite may be altered by diffusion unless the cool- 
ing is rapid. 

The observation that a short heating at a relatively high tempera- 
ture may decrease the hardenability effect of boron may mean that 
under these conditions an unfavorable distribution of boron in aus- 
tenite is produced. On the other hand, prolonged heating at high 
temperature seems to ultimately eliminate any increase in harden- 
ability due to boron; in this case, the boron seemingly has been con- 
verted, possibly by chemical combination with another element or 
elements, into an ineffective form. 

Many of the phenomena characteristic of boron-treated steels 
may be partly explained if we assume that boron may be present in 
steel in “effective” and “ineffective” form. The effective boron is 
assumed to be capable of dissolving in austenite, while the ineffective 
form probably does not enter austenite solid solution. Heating steel 
at high temperature for a long time may, on this basis, convert effec- 
tive into ineffective boron; the latter may be some stable chemical 
compound of boron which gradually forms at high temperature. 
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Chemical or spectroscopic analysis fails to distinguish between effec- 
tive and ineffective forms; since only the former increases harden- 
ability, the amount of boron determined by chemical or spectroscopic 
analysis does not correlate well with hardenability. On the other hand, 
the metallographic test for boron seems to involve only the effective 
boron and is, therefore, a better indicator of hardenability than 
chemical determination. of total boron. It appears that not more 
than 0.001 per cent effective boron is required for the full harden- 
ability effect of boron; any amount in excess of about 0.001 per cent 
may, therefore, be considered a reserve supply. Most commercial! 
boron-treated steels contain more than 0.001 per cent effective boron 
and can withstand some high temperature soaking without loss in 
hardenability because they contain such a reserve supply; on this 
basis, it is presumed that no loss of hardenability need occur until the 
heating is sufficiently prolonged to convert the reserve into the in- 
effective form; thereafter, further heating gradually reduces the 
effective boron below 0.001 per cent and ultimately renders all in- 
effective, as appears to have happened in our homogenized low-alloy 
steel. 

Apparently the austenitizing temperature in boron-treated steels 
is more critical than in untreated steel of comparable composition. 
With relatively low austenitizing temperature undissolved particles re- 
main in boron-treated steel; these particles which probably contain 
boron and carbon atoms lower the boron and carbon content of the 
austenite and thus prevent realization of the full hardenability. This 
may help to explain why the high carbon steels, which are normally 
austenitized at relatively low temperatures and contain undissolved 
carbides, are not improved in hardenability by addition of boron, 
which under these circumstances remains largely undissolved. How- 
ever, if a higher austenitizing temperature is employed an unfavor- 
able distribution of boron atoms in austenite seems to result, so that 
despite the greater number of boron and carbon atoms dissolved there 
may be no increase in hardenability and the hardenability may even be 
decreased. In hypoeutectoid steel it.is fortunate that the austenitiz- 
ing temperature normally used in practice is high enough to dissolve 
boron and carbon atoms, but low enough so that no important loss 
of hardenability is suffered from unfavorable distribution of boron 
atoms dissolved in austenite. For a given carbon content the precise 
magnitude of the effect of austenitizing temperature upon the hard- 
enability of boron-treated steel may be expected to vary from steel 
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to steel in accordance with the amount of effective boron present, but 
not necessarily with amount of boron determined by chemical analy- 
sis. It is therefore concluded that, on the basis of present knowledge, 
the hardenability of a boron-treated steel for a given application can 
be safely estimated only from the results of a hardenability test in 
which the test sample is austenitized at the temperature to be used in 
hardening the final product. 


SUMMARY 


1. In all these steels hardenability is increased by boron, though 
it is also raised somewhat by addition of grainal without boron. The 
increase due to boron is greater the lower the carbon, at least to 0.4 
per cent; and it appears to approach zero in hypereutectoid carbon 
steels. 

2. The increase in hardenability produced by boron is greatest 
when the austenitizing temperature is 1550 to 1600 degrees Fahr. 
(845 to 870 degrees Cent.), as ordinarily used in practice; it becomes 
gradually less for higher austenitizing temperatures and may ap- 
proach zero when the latter is about 2000 degrees Fahr. (1095 de- 
grees Cent.). 

3. Ina given steel the increase in hardenability is roughly paral- 
lel to, but does not correlate well with, the percentage of boron as de- 
termined by chemical analysis of the steel; it appears, however, that, 
as others have reported, as little as 0.001 per cent boron may suffice to 
develop the maximum increase producible by boron. Nor do the 
chemical analyses for boron, whether “soluble” or “insoluble’’, corre- 
late well with the amount of boron nominally added to the liquid steel 
in the mold—a result which was to be expected. 

4. Ina given steel the increase of hardenability correlates fairly 
well with the amount of a “boron constituent’ which is microscop- 
ically visible as a row of fine dots at the austenite grain boundaries 
when the steel is carefully heat treated in a special way ; despite many 
efforts to reveal it, this precipitate was not observed if the boron 
content by analysis was less than 0.0004 per cent. When the boron 
by analysis is about 0.001 per cent or higher, dots may appear as a 
band resembling a eutectic or eutectoid aggregate; when more than 
about 0.0035 per cent boron is present, this constituent may appear 
after austenitizing at temperatures ordinarily used in practice and 
so may occasionally be evident in commercially heat treated boron 
steel. 
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5. When a boron-treated steel is heated at a very high tempera- 
ture for a very long time, the increase of hardenability due to boron 
gradually diminishes and finally disappears; nor is it restored by any 
subsequent heat treatment of such a “homogenized” steel. More- 
over, under this treatment the characteristic “boron constituent” like- 
wise gradually disappears, although boron content as measured by 
analysis remains unchanged. It is possible therefore that some part 
(or all) of the efficacy of boron in enhancing hardenability may be 
lost when the steel is heated for rolling or forging. 

6. Addition of boron as grainal to the 0.40 and 0.52 per cent 
carbon series lowered the temperature at which austenite grains 
coarsened in a given time. With increasing boron content the grain 
growth behavior became more and more like that of steel. which is 
not aluminum-killed, but-this grain coarsening is only a minor factor 
in relation to the extra hardenability developed in presence of a mi- 
nute percentage of boron. 

7. Certain modes of heat treatment develop in boron steels rec- 
ognizable differences in microstructure as compared to comparable 
boron-free steel similarly treated. In the martensite-pearlite zone of 
end-quenched bars used for measurement of hardenability, the aus- 
tenite grains were outlined by pearlite in absence of boron, but not 
in boron steels. After austenitization at about 1500 to 1600 degrees 
Fahr. (815 to 870 degrees Cent.), as usually recommended, the pres- 
ence of boron may increase greatly the number of undissolved par- 
ticles. 

All of the observations recorded in the foregoing paragraphs are 
consistent with the following considerations which, however, make 
no pretense of explaining the precise mechanism by which boron 
affects hardenability. It was to be expected that the increase of 
hardenability would not correlate well with the amount of boron 
added to the liquid steel in the mold because of the likelihood that, 
even in adjacent ingots, different amounts of boron would be oxi- 
dized or otherwise rendered ineffective; nor would we expect hard- 
enability to correlate with the amount as measured by chemical analy- 
sis which, even if accurate, tells only the total boron caught by the 
method but nothing as to how much of it is present in effective form 
—Jjust as in the case of carbon in steels containing elements forming 
stable carbides. At present, therefore, it seems as if the best index, 
other than actual measurement of hardenability, is the amount of 
precipitated “boron constituent” as revealed by the special metallo- 
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graphic test. The precise nature of this constituent is still an open 
question ; it appears to be some sort of iron boride, probably contain- 
ing carbon, and possibly other alloying elements. 
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DISCUSSION 





Written Discussion: By George F. Comstock, chief metallurgist, The 
Titanium Alloy Manufacturing Co., Niagara Falls, N. Y. 

This very interesting paper provides considerable information on the subject 
of boron in steel that does not seem to have been previously available. The con- 
clusion that the effects of boron on the hardenability of steel are not closely 
correlated with the content as determined by chemical analysis, but are in better 
correlation with metallographic results, would suggest that the latter method 
might be more useful for control work instead of the rather troublesome 
chemical method. 

Only one point that seems open to criticism was found in this paper, and that 
is the suggestion that zirconium and titanium, as well as boron, tend to coarsen 
the grain size, or lower the grain coarsening temperature, of aluminum-killed 
steel. The coarsening tendency of boron was pointed out by the writer in 1942,° 

5George F. Comstock, “Effects of Eight Complex Deoxidizers on Some 0.40 Per Cent 


Carbon Forging Steels,’ Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 150, 1942, p. 408 
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but no evidence was found that titanium or zirconium had a similar effect. 
Titanium in fact has been shown to be capable of raising the grain coarsening 
temperature to a higher degree than is possible with aluminum alone.® Thus the 
authors’ experience that a grainal alloy free from boron had the same coarsening 
effect on grain size as boron did should probably be explained in some other way 
than by assuming that titanium has a grain coarsening effect on steel similar 
to that of boron. 

Written Discussion: By N. F. Tisdale, metallurgical engineer, Molybde-— 
num Corporation of America, Pittsburgh. 

This paper is timely and interesting. It represents a lot of work and clear 
thinking. 

In our early experimental heats, some of which were made in plants with 
which the authors are connected, we discovered the grain coarsening effect of 
boron. We also found, especially in carbon steels, that the carbon range of 0.15 to 
0.45 gave greatest response to the hardenability effect of boron. We determined 
that boron steels had to be liquid-quenched for maximum results and showed 
little change on air hardening. Eutectoid steels, whose cross section was too large 
for full hardenability by themselves, were aided by boron, and many tool steel 
heats are made using boron. 

With reference to alloyed steels, where hardenability was sufficient, some 
alloys were all or practically all substituted by the cheaper boron and the desired 
hardenability obtained. This was particularly true in armor plate in war time. 

No reference is made to steel making practice by the authors. The authors 
have made this subject appear simple, and one can easily assume boron steels are 
made by dumping a boron alloy in the ladle. I think it should be particularly 
drawn to the attention of the reader that the benefits possible to obtain con- 
sistently from the use of boron can only be obtained by the use of the best alloy 
practices. 

From observations made from examination of many heats of steel, no corre- 
lation has been found to exist between soluble and insoluble boron in the 
quantitative chemical tests. I do not feel that the metallographic test is accept- 
able for determining those boron steels in which the boron increases harden- 
ability. So far 1 have found it 65 per cent accurate. By the same token, chemical 
tests indicating known desired quantities of boron present in boron steels were 
83 per cent correct. Compositions of steels, methods of manufacture and per- 
centages of certain retained gases in the steel seem to have important bearing on 
the effectiveness of boron. 

Many ingots and their blooms are held in furnaces and soaking pits for times 
far exceeding the time mentioned by the authors without adverse effects. Furnace 
atmospheres, chemical composition, and steel making practice are the real 
answers. Work has been performed some years ago by other investigators on the 
boron compound formed and they indicate it is Fe-B FesC. 

Some reference has been made to 0.001 boron as the maximum effective 
boron. While this has been other investigators’ statement, I do not believe it is 
correct. Their data, taken from induction heats, as I recall it, showed very little 
work done beyond 0.001. I do not believe you can correlate induction heat data 


®George F. Comstock, ‘‘The Effect of Titanium on the Macrostructure and Grain 


Coarsening Temperature of Forging Steel,’”’” Transactions, American Society for Metals, 
Vol. 28, 1940, p. 608. 
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with open-hearth heat data. My experience is that boron is effective up to 0.0025 
in increasing hardenability. After 0.0015 the effect of boron diminishes but 
nevertheless its effect still goes on until 0.0025 is reached. 

Written Discussion: By R. B. Schenck, Buick Motor Division, General 
Motors Corp., Flint, Mich. 

Messrs. Grange and Garvey have contributed materially to our knowledge 
of boron-treated steels in their excellent paper. 

Their findings with respect to an optimum addition which produces maximum 
hardenability are confirmed by other investigators. Results of work at Buick 
indicate that both hardenability and mechanical properties may be lowered by 
additions beyond this optimum. 

Of special interest is the decreasing effect of the boron addition on harden- 
ability with increasing carbon content. In confirmation of this, users of carburized 
“needled” steels have reported that the hardenability of the case was not at all 
proportionate to that of the core. Further investigation of carburized “needled” 
steels should prove enlightening. 

Also of special interest is the correlation of boron content and hardenability 
with the amount of “boron constituent”, and again the loss of hardenability and 
the disappearance of the “boron constituent” with no change in boron content 
after prolonged high temperature treatment. 

It is presumed that the “boron constituent” is the cause of the hot and cold 
shortness which has been reported for steels which have been given an over-dose 
of boron; these reports applied to both rolled products and steel castings. I 
would like to ask the authors their opinion regarding this. 

Regardless of the cause, if an over-dose of boron is detrimental, it would 
seem quite obvious that all “needled” steels should be purchased on something 
more than merely chemistry or chemistry plus hardenability, and that a 
mechanical test of some kind, such as an impact or tensile test following a 
prescribed heat treatment, should be a part of the specification. 

Written Discussion: By E. S. Rowland, research metallurgist, and John 
Welchner, assistant research metallurgical engineer, Metallurgical Department, 
The Timken Roller Bearing Co., Steel and Tube Division, Canton, Ohio. 

The authors are to be congratulated on the excellent manner in which they 
analyzed and presented such a volume of data on boron-treated steels. Of special 
interest is the metallographic test and its correlation with the increase in harden- 
ability due to boron. This test alone should help toward a better understanding of 
a complex problem containing many apparent anomalies which have repeatedly 
added confusion to data from which definite conclusions might have been drawn. 

While doing some experimental work on hardenability of grainal versus not- 
grainal-treated plain carbon steel, several years ago, one of the present discuss- 
ers obtained data which appeared to be at variance with the then accepted 
knowledge of the subject. Since these results further indicate the «unpredictable 
hardenability behavior of intensified .steels under certain conditions, they may be 
of academic if not commercial interest and are, therefore, offered for considera- 
tion at this time. 

A regular heat of open-hearth S.A.E. 1040 type steel was compared with a 
heat of similar analysis which had vanadium grainal No. 1 (approximately 25 
per cent vanadium, 15 per cent titanium, 10 per cent aluminum and 0.2 per cent 
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boron) added in the ladle in the amount of 2.5 pounds of grainal per ton. This 
amounted to a boron addition of about 0.00024 per cent. The chemical analyses 
of these two heats were as follows: 


Heat Cc Mn ¥ S Si Cr V Ti Al 
Nongrainal 0.40 0.66 0.025 0.018 0.14 0.10 None None _ 0.036 
Grainal 0.42 0.62 0.027 0.021 0.22 0.08 0.03 0.015 0.040 


During the course of this investigation we had occasion to heat 1-inch round 
by 4-inch long specimens of each heat for 120 hours at 1150 degrees Fahr. 
(620 degrees Cent.) followed by an air cool. The first set of samples was heated 
in a dry nitrogen atmosphere and the second was done in vacuum. Hardenability 
tests were conducted by heating each set of samples in an electric resistance 
furnace at 1575 degrees Fahr. (855 degrees Cent.) for 1 hour, followed by an 
agitated water quench. One sixteenth inch spaced Rockwell hardness readings on 
each of three diameters per sample were taken after the bars were transversely 
cut in half and polished through triple zero abrasive paper. This was in accord- 
ance with the then accepted Burns, Moore and Archer hardenability testing pro- 
cedure. The average results of these tests as well as the hardenability without 
a subcritical heating treatment are plotted as hardness versus distance from 
center in Fig. A. 

As is readily apparent from Fig. A, the hardenability of the nongrainal 
steel remained substantially constant after the subcritical heating period while 
that of the grainal-treated steel increased an appreciable amount. (That these 
data are valid is substantiated by the reproducibly constant values obtained with 
the plain steel.) Not only was this contrary to our expectations but is a direct 
contradiction of data later developed indicating that in steels whose hardenability 
is increased by regular alloy additions, either no measurable change or a decrease 
in hardenability accompanies a prior heat treatment which tends to coalesce the 
carbides in the microstructure. 

These results are in direct contrast to similar tests made using grainal and 
nongrainal-treated NE9442 type steel. Two, four and six pounds per ton of 
grainal No. 1 were added to successive ingots of an open-hearth heat of regular 
NE9442, which had the following ladle analysis prior to the grainal addition: 


C Mn P S Si Cr Ni Mo 
0.43 1.13 0.013 0.018 0.45 0.25 0.30 0.11 
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Fig. B—Effect of Quenching Temperature and Prior Structure on 
Hardenability of NE9442 Grainal-Treated Steel. 


Suitable samples from both the grainal and the nontreated steels were 
Jominy hardenability tested after normalizing from 1650 degrees Fahr. (900 
degrees Cent.) and after a 100-hour tempering treatment at 1200 degrees Fahr. 
(650 degrees Cent.). The plain steel showed no appreciable difference in harden- 
ability for the two prior treatments while each of the grainal-treated sets dis- 
played a much greater hardenability when normalized than when tempered prior 
to end quenching. These findings correspond to normal behavior of low and 
high hardenability steels but do not verify our privious reversal of expected 
values experienced with the 1040 type steel. It would be interesting to know if 
the present authors have ever had similar results and if they would care to com- 
ment on this apparent anomaly. 

In a systematic investigation in our laboratory of the effects of time, tem- 
perature and prior structure on the hardenability of several commercial medium 
carbon steels, the grainal-treated NE9442 steels were included too late to be 
published with the rest of the data.’ The 4 pounds of No. 1 grainal per ton 
ingot previously mentioned in this discussion was used in this phase of the study. 
Of particular interest at this writing are the results obtained when the quenching 
temperature of normalized (235 Brinell hardness number), commercial annealed 
(179 Brinell hardness number), and spheroidized (156 Brinell hardness num- 
ber) standard end-quench specimens were varied from 1450 to 1750 degrees 
Fahr. (790 to 925 degrees Cent.). These data plotted as distance in sixteenth 
inches to Rockwell C-50 as ordinate and quenching temperature as abscissa are 
shown graphically in Fig. B. 

From Fig. B, one can readily see that the hardenability of all prior structures 
increased as more nearly complete carbide solution was attained. This is not un- 
usual and follows the general pattern of both low and high hardenability steels. 
However, comparable to the authors’ findings in their air hardening tests of the 
low-alloy steel containing 0.25 per cent carbon, the hardenability of all prior 
structures decreased beyond a certain temperature value. This temperature was 
found to be 1650 degrees Fahr. (900 degrees Cent.) in this series of tests, while 


the maximum hardness developed by the authors was from a_ temperature 


7J. Welchner, E. R. Rowland and J. E. Ubben, “Effect of Time, Temperature and 
Prior Structure on the Hardenability of Several Alloy Steels,’”’ Transactions, American 
Society for Metals, Vol. 32, 1944, p. 521. 
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Fig. C—Effect of Time and Prior Structure on Hardenability of 
NE9442 Grainal-Treated Steel. 


approximately 100 degrees lower. Unfortunately, our data were not extended 
beyond 1700 degrees Fahr. (925 degrees Cent.), but within the temperature 
interval common to both studies, the results are in agreement qualitatively. 

Of equal importance is the effect of prior structure variation on the harden- 
ability of this same material (NE9442 treated with 4 pounds of grainal per ton) 
at increasing times at 1525 degrees Fahr. (830 degrees Cent.) as shown in Fig. C. 
Even after a period of 4 hours at temperature the coarser carbide prior 
structures never even approach the hardenability attained by the normalized prior 
structure, while the latter itself is quite sluggish in solution rate compared to 
other high hardenability steels such as S.A.E. 4340. The untreated ingot from this 
same heat (Reference 1) was almost completely insensitive to prior structure 
variation. 

For purposes of practical heat treatment of these grainal-treated steels, we 
believe that the conditions of prior structure as well as time and temperature of 
heating are of utmost importance if the benefits of the addition are to be realized. 
Since the authors, as well as others, have shown that the effects of these conditions 
are not always predictable, it appears that further investigation is necessary into 
the causes of such behavior. It is hoped that the authors will continue their 
studies of boron-treated steels until these relationships are thoroughly understood. 

Written Discussion: By Henry T. Chandler, vice-president, and Max A. 
sredig, manager, Applied Chemicals Division, Vanadium Corporation of 
America, New York. 

The authors are to be congratulated on their important contribution to both 
the science of steel and the art of making steel. Their discovery of a characteristic 
microconstituent in connection with one of the most startling effects in modern 
metallurgy, the large increase in hardenability commonly ascribed to the presence 
of minute quantities of boron, is indeed a great stimulus to every research worker 
in this field. 

Among the many valuable observations reported by the authors, the effect of 
homogenization and other high temperature treatments on the hardenability of 
steels treated with boron in the form of ferroboron is most interesting and, we 
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Fig. D—Jominy Test from Center of Billet of Com- 
mercial T-1330 Steel. 


believe, important to the formulation of a theory of the mechanism of the 
intensifier effect. 

We would like to ask the authors if they have obtained a like loss of the 
hardenability in the series of steels A and B, which were treated with grainal 
rather than ferroboron. As the authors indicate, it is important to determine the 
commercial significance of this response to high temperature treatment of 
ferroboron steels and to establish whether or not it is common in kind and degree 
to steels treated with intensifiers other than ferroboron. 

In the case of many thousands of tons of commercial grainal-treated steels 
handled in the usual manner with respect to soaking and forging temperatures, 
the writers have seen no examples in which this phenomenon was apparent. In 
Fig. D, we show the results of a few laboratory tests made recently with a grainal 
79 treated T-1330 steel, both before and after holding at 2340 degrees Fahr. 
(1280 degrees Cent.) for 24 hours. No significant change in hardenability is 
apparent. 

It is interesting to note that the authors have found that “Neither a determi- 
nation of the amount of boron actually present in a steel nor the metallographic 
tests to see how much boron constituent is made visible is an adequate basis for 
predicting the hardenability of a boron-treated steel”. The lack of a direct correla- 
tion between the hardenability of an intensifier-treated steel and the boron content 
of that steel, as determined by chemical analysis, appears to be a fact. Experience 
has shown that the amount of intensifier to be added for a given effect is, among 
other variables, a function of the process by which the steel was produced, the 
time at which the addition is made, and the composition of the intensifier with 
respect to elements other than boron. Except in very restricted instances, it does 
not seem practical or possible to predict the end results of the intensifier treatment 
by residual boron content. It is unfortunate that the new boron constituent dis- 
covered by the authors is also considered by them inadequate, but nonetheless we 
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Fig. E -Magnetic Transformation Time Curves of Grainal-Treated 
Carbon Steel (0.40 Per Cent Carbon) Oil Quenching. 
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Fig. F—Magnetic Transformation Time Curves, in Air Cooling, of 
Grainal-Treated and Plain T-1340 Steels. 


believe that the study of this constituent has produced and will further yield 
information of considerable theoretical and practical importance. 

The writers have studied the intensifying effect by various methods different 
from those employed by the authors. One of these, which was worked out in 
collaboration with Professor Upthegrove of the University of Michigan, consisted 
in the automatic recording of the transformation from the unmagnetic, austenitic, 
to the magnetic, ferritic, pearlitic and martensitic, state of the steel during cooling 
at various rates, including quenching. Fig. E shows the type of magnetic 
permeability-time curves which we obtained in oil quenching hollow cylindrical 
samples of the grainal-treated steels of Series A. The curves reflect the degree to 
which transformation has taken place in the Ar’ range, in the first few seconds of 
the quenching and the relative amounts of martensite formed later and repre- 
sented by the second rise in the curves. Fig. F shows the transformation curves, in 
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air cooling, of grainal-treated and plain T-1340 steels. The shape of the curves 
distinctly reflects the different rates of nucleation in the Ar’ range, which has 
also been demonstrated by other methods, such as microphotographs of samples 
from isothermic transformation. 

On the basis of our studies, the results of which we hope to publish soon in 
greater detail, we fully agree with the authors that the action of intensifiers, 
including ferroboron, consists in altering the rate of nucleation of the austenite 
decomposition, especially of the rejection of ferrite, such as occurs in hypoeutectoid 
steels. The fact that intensifier additions which greatly increase hardenability do 
not alter the equilibrium diagram to any degree measurable with common means 
is particularly worth noting. Attention is directed to the great significance in 
commercial, as well as theoretical, considerations of this difference in the action 
of intensifying alloys as against that of the common alloying elements, for 
instance, chromium, nickel, manganese. 

While thus fully agreeing in regard to the question of the rate of nucleation 
of the ferrite rejection, the writers, both on the basis of their own experience 
and of a careful consideration of previous metallurgical literature, believe that 
one may go one step further. They think that the change in the rate of nucleation 
is causally connected with an observed change in the state of the nitrogen 
contained in the steel in the form of nitrides. 

An analytical method for nitrogen determination was developed by the 
writers in collaboration with the University of Michigan, by which the nitrides 
present in an aluminum-killed steel, before grainal treatment, are found to be 
soluble in dilute acid, whereas in the same steel, after grainal treatment, the 
nitrides are insoluble. By applying this chemical-analytical procedure for 
differentiating between an acid-soluble and an acid-insoluble portion of nitride- 
nitrogen, it was found that in every single case investigated in which high 
hardenability was obtained by the addition of an intensifying alloy containing one 
or several of the nitride-forming elements, vanadium, titanium, zirconium and 
boron, a change of the state of nitrogen from a largely acid-soluble to a largely 
acid-insoluble form had occurred. While at this stage of the investigation it may 
seem possible to consider this change just an incidental circumstance accompany- 
ing the action of the intensifying elements, including that of boron, the writers 
prefer the view that it is not just an accident that all the elements which produce 
what is now known as an “intensifier” effect are known to form nitrides more 
stable than aluminum nitride. In fact, we have found, in the case of grainal- 
treated steels, the analytical determination of the amount of acid-soluble nitrogen 
as a most useful and practical measure of the effectiveness of the intensifier 
addition. 

While we are still engaged in the task of experimentally determining the 
exact nature of the acid-soluble nitrides which, in our opinion, depress the 
“normal” hardenability of a steel, we strongly suspect aluminum nitride, AIN, as 
the substance responsible in aluminum-treated steels, not only for the coritrol of 
grain size (in this we are in agreement with the opinions independently expressed 
by Houdremont and Schrader in Germany) or for intergranular fracture 
of cast steels (as just recently demonstrated by Lorig, of Battelle Memorial 
Institute), but also for a high rate of nucleation of the ferrite rejection. AIN, 
according to the known values of heats of formation, is the most stable of the 
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nitrides of the elements commonly occurring in steels, such as manganese, silicon, 
chromium and nickel. Whether we think of a separate, but invisible phase of 
AIN, finely dispersed throughout the steel, but preferably on or near the grain 
boundaries, or of a nitride remaining in, or going in and out of, austenitic solid 
solution, we suggest considering as the principal mechanism of the intensifying 
action the conversion of such nitride into another (acid-insoluble) form. The 
insolubility in acid shows that after the treatment the nitrogen is certainly not 
present in the austenitic solid solution. In the presence of boron, such as through 
addition of ferroboron, the aluminum nitride is thought by us to be coagulated to 
a particle size greater than critical for nucleation. The nitrogen of the nucleating 
nitride can also be transferred into another chemical combination, such as acid- 
insoluble TiN or ZrN. The latter, significantly different from the AIN of the 
common, aluminum-killed steels, are visible as crystals under the microscope. 

Beyond the qualitative statement that an increase in hardenability as a 
result of an addition of an intensifier is caused by the conversion of nitrides from 
a form active as nucleating agent into an inactive form, we wish to show Fig. G 
in which we have plotted the increase in hardenability of the steels of Series A 
and B, discussed by the authors—not against the boron content (either added, or 
determined anaytically)—but against the acid-soluble nitrogen, as determined 
by the above-mentioned analytical method. It will be noted that the change in 
hardenability seems to occur while the soluble nitrogen changes, that is, decreases 
from 0.0040 to 0.0010 per cent. This behavior was found in other series of steels 
investigated by us. 

It is significant, however, that the steels B2 and B3, treated with boron-free 
grainal, do not fall on the otherwise smooth curve. If these latter results are 
confirmed in further experiments, they would indicate that conversion of nitrogen 
into the acid-insoluble form may be a necessary, though not sufficient, condition 
for effectively destroying the inherent nucleating agent of a hypoeutectoid steel. 
It seems that the addition of titanium in the absence of boron may produce a 
condition in steel which includes the simultaneous existence of acid-insoluble 
nitrides and harmful nucleating action. It is significant that this condition is 
altered by the presence of less than 0.0005 per cent boron to one in which the 
nucleating activity is also removed. To us, this effect of the presence of boron 
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upon either AIN or TiN particles looks very much like the action of a coagu- 
lating or fluxing agent which converts particles of harmful critical size into 
particles of larger size unable to effect nucleation. 

We should like to thus summarize our present “working hypothesis” : 

1. Both acid-soluble nitrides, such as AIN, and partly or totally acid- 
insoluble nitrides, such as silicon nitride, titanium nitride and zirconium nitride, 
can act as harmful nucleating agents, particularly for the rejection of ferrite 
from austenite. 

2. The conversion of acid-soluble into acid-insoluble nitrides is the most 
important, and most practical, step in the removal of harmful nuclei. It is most 
efficiently performed by certain combinations of vanadium, titanium, zirconium 
and boron, the latter serving mainly to control the particle size of the acid- 
insoluble nitrides formed. 

3. The nitride conversion is not effiicently performed by boron alone. 
Amounts of boron are occasionally required for nitrogen “fixation” (in excess of 
0.0030 per cent boron, even in steels treated previously and separately by 
aluminum or titanium, that come close to amounts producing undesirable effects. 

4. The hardenability effect of boron, either alone or in combination with 
other elements, is neither an alloying effect in the usual sense of the word, nor a 
compound-formation with nitrogen, but appears to be the influence of a fluxing 
agent upon the particle size of nitrides of other elements, such as those of silicon, 
aluminum, titanium and zirconium. 

5. The hardenability loss following high temperature treatments, which 
was noted in steels treated with ferroboron, may have something to do with a 
lower stability of the nitride of boron, as compared with the nitrides of titanium 
or zirconium. In many thousands of tons of commercial steels which were treated 
with grainal (a combination of strong nitride-forming elements with boron) no 
like loss of hardenability has become apparent. 

6. In recalling the partly known effects of nitrogen upon steel properties 
other than hardenability, such as aging, temper brittleness, low temperature 
impact strength, magnetic characteristics, etc., the present use of intensifying 
alloys that contain “nitrogen-fixing” elements, such as titanium, zirconium, 
vanadium, boron, in the proper form and combination, may be the beginning of 
an era in which the control of nitrogen in steel, both as to form and amount, will 
rapidly gain in importance. 

Written Discussion: By M. G. Corson, metallurgical consultant, 603 
West 1llth St., New York. 

It appears to me on the basis of numerous private conversations on the 
subject that the action of boron is considered to be quite mysterious—something 
that requires the bringing in of the questions of electronic orbits and quantum 
mechanics. I think the situation is much simpler. 

Boron by itself is not a potent hardener, or its action would not stop at a 
mere content of 0.001 to 0.002 per cent. It is logical therefore to assume that 
it acts by removing something present in very small amounts by weight and 
acting deleteriously upon the hardenability of steels. 

What this something is I cannot state at this moment. But suppose we 
assume that boron acts as a remover of free nitrogen and that its efficiency is of 
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the order of 25 per cent of the theoretical, then one thousandth of one per cent 
of boron might remove about 0.0003 per cent of nitrogen by weight. Per ton 
of steel this amount of free nitrogen would occupy two liters—quite a sizable 
amount. 

Forging or rolling cannot do away with this residual free nitrogen and it 
hardly can compress it into nothingness. Most likely that nitrogen would be 
present in the form of lens-shaped holes, perhaps less than one millionth of an 
inch in thickness, consequently escaping detection under the highest magnification. 

These lenses of gas must have a very poor conductivity for heat, the poorer 
—within certain limits—the higher the pressure inside them. They would inter- 
fere with the flow of heat and decrease the hardenability of the sample of 

steel in question. 
For this reason I believe and state emphatically that it is too late to investi- 
gate the hardenability of a steel after it passes through the forging and rolling 
process. The test will show the applicability of the steel to certain uses but it 
cannot shed much light upon the cause of the lowered hardenability in the 
absence of boron. 

If we really wish to get a clearer insight in the mechanism of hardenability 
and of the action of boron, we must begin at the beginning. We must study 
steels in their ingot stage. A very simple program would consist in machining 
Jominy test bars out of the different parts of the ingots, getting their densities 
first, then performing the hardenability tests and finally studying the evolution 
of gases at low temperatures, and perhaps by vacuum fusion, although the 
latter must yield a considerable amount of gases that existed in the combined, 
not merely the occluded form. 

One more word regarding the analytical data of the authors. Since boron 
was introduced—as usual—in the mold there can be no possibility of its uniform 
distribution. Therefore, neither the low recoveries of boron in the A cases, nor 
the excessive recoveries in some of the B cases can mean much. Only a pain- 
staking investigation of samples taken from all billets coming from the same 
ingot might produce data suitable for the correlation of the hardenability effects 
and the boron content. 

I wish further to express one wish: I wonder why the investigations of the 
effects of boron should not be made with a more or less pure ferroboron instead 
of using a grainal containing fractional percentages of boron to very large ones 
of titanium, aluminum and zirconium. They might be quite helpful in practice, 
but they cannot fail to obscure the action of boron, to some extent at least. 

Written Discussion: By Edward A. Loria, Industrial Fellow, Mellon 
Institute of Industrial Research, Pittsburgh. 

An explanation of the influence of boron on the hardenability of steel has 
been clearly presented by the authors. It would be of interest to consider the 
nature of the characteristic constituent which appears in boron-treated steels 
after special heat treatment. Possibly the formation of boron nitride as a stable 
phase during the high temperature “homogenizing” treatment may be an 
explanation. 

The mechanism of the effect of boron addition has not been discovered, 
but all studies seem to connect its effect with the presence of some element 
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(probably nitrogen) in addition to boron. Studies undertaken several years ago 
in Russia and Germany indicate that nitrogen has a tremendous influence upon 
the transformation characteristics of steel. 

Boron, a nonmetal, lies in the second period of the periodic table between 
beryllium and carbon and heads group 3a consisting of boron, aluminum, 
scandium, etc. By means of thermodynamics Gurry® has calculated that the 
deoxidizing power of boron in liquid steel is greater than that of silicon, vanadium. 
or titanium; and approaches that of zirconium or aluminum. In a study of 
nitriding, Fry® found that aluminum ranked first as to the amount of nitrogen 
with which it combined as well as the stability of the aluminum nitride. Other 
elements which formed nitrides include vanadium, titanium, and zirconium. Since 
boron occupies a similar position in the periodic table and possesses a comparable 
deoxidizing power to these elements, it is quite possible that it also possesses a 
considerable affinity for nitrogen which it fixes in the form of nitrides. 

To obtain the boron constituent the authors specify that the 4%-inch thick 
samples must be heated at 2000 to 2100 degrees Fahr. (1095 to 1150 degrees 
Cent.) in a neutral or mildly carburizing atmosphere. In this temperature range, 
absorption of nitrogen from the atmosphere would be quite likely and its 
solubility in the hot steel would, as a matter of fact, be accentuated. This dif- 
fusion would take place without any precipitation until saturation occurs. Quench- 
ing and holding the small samples at 1200 degrees Fahr. (650 degrees Cent.) for 
1 hour would effect the precipitation of any nitrides which may have formed. 
Since nitrides have practically no solid solubility, holding the small samples for 
a long period of time at a subcritical temperature would permit their precipita- 
tion in the ferrite around prior austenite grains. 

If it is inferred that boron is similar to aluminum in its ability to form 
nitrides, then the boron constituent may actually be boron nitride. The fact that 
comparatively low austenitizing temperatures of 1550 to 1600 degrees Fahr. 
(845 to 870 degrees Cent.) are recommended would indicate that the added boron 
must be in solution in order to effect an increased hardenability. At the high 
temperature of 2000 degrees Fahr. (1095 degrees Cent.), which is necessary for 
the formation of the boron constituent, the solubility of atomic nitrogen from 
the atmosphere would be appreciable as compared to 1550 degrees Fahr. (845 
degrees Cent.). These nitrogen atoms would deplete the austenite of the dissolved 
boron’ atoms, and the result would be a decreased hardenability due to the 
conversion of boron into an ineffective form. However, in any steel containig 
more than 0.001 per cent boron the full hardenability effect of that element is 
potentially available and would not be affected by the conversion of the excess 
into boron nitride. 

From the appearance of the excellent photomicrographs, it seems that the 
boron constituent resembles graphite. If it actually does so, it can also be stated 
that Ewald and Hermann” have shown that the crystal structure of boron 
nitride and graphite are quite similar and that boron nitride more nearly re- 


8R. W. Gurry, “The Relative Deoxidizing Power of Boron in Liquid Steel and the 
Elimination of Boron in the Open Hearth Process,” Transactions, American Institute of 
Mining and Metallurgical Engineers, Vol. 158, 1944, p. 98-102. 

*A. Fry, “The Theory and Practice of Nitrogen Case-Hardening,”’ Journal, Iron and 
Steel Institute, Vol. 125, 1932, p. 191-212. 

1p, P. Ewald and C. Hermann, “Strukturbericht,” Zeitschrift fiir Kristallographie, 
Vol. 1, 1931, p. 28-30, 95. 
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sembles graphite than any other element or compound. The type of structure is 
hexagonal and the lattice constants are: 


a Cc c/a 
SN ee ee 2.51 6.69 2.67 
Ee eae eee eae 2.46 6.80 2.76 


On the basis of the above it appears that more study on the mechanism of 
the effects of boron and other alloying elements on the solubility of nitrogen in 
steel to account for the observed facts is suggested. Certainly any explanation 
at this stage must be tentative and subject to confirmation by carefully designed 
experiments. It is suggested that expriments be performed to determine whether 
the precipitate is boron nitride. 


Authors’ Reply 


The volume of pertinent discussion is evidence of the interest in boron- 
treated steel and serves to emphasize how much remains to be investigated before 
we can hope to thoroughly understand the amazing effect of a minute amount of 
boron on the response of steel to hardening treatments. We especially welcome 
the several contributions of experimental data, for it is only through such an 
approach that we can develop a definite solution of the problem. 

Mr. Comstock infers that we believe titanium has a grain coarsening effect 
similar to boron; since our brief statement in the text might be so interpreted by 
others, we are grateful for his discussion and the resulting opportunity to 
elaborate on this point. The statement in question is “.... boron, as well as certain 
of the other elements in grainal, reduces the effectiveness of aluminum in in- 
hibiting grain growth in steel to which the optimum amount of aluminum for 
this purpose has been independently added”. If we explain what we meant by 
the optimum amount of aluminum, there should be no conflict with the well- 
established grain-refining effect of titanium in steel in general. With respect to 
open-hearth deoxidation practice, it has been observed!! that too much or too 
little aluminum is less effective in inhibiting austenite grain growth than some 
intermediate amount; that is, for a particular heat there is some optimum alumi- 
num addition which yields the highest coarsening temperature. If to a heat to 
which this optimum addition of aluminum has already been made, we add some 
other powerful deoxidizer, which, by itself or in other circumstances where the 
optimum aluminum addition was not made, acts as a grain refiner (presumably 
by much the same mechanism as aluminum), its effect may sometimes be like 
that of an over-dose of aluminum, with a consequent lowering of coarsening 
temperature. This appears to have happened in our steels B2 and B3 to which 
boron-free grainal was added after what must have been approximately the 
optimum amount of aluminum.!2 This explanation does not imply that titanium 
has a grain coarsening effect except in this particular, and probably rare, situa- 
tion; on the contrary, it is based upon the premise that titanium, like aluminum, 


uDr. E. C. Bain in his book, “‘The Alloying Elements in Steel” (A.S.M. publication, 
1939, p. 135-141) cites this observation and gives a lucid explanation as to why too much 
aluminum may lower the coarsening temperature. 


2Since grainal contains some aluminum, as well as titanium, zirconium and other ele- 
ments, there is, in fact, a small extra dose of aluminum added; the size of the over-dose 
of aluminum alone, however, would seem too small to entirely account for the observed 
lowering of the grain coarsening temperature in these cases. 
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is an element which ordinarily conveys resistance to grain growth and thus helps 
to produce fine-grained steel. 

Mr. Tisdale has had wide experience with boron-treated steel, and we are 
pleased to note that he confirms many of our findings. He points out that no 
reference was made to steel making practice in the paper, which we believed was 
quite long enough without attempting a discussion of this involved subject; 
this omission on our part, however, should not be construed as an indication that 
we regard this phase of the subject as “simple”. 

In his discussion Tisdale states he found the metallographic test for boron 
“65 per cent accurate” as compared to “83 per cent accuracy” for the determina- 
tion of boron by chemical analysis. We are in doubt as to the real significance 
of such accuracy values; as stated in the text, we have found neither test 
entirely adequate for accurately predicting hardenability. As a means of identify- 
ing a heat which has been successfully treated with boron so as to have decidedly 
increased hardenability, we have thus far always found the metallographic test 
reliable and more convenient than chemical analysis; in either case, the reliability 
of test is influenced by technique. We regard the two as supplmenting each other, 
but neither is entirely adequate for judging the efficacy of the boron addition; 
only a direct hardenability test will do that. 

In reply to Tisdale’s statement that in his experience 0.0025 per cent rather 
than 0.001 per cent boron is required to develop the maximum increase in harden- 
ability, we wish to state that, in addition to the data in the paper, we have 
encountered many heats, all of commercial manufacture, in which as little as 
0.001 per cent boron by chemical analysis conveyed as much hardenability as a 
larger boron content. Indications are that the minimum amount necessary for 
maximum hardenability may vary with the kind of boron addition and with other 
factors associated with steel making; consequently, it is not possible to specify 
a definite percentage of boron as the one which will a/ways give the full harden- 
ability obtainable by a boron addition. 

In their discussions, Messrs. Tisdale, and Chandler and Bredig point out 
that elimination of the boron effect by high-temperature soaking, as described in 
the text for two steels heated at 2350 degrees Fahr. (1290 degrees Cent.) for 
24 hours, did not occur in thousands of tons of commercial steel which, during 
processing, often received comparable high temperature treatment. It was largely 
consideration of this fact which led us to distinguish between “effective” and 
“ineffective” boron, the former being assumed to gradually revert to the latter 
by an irreversible reaction during heating at high temperature. As discussed in 
the text, the loss in “effective” boron takes place slowly during soaking at high 
temperature, and boron-treated steels ordinarily have sufficient reserve of 
effective boron to absorb such loss during processing without reducing the 
“effective” boron below the minimum necessary for the full hardenability effect. 
Regarding the susceptibility of the final rolled or forged product to loss in hard- 
enability as a result of high temperature soaking, we have observed large differ- 
ences from heat to heat ; presumably it is influenced by the kind of boron addition 
and by other steelmaking factors. In answer to Chandler and Bredig’s question, 
we have not determined the effect of high temperature soaking on the steels of 
Series A and B, but we have studied it on several other steels not mentioned in the 
text; in some of these, in confirmation of Chandler and Bredig’s Fig. D, there 
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was no perceptible loss in hardenability after 24 hours at 2350 degrees Fahr. 
(1290 degrees Cent.), although a longer time did produce a decrease in harden- 
ability. It is apparent from recent work that boron-treated steels which suffer 
complete loss of the boron effect on hardenability in as little as 24 hours at 
2350 degrees Fahr. (1290 degrees Cent.) are the exception rather than the rule 
among commercial heats, but thus far we have encountered none which failed to 
show some decrease in hardenability when the heating time at 2350 degrees 
Fahr. (1290 degrees Cent.) was extended somewhat beyond 24 hours. As suggested 
by Chandler and Bredig, the kind of boron addition seems to have a marked 
influence, but additional investigation will be required before this phase of the 
subject is entirely clear; it does appear, however, that appreciable loss in the 
hardenability effect of boron as a result of ordinary commercial processing will 
seldom be encountered. 

Both Mr. Tisdale and Mr. Loria are concerned about the composition of the 
boron constituent; the former believes it to be an iron-boron carbide, the latter a 
boron nitride. At present definite proof of its composition is lacking, and un- 
fortunately the experimental determination would seem to us to be a formidable 
task. It would not suffice to identify a phase in an iron-boron-carbon alloy, con- 
taining say 0.1 per cent or more of boron, as being the same as the boron constit- 
uent in a steel containing only 0.001 per cent boron, even though there might 
be a resemblance as observed in the microscope; only in such “high” boron steels 
would there likely be enough of the constituent to permit identification by 
ordinary chemical, spectroscopic or X-ray methods. We can hardly subscribe to 
Loria’s idea that the boron constituent resembles graphite; on the contrary, it 
bears a much closer resemblance to carbide. 

Mr. Schenck’s comments nicely summarize the practical implications of some 
of our observations, and we are pleased to have his confirmation based on wide 
experience with boron-treated steels. Regarding his question concerning the role 
of the boron constituent in making steel hot or cold-short, it seems probable to 
us that this intergranular constituent, or at least the condition in the steel which 
makes possible its formation, may be responsible. Actually, in our experience, 
the control of the boron addition is such that really hot or cold-short steel due to 
an overdose of boron has become rare in recent years; we have not studied 
such a steel, preferring to investigate those which were properly treated. Such 
evidence as is available indicates that the amount of boron constituent increases 
and impact toughness decreases with boron additions somewhat larger than those 
commonly used; it is reasonable to infer that a steel capable of forming a large 
amount of boron constituent would, therefore, be cold-short as well as hot-short. 

Messrs. Rowland and Welchner present an excellent discussion which sug- 
gests one more anomaly in the response of boron-treated steel to heat treatment ; 
they find that the hardenability effect of boron is influenced by the structure prior 
to hardening. We have, thus far, always started with boron-treated steel in the 
“as-rolled” or normalized condition, and consequently have not encountered 
precisely these same effects. As they suggest, the effect of prior structure on the 
hardenability of boron-treated steels should receive attention from future in- 
vestigators in this field. 

We were gratified to note that Rowland and Welchner observed (their Fig. B) 
that difference in austenitizing temperature caused the hardenability of a grainal- 
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treated NE 9442 steel to vary in the same general way as shown by us in Fig. 5 
of the text. Their observation of a higher austenitizing temperature at which 
hardenability began to decrease in their steel is not surprising since we have 
found the specific pattern varies among different heats, although the same general 
trend is common to all, with the possible exception of steels which have had a 
relatively large addition of an intensifier containing titanium, vanadium or 
zirconium, in which case the hardenability conveyed by the more complete 
solution of these elements in austenite at high temperature may offset the 
characteristic loss due to boron. Like so many other effects of boron in steel, the 
decreased hardenability after austenitizing from temperatures higher than are 
usual in practice is seemingly influenced by the kind of boron addition and by 
other steelmaking variables. 

The data for a grainal-treated NE9442 steel summarized in Fig. C of the 
Rowland and Welchner discussion show the effect on hardenability of austenitiz- 
ing time at a normal austenitizing temperature starting with each of three differ- 
ent prior structures; these results, we believe, are explained by the difficulty in 
dissolving in austenite all the boron, carbon and alloying elements present in the 
steel. For, as illustrated in Fig. 9 of the text, there is a tendency for micro- 
scopically visible undissolved particles to persist in boron-treated steels when 
heated for ordinary times at the normal austenitizing temperature and, as is 
usually the case, such particles are larger and more difficult to dissolve with 
coarse prior structure. 

Theories which aim to explain why a minute amount of boron has so great 
an effect upon hardenability fall into two general divisions: (a) Those based on 
the assumption that the boron effect is an alloying effect due to boron atoms 
dissolved in austenite, and (b) those which assume boron is effective because 
it changes the condition of the steel with respect to some other element present 
in all commercial steels, this effect being closely related to deoxidation. In the text 
the former approach was used to develop a tentative interpretation of the data 
because it seems to us that this approach can better account for all the observa- 
tions. Three discussers of this paper have chosen the second approach, and we 
find their ideas most interesting and valuable. Chandler and Bredig have de- 
veloped a particularly interesting theory in which they suggest that boron 
removes, the multitude of submicroscopic nitride particles which are assumed to 
act as huclei for austenite transformation in the untreated steel, thus reducing 
hardenability ; they present some pertinent data to substantiate their ideas and 
obviously have given the subject a great deal of thought and investigation. 
Unless the influence of submicroscopic nitride particles has been greatly under- 
rated by most metallurgists, we feel that this possible effect of boron could 
not, by itself, account for the magnitude of the hardenability increase obtain- 
able from boron addition. This theory also fails to explain the formation of the 
boron constituent which can be produced over and over again in the same piece 
of steel, and would thus seem to involve repeated solution and precipitation of 
boron atoms in austenite. Furthermore, the loss in hardenability as a result of 
soaking at high temperature is just the reverse of what one would expect on 
the basis of this theory, since an increase in insoluble nitrogen (stable nitrides) 
and a decrease in soluble nitrogen, not the reverse, would likely occur during the 
high temperature heating. Nevertheless, it is possible that the overall effect of 
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boron is in part due to the mechanism described by these discussers; we hope 
they will continue their work and submit their complete theory in a new paper. 

Mr. Corson also attributes the effect of boron to its influence on nitrogen 
in steel, but his idea of the mechanism is somewhat different from that of Chandler 
and Bredig. With respect to Corson’s theory, we find it difficult to conceive a: 
steel having enough “lens-shaped holes” containing nitrogen to affect the heat 
conductivity to the degree necessary to account for the substantial increase in 
hardenability that results from boron addition, without such holes having a 
disastrous effect upon mechanical properties. 

Mr. Corson recommends, as a more effective approach to the solution of the 
boron mechanism problem, the study of samples taken from the ingot rather than 
from rolled product; a great many hardenability tests have been conducted on 
cast end-quench test bars and, to our knowledge, the results correlate reasonably 
well with wrought product hardenability—a fact which would seem to indicate 
that no such profound change as that suggested by Mr. Corson occurs during 
conversion of the ingot to a rolled or forged bar. Another point in Mr. Corson’s 
discussion concerns the distribution of boron in the ingot to which boron was 
added as a mold addition; he believes that uniform distribution would be im- 
possible under such circumstances. Actually, in our steels the mold addition was 
made by gradually feeding the grainal into the mold throughout pouring ; experi- 
ence has shown that this practice assures reasonably uniform distribution of boron 
in the usable portion of the ingot. It is true, as Mr. Corson states, that study of 
heats to which boron has been added as some complex ferro-alloy somewhat 
complicates the picture; we have not confined our investigation entirely to such 
steels but have included a number which were treated with ferroboron. 

Mr. Loria suggests that the formation of the boron constituent is due to 
absorption of nitrogen from the atmosphere surrounding the steel during heating 
at 2000 to 2100 degrees Fahr. (1095 to 1150 degrees Cent.). This can hardly be 
true since a salt or silver bath can serve very well for heating the steel preparatory 
to precipitating boron constituent. In one experiment we were able to produce 
the full amount of boron constituent by immersing a small sample of boron- 
treated steel for only 3 seconds in a silver bath at 2100 degrees Fahr. (1150 
degrees Cent.) and then quenching to, and holding at, 1200 degrees Fahr. (650 
degrees Cent.) in the usual way. 

In conclusion we wish to express our thanks to all those who contributed 
discussions ; we feel that they have greatly enhanced the value of this paper. 
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MASS TEMPERATURE EFFECTS ON QUENCHING 
36 PER CENT COBALT MAGNET STEEL 


By BENJAMIN FALK 


Abstract 


This paper describes the effect of mass on the-mag- 
netic properties of a 36 per cent cobalt magnet steel. The 
purpose of the investigation was to obtain by heat treat- 
ment maximum magnetic values for all commercial sizes 
of this steel. An empirical relationship between mass and 
quenching temperature is established by the experimental 
method. A mathematical development of this formula 1s 
presented, which demonstrates that the empirical relation- 
ship is well founded on the concepts of the mass effect 
evolved by previous investigators, and possesses some 
measure of physical significance. 


INTRODUCTION 


HE effect of mass on quenching various sizes and shapes of steel 

has been known for a long time. In the past twenty years, much 
work has been done on this subject. Mathematical formulations have 
been published, which demonstrate the effect of mass on quenching 
rates; and formulas have been devised whereby equivalent quenching 
rates can be obtained in different sized samples. This has been ac- 
complished by varying one or more of the quenching factors, such 
as temperature or quenching medium. 

The heat treatment of permanent magnet steel, however, has 
been held apart from ordinary steel. Magneticians have insisted on 
a very narrow hardening range for any particular analysis. They 
have insisted, further, that certain sizes yield higher magnetic values 
than others; and that designers of magnetic circuits must take the 
mass of the magnet into consideration when calculating the charac- 
teristic magnetic values for any one analysis. Little, if any, attempt 
was made to obtain, by heat treatment, equivalent magnetic values for 
a variety of commercial sizes and shapes for any particular grade of 
permanent magnet steel. 


A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. The author, Benjamin Falk, 
is associated with the metallurgical department, Simonds Saw and Steel Co., 
Lockport, N. Y. Manuscript received June 30, 1945. 
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It was the purpose of this investigation to study the effect of 
mass on the magnetic values of 36 per cent cobalt permanent magnet 
steel; to correlate this with the quenching rate; and then to arrive at 
a method whereby equivalent quenching rates and, consequently, 
equivalent magnetic values could be obtained, regardless of mass. 


REVIEW OF THE LITERATURE 


In reviewing the literature which deals with the effect of mass 
on the heat treatment of magnet steels, three points should be con- 
sidered: First, what was the effect of mass on the magnetic prop- 
erties; second, how was this effect taken into account during heat 
treatment; third, what criterion of magnetic quality was used in 
measuring this effect. 

Prior to Honda and Takagi’s discovery in 1917 of the cobalt 
magnet steels, 5 per cent tungsten and 1 to 6 per cent chromium steels 
were the alloys used most commonly for permanent magnets. In an 
investigation of these latter steels, Mathews (1)? noted that as the 
section size increased, Br (2) (residual induction) decreased and He 
(coercive force) increased by oil quenching, but that the reverse was 
true for water quenching. He indicated that this phenomenon was 
due to the reactions of quenching, but he could offer no plausible ex- 
planation at that time. He also proposed the ratio Br/Hc as an index 
of magnetic quality, the smaller the ratio, the better the quality. 

In a pamphlet (3) of heat treating instructions for the cobalt- 
chromium type? of magnet steel, the effect of mass on the magnetic 
properties was recognized, and compensated for by controlling the 
cooling rate, but only in a general way. “.............. as soon as 
they (magnets) reach 1000 degrees Cent. remove from the furnace, 
and if very small, say less than % by ™% inch, allow to cool quite nat- 
urally without draught. If larger than % by 4 inch, we recommend 
that the magnets be cooled in a gentle fan draught .............. 

In dealing with the regular* 36 per cent cobalt steel, Darwins 
(4) indicated that different section. sizes would yield different mag- 
netic results, the larger the size the smaller the value of BHmax.. 
They mentioned, therefore, that in view of the fact that more com- 
plete hardening is possible with small sizes, due regard should be paid 


1The figures appearing in parentheses pertain to the references appended to this paper. 


2Analysis—0.80 to 1.20 per cent carbon; 9 to 10 per cent chromium; 1.25 to 1.50 per 
cent molybdenum; 3 to 18 per cent cobalt. 


SAnalysis—0.70 to 1.00 per cent carbon; 1 to 5 per cent chromium; 4 to 9 per cent 
tungsten; 36 per cent cobalt. 
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to the cross-sectional area of the material, when BH curves are being 
used in the designing of instruments. 

The Japanese (5), on the other hand, gave an overall value of 
BHymax. for this steel. They did mention, however, that section size 
should be compensated for during heat treatment. They recom- 
mended a standard quenching temperature but varied the quenchant: 
for thin or slender magnets an oil quench was used, whereas a water 
quench was used for thicker magnets. 
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Fig. 1—The Effect of Quenching Tempera- 


tures on the Energy Product Curve of Cobalt 
Magnet Steel. 


Brace (6), however, made no mention of section size, but he 
did indicate that a narrow range of hardening temperatures was ad- 
visable. He further asserted, as did the Japanese, that BHmax. was 
the most logical basis for classifying a permanent magnet material. 
His chart of quenching temperature versus BH max. is reproduced in 
Fig. 1. 

Watson (7), in reviewing the heat treatment of the 36 per cent 
cobalt type alloys, showed that the hardening range should be, from 
1690 to 1760 degrees Fahr. (920 to 960 degrees Cent.), the exact 
choice of temperature being dependent upon the chemical composition 
rather than any other factor. He showed that BHmax., as determined 
by the demagnetization curve, was the true criterion of a permanent 
magnet. He demonstrated a mathematical relationship between Bs, 
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Br, and He (the Hyperbolic Law) whereby BHyax. could be cal- 
culated from these three experimentally determined points without 
the necessity of determining any other points on the hysteresis loop. 
He suggested, further, that any hardened magnet which did not fol- 
low this law had not been properly hardened. 

Although Dowdell (8) carried out an extensive investigation of 
the heat treatment of permanent magnet steel, he made no mention of 
the effect of mass, except to say that the dimension ratio chosen 
(L/D, where L = 10 inches, D = 0.375 inch) was “considered the 
largest ratio that could be successfully heat treated and tested.” 

A further investigation of Mathews (9) on chromium and tung- 
sten magnet steel led him to explain the effect of mass on bettering 
his magnetic ratio (Br/Hc), as caused by a slower cooling rate and a 
subsequent greater retention of austenite. He indicated that in- 
creased section sizes would yield better magnetic ratios within certain 
limits, but he did not define those limits. 

In regard to Mathews’ proposed index of magnetic quality, San- 
ford (10) agreed with others that Bd Hdmax.* was the best general 
criterion of quality of magnet steel. He did say that the product, 
Br X He, could be used in comparing the quality of various grades 
of steel, since it appeared to be directly proportional to the product 
of Bd Hd. 

Honda and Iwase (11) agreed with Mathews that increased sec- 
tion size would retain more austenite by oil quenching than by water 
quenching (and yield a better magnetic ratio), except when the speci- 
men was less than 2.7 millimeters thick, in which case the reverse was 
true. 

Hatfield (12) mentioned that in the majority of cases (depend- 
ing upon the cross section) higher chromium steels (higher than 1.4 
per cent chromium) would give increased values of He by oil 
quenching rather than by water quenching, but would somewhat re- 
duce the Br value. 

Van Vleet and Upthegrove (13) investigated the possibility of 
determining a relationship between magnetic properties and austenite 
retained under different quenching conditions for a 5 per cent tung- 
sten magnet steel. They concluded that no mathematical relationship 
existed between the amount of austenite present after any given heat 
treatment and the magnetic properties. They did conclude that an 
apparent relation existed between the product Br x He, in the 


4Same as BH max. 
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quenched condition, and the quenching temperature, and that a defi- 
nite relationship existed between the ratio Br/Hc and quenching tem- 
perature in the quenched condition. 

Sanderson (14), in reviewing the heat treatment of cobalt mag- 
net steels, made the following statement concerning the effects of 
mass: “A problem that sometimes occurs in the application of mag- 
net steels is to know in how large a diameter they can be treated thor- 
oughly so as to get full magnetic values clear into the center. So far 
as the cobalt magnet steels are concerned, the 9 and 16 per cent of 
3%4 and % inch in section, in lengths of about 4% inches, can be heat 
treated satisfactorily to give full magnetic values; 36 per cent cobalt 
steel, however, would only give full magnetic values if no point in 
the bar were more than, roughly, 9 millimeters from the surface for 
round bars, and 7 millimeters for flat bars.” 

Betteridge (15) determined the critical cooling rates (the rates 
that gave the highest value of BHymax.) for a series of iron-nickel- 
aluminum alloys, by varying the temperature of his quenchant, but 
used a standard solution temperature and an “optimum” specimen 
size. 

From the literature cited, it can be seen that no definite relation- 
ship had been established between mass, cooling rate, and magnetics. 
In one case only were actual cooling rates determined; but in this 
instance, the mass was held constant at a so-called “optimum”’ size. 


EXPERIMENTAL PROCEDURE 


Selection of Samples—The 36 per cent cobalt steel was selected 
for this investigation for several reasons. In the first place, it is the 
most highly alloyed of all the steels commonly used for magnets. 
The sensitivity of this steel to heat treatment adapted itself well to 
a study of this nature, as slight variations in heat treatment gave 
corresponding changes in magnetic values. Since cobalt raises the 
temperature of the gamma-alpha transformation, it was of interest 
to note the effect of variable quenching conditions. In the second 
place, previous investigators were too vague in defining the limiting 
section sizes which would give full magnetic values for this steel as 
well as other magnet steels. 

The nominal analysis is as follows: 


Carbon 0.70 per cent 
Chromium 4.00 per cent 
Tungsten 5.00 per cent 
Cobalt 37.00 per cent 
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As the information collected was to be used primarily for the 
users of this steel, it was decided that samples should be taken from 
mill shipments, rather than from laboratory-prepared heats. Hence, 
the samples were taken from commercial rollings, from several differ- 
ent heats, and accumulated over a period of time. In general, 6-foot 
lengths of the various rolled bars were cut into 4-inch test pieces. 
The intermediate sizes included rounds, squares, and flats. 

Heat Treatment—Before any experimental work was begun, 
statistical evidence of the effect of mass was compiled from the Com- 
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Fig. 2—Mass Vs. Magnetics. Average results of 593 routine tests oil- 
quenched from 1700 degrees Fahr. 
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pany’s records of routine magnetic tests. These tests were taken 
from commercial shipments of this steel for a year’s duration, and 
showed the Br and He values for many different sizes and shapes. 
These test samples were all oil-quenched from the recommended 
quenching temperature of 1700 degrees Fahr. (925 degrees Cent.). 
Unfortunately, energy product data were not taken, nor was the time 
of aging held constant. But in spite of these variables, it was felt 
that the effect of mass was great enough to be evident, if the average 
3r and He values were plotted against mass (Fig. 2). The trend of 
this data showed maximum Br and He values when the mass factor, 
F, had a value of 8 to 14. 

In this discussion, mass (or mass factor) is interpreted to mean 
the ratio of surface area to volume, as demonstrated by French and 
Klopsch (16), to whom the reader is referred for a detailed discus- 
sion. 
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This suggested that there was a critical cooling rate obtained by 
oil quenching a particular size from 1700 degrees Fahr. (925 degrees 
Cent.), which resulted in yielding these maximum magnetic values. 
This critical cooling rate which yields maximum magnetic values for 
a particular size, then, might be obtained for many different sizes 
by varying the conditions of quenching according to the variations in 
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Fig. 3—Mass Vs. Magnetics. Average magnetic results for various sizes 
measured in the as-rolled condition. 


mass. To establish a correlation between the mass and the rate of 
cool, many factors may be considered, the chief ones being: 


Thermal history 

Decarburization 

Surface condition 

Quenching medium 

Quenching temperature 
Temperature of quenching medium 


AAS pPNwr 


Since the samples were to be treated in the condition in which they 
came from the mill, it was assumed that the thermal history, decar- 
burization, and the surface conditions were approximately the same 
for all sizes, and of minor importance in effecting the wide variations 
in magnetic values noted in Fig. 2. To check this assumption, many 
different sizes were tested for magnetic properties in the “‘as-rolled”’ 
condition. The magnetic results obtained were plotted against mass 
in Fig. 3. The plot showed that this assumption was substantially 
correct, as the magnetic values were almost the same, regardless of 
section size. 

As to quenching medium, the author, in a previous investigation, 
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found that some improvement in magnetic properties could be ob- 
tained by a caustic (5 per cent NaOH) quench, after the mass had 
exceeded a certain critical value. The improvement in magnetics, 
however, was not consistent, nor was it great enough to offset the 
dangers of cracking and distortion. 

Of the remaining variables, quenching temperature was the 
easiest to control; and a series of samples could be heat treated, cov- 
ering a wide range of temperatures without involving hundreds of 
specimens. It had been assumed that the maximum magnetic values 
that were obtained by quenching a particular size from 1700 degrees . 
Fahr. (925 degrees Cent.) resulted from the cooling rate from that 
temperature for that size. It follows, therefore, that maximum mag- 
netic values could be obtained on other sizes, if the same cooling rate 
could be achieved by varying the quenching temperature. Since 
equipment was not available for actually determining this critical 
cooling rate, it was assumed that this rate had been achieved when 
the magnetic values reached a maximum. Therefore, it was unnec- 
essary to express this cooling rate in degrees Fahr. per second; it 
was only necessary to find the quenching temperature that gave the 
maximum magnetic values for any particular size. The experimental 
procedure naturally followed. 

The furnace (Hoskins 10 KVA resistance) was set at the lowest 
temperature from which the steel was expected to harden. In gen- 
eral, samples were hardened at 10-degree Fahr. intervals for a 100- 
degree range, the error in furnace temperature being + 5 degrees 
Fahr. When the furnace was up to heat, a sample was placed adja- 
cent to the two C. A. thermocouples on the hearth of the furnace. 
After the sample had come up to heat (as judged by eye), it was 
permitted to soak at temperature for a maximum time of 60 seconds, 
and was then quenched directly into an agitated bath of No. 2 soluble 
quenching oil. The temperature of the oil bath was maintained at 
80 to 90 degrees Fahr. 

This heat treating procedure was used for several reasons. Since 
the soaking time does affect the magnetics, a constant time at tem- 
perature was necessary so that all variables but mass and temperature 
might be vitiated. The soaking time of 60 seconds maximum was 
decided on because many heat treaters of magnet steel, having been 
schooled in the theory that any soak is detrimental to magnetic 
quality, use a short cycle. 

After the samples had been quenched to the temperature of the 
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oil bath, they were permitted to age for 24 hours at room temperature 
prior to testing. 

Magnetic Testing—The magnetic testing was done on a Fahy 
Permeameter, with the Super H Adapter. The magnetizing force 
was 1000 H (oersteds) for all samples, this being the conventional 
saturation point for this alloy. The salient points on the hysteresis 
loop were measured, namely, Bmax. Br, and He, together with 8 
points on the demagnetization curve (second quadrant of the hys- 
teresis loop), from which the maximum energy product was deter- 
mined. It was this derived energy product relationship which was 
used as the basis for determining magnetic quality. 

This is a rather important feature which has been neglected by 
some investigators in the past. Mathews and others have used the 
ratio Br/He as their index of quality. Watson proposed a mathe- 
matical calculation for computing the energy product. But to date, 
no vigorous mathematical formulation has been published which can 
wholly supplant the experimentally determined energy product. 

Oliver (17) defended this point quite strongly when he stated 
that various relationships involving Br and He were used because 
they were easly observed, whereas the value of BHymax. required 
greater experimental elaboration. The product, Br & Hc, has been 
extensively used only because the general shape of the demagnetiza- 
tion curve between these two points is approximately constant, and 
because BHmax. = K (Br & Hc), where K is termed the “fullness 
factor’. Its value is approximately 0.42 for a number of materials. 
He stated, further, that instances could be cited where the product, 
Br X He, is not only misleading, but actually insensitive to improve- 
ments made in the material by careful heat treatment. Although 
different applications may require different shaped demagnetization 
curves, the normal procedure is to design a permanent magnet system 
by utilizing the greatest value of BHmax. for any given material, and 
then to adjust the dimension ratio accordingly. Therefore, the ex- 
perimental determination of BHmax. is the only reliable standard by 
which to appraise the true magnetic efficiency of a material. 

For those unfamiliar with the determination of BHmax. from the 
hysteresis curve, Fig. 4 has been included. 

After determining Br and He, points on the demagnetization 
curve were determined (1 to 8) by the step method, as outlined in 
Fahy’s {nstruction Manual (18). The corresponding values of B 
and H at each of the eight experimentally determined points are then 
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Fig. 4—Left: Experimentally Determined Demagnetization Curve. Right: Derived 
Energy Product Curve. 


multiplied, and the resulting product is plotted as a function of B. 
This product, the abscissa, is given in terms of arbitrary magnetic 
units, gausses < oersteds. If this product is divided by &z, these 
units equal ergs per cubic centimeter. 

BHmax., then, is the maximum point on this curve, namely, 
1,030,000. Bd and Hd are the corresponding values of B and H, 
which, when multiplied, equal this product; and, in this case, equal 
6440 and 160 respectively. 

Treatment of Data—The values of Bmax., Br, He, and BHyax 
were tabulated for each quenching temperature, for each of the sizes 
tested, together with the value of the mass factor, F. In computing 
F, the ends were taken into consideration. For example, the compu- 
tation of F for the 1% by ™%-inch bar size is as follows: 

Surface Area 
2sides4 by % inches = 4 inches 
2 sides 4 by 1% inches = 12 ‘inches 
Z2ends 1% by % inches = 1.5 inches 
Total 17.5 inches 
V olume 
4 by 1% by % inches = 3.0 inches 
Surface Area = Volume = F = 5.83 

The quenching temperature that gave the highest value for 
BHywax. for each of the nine sizes was tabulated with the mass factor, 
and then plotted, using temperature as the ordinate and mass as the 
abscissa. From this experimentally determined plot, an empirical 
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formula was derived which gave the equation of the best curve that 
could be drawn through these nine points. The empirical formula was 
developed graphically by using the straight-line graph method, as 
outlined by Worthing and Geffner (19). The many details of this 
graphical derivation will be omitted. It is sufficient to note that an 
empirical formula was established from the experimental determina- 
tion, relating mass, magnetics, and quenching temperature. 
At the conclusion of the work, an attempt was made to offer a 
mathematical derivation of the conclusions reached by the experi- 
mental method. The derivation was based on the work of French 
and Klopsch, who developed certain equations relating mass, quench- 
ing temperature, and cooling rate. 
: Discussion of Results—From the values of the magnetic results 

obtained (Table I), it can be seen that as the mass increased, a higher 
H quenching temperature was necessary in order to give a value of 
- BHymax. exceeding 1,000,000. It may be pointed out that this value 
was obtained on every size tested, although Darwins (4) claimed 
that 800,000 was all that could be expected from the large sizes of 
this steel, as compared with 950,000 for small sizes. The method of 
quenching suggested here would represent, therefore, an improve- 
ment of 20 per cent in available energy. This is also a contradiction 
to the report of Sanderson (14) who cited that a 14-millimeter square 
was the maximum size that could be successfully heat treated. As 
this size yields a mass factor of only 7.7, a glance at Table II will 
show that this is well within our working range. 

The experimental determinations of the optimum quenching 
temperatures were plotted against mass (Fig. 5). From this plot, a 
theoretical curve was obtained by graphical methods. The equation 
of this derived curve was found to be a hyperbola of the following 
form: T—1605+ 912 (F)*. It is of interest to note that the 
value of the exponent was ~?. In an equation of this general form, in 
which the exponent has a negative value, the constant term, 1605, be- 
comes the value of the asymptote parallel to the x-axis. 

In the case under consideration, this asymptote should be the 
lowest theoretical temperature from which an infinitesimal mass 
could be oil-quenched and yield a maximum value of BHmax. In 
view of the fact that 1700 degrees Fahr. (925 degrees Cent.) was 
the recommended hardening temperature for this steel, this value of 
1605 degrees Fahr. (875 degrees Cent.) was thought to be just an 
empirical figure. However, a sample of ;’-inch round, F — 21.9, 
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¥% inch square 
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¥% inch round 
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6.90 
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11.10 


16.50 


19.70 


21.90 


Table I 


COBALT MAGNET STEEL 


Experimental Results 


Quench Temp. 
Degrees Fahr. 


1680 
1700 
1720 
1740 
1750 
1760 
1770 
1780 
1800 
1700 
1720 
1730 
1740 
1750 
1760 
1700 
1720 
1730 
1740 
1750 
1760 
1680 
1700 
1720 
1730 
1740 
1750 
1760 
1780 
1680 
1700 
1710 
1720 
1730 
1740 
1760 
1660 
1670 
1680 
1690 
1700 
1720 
1740 
1640 
1650 
1660 
1670 
1680 
1700 
1720 
1640 
1650 
1660 
1670 
1680 
1690 
1700 
1720 
1630 
1640 
1650 
1660 
1¢80 
1700 
1720 


Bmax. 


16,900 
14,600 
14,900 
15,000 
15,200 
15,400 
15,100 
14,900 
14,900 
14,500 
14,500 
14,700 
14,800 
14,500 
15,100 
14,700 
15,100 
14,800 
14,900 
14,800 
14,500 
15,900 
14,900 


16,000 
16,200 
16,000 
16,100 
15,800 
15,400 
17,800 
16,800 
17,100 
17,300 
17,000 
16,900 
16,400 
16,800 
16,600 
16,700 
16,700 
16,600 
16,500 
16,400 
16,100 
17,400 
17,000 
15,800 
15,500 
15,300 
15,600 
15,800 


Br 


9,400 
8,200 
8,600 
9,100 
9,300 
9,600 
9,400 
9,300 
9,200 
8,700 
9,100 
9,200 
9,500 
9,100 
9,600 
8,800 
9,300 
9,200 
9,100 


BHmax. 


363,000 
761,000 
881,000 
998,000 
1,010,000 
1,017,000 
998,000 
990,000 
900,000 
855,000 
975,000 
1,030,000 
1,087,000 
1,010,000 
975,000 
912,000 
1,010,000 
1,030,000 
990,000 
940,000 
890,000 
627,000 
880,000 
974,000 
997,000 
1,026,000 
991,000 
950,000 
844,000 
950,000 
1,060,000 
1,092,000 
1,120,000 
1,060,000 
1,045,000 
850,000 
1,015,000 
1,061,000 
1,092,000 
1,030,000 
939,000 
906,000 
824,000 
750,000 
1,100,000 
1,108,000 
1,072,000 
969,000 
920,000 
865,000 
1,078,000 
1,092,000 
1,010,000 
998,000 
952,000 
905,000 
892,000 
860,000 
467,000 
638,000 
1,030,000 
986,000 
952,000 
850,000 
792,000 
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Fig. 5—Mass Vs. Optimum Quenching Temperature. Empirically derived 
curve. T = 1605 + 912 (F)-. T = quenching temperature. F = surface 


| area — volume. 


. was oil-quenched from this temperature, using the standard proce- 
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dure followed throughout. The magnetic results indicated very little 
improvement over the initial as-rolled condition. When the quench- 
ing temperature was raised to 1610 degrees Fahr. (875 degrees 
Cent.), and the sample held for 16 hours and oil-quenched, the mag- 
netic values approached those obtained by the standard procedure. 
By employing a long holding time at temperature, to compensate for 
the departure of this finite mass from infinity, a plausible result was 
obtained. Further proof of this 1605 degree Fahr. (875 degree 
Cent.) limiting temperature was found from the hardening curve 
for this steel. The Rockwell hardness showed a minimum point at 
1600 degrees Fahr. (870 degrees Cent.) but increased very rapidly 
beyond that point up to 1680 degrees Fahr. (870 degrees Cent.), 
where, the steel attained its maximum hardness. Thus, this empiri- 





Table Il 
Optimum* Quenching Temperatures for Samples Tested 


a ee 


-————_Temperature 


ee 
Mass Size Degrees Fahr. Degrees Cent. 
; - §.83 1% by % inch 1760 (960 
6.90 % inch square 1740 (949 
6.90 % inch round 1730 (943 
7.05 #4 by % inch 1740 (949) 
8.50 ¥Y% inch round 1720 (938) 
11.10 % inch round 1680 (916) 
16.50 ¥% inch round 1660 (904) 
: 19.70 % by % inch 1650 (899) 
21.90 7s inch round 1650 (899) 


| 
| 
; 
' 


*Optimum = quenching temperature which gave highest value of BHmax. 
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cally determined constant was shown to have some measure of physi- 
cal significance. 

The statistical evidence presented at the beginning of this paper 
showed that the magnetic values obtained by quenching various 
masses from 1700 degrees Fahr. (925 degrees Cent.), reached a 
maximum when F = 8 to 14. This is in good agreement with the for- 
mula which indicated that the mass factor should equal 9.6 when 
quenching from this temperature. This is also in good agreement 
with the fact that a %4 by 34-inch section, for which the mass factor 
is 9.8, always had been considered the optimum size for this steel. 

That this empirical relationship between mass and quenching 
temperature is of value outside the laboratory has been demonstrated 
many times. A good example was a company that was making mag- 
neto magnets from this steel. They had experienced difficulty in heat 
treating magnets to pass their magnetic test by oil hardening them 
from 1700 degrees Fahr. (925 degrees Cent.). The magnets were 
approximately hollow cylinders, for which F = 6.8. The quenching 
chart showed 1740 degrees Fahr. (950 degrees Cent.) to be the 
proper hardening temperature for this mass. By raising their quench- 
ing temperature to 1740 degrees Fahr. (950 degrees Cent.), using a 
minimum soaking time, satisfactory results were obtained immedi- 
ately. For their production procedure, however, it was found to be 
more satisfactory to use 1730 degrees Fahr. (945 degrees Cent.), 
with an increased soaking time of 7 to 10 minutes, to compensate for 
the 10-degree drop in temperature. 

It may be pointed out here that the proposed formula is valid 
only for the heat treating procedure used to obtain the formula. In 





some cases, such as the above, a longer soaking time may be more 
satisfactory from a commercial viewpoint, in which case a lower 
quenching temperature should be used. In the case of annealed 
stock, a higher temperature or a longer soaking time may be neces- 
sary to achieve equivalent results. 

Regarding the use of BHmax. as the index of magnetic quality, 
it may be shown that the use of other indices mentioned in the fore- 
part of this paper would not have yielded such a neat mathematical 
relationship. From Table III showing the values obtained by vari- 
ous indices, it can be seen that Mathews’ proposed ratio of Br/Hce 
was subject to the greatest deviation from the true BHmax. The 
values of Br & He were in much better agreement with the experi- 
mentally determined values, but they too varied in several instances, 
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Table Ill 
Various Magnetic Quality Criteria Compared with Experimentally Determined BHmax. 
; Quench Temp. 

Size Degrees Fahr. Br X He Br/He BHmax. 
1% by % inch 1680 1,130,000 78.4 363,000 
1700 1,890,000 35.7 761,000 
1720 2,060,000 35.8 881,000 
1740 2,330,000 35.5 998,000 
1750 2,380,000 36.3 ; 1,010,000 
1760 2,490,000 36.9 1,017,000 
1770 2,440,000 36.1 998,000 
1780 2,470,000 35.1 990,000 
; 1800 2,390,000 35.3 900,000 
¥% inch square 1700 2,230,000 34.0 855,000 
1720 2,460,000 33.7 975,000 
1730 2,540,000 33.3 1,030,000 
1740 2,660,000 33.9 1,087,000 
1750 2,590,000 32.0 1,010,000 
7 1760 2,580,000 35.8 975,000 
% inch round 1700 2,380,000 32.6 912,000 
1720 2,600,000 33.2 1,010,000 
1730 2,650,000 31.9 1,030,000 
1740 2,640,000 31.3 990,000 
1750 2,540,000 30.6 940,000 
1760 2,420,000 31.3 890,000 
#5 by % inch 1680 1,800,000 47.2 627,000 
1700 2,180,000 36.3 880,000 
1720 2,390,000 35.4 974,000 
1730 2,440,000 36.2 997,000 
1740 2,460,000 37.5 1,026,000 
1750 2,420,000 38.8 991,000 
1760 2,430,000 40.4 950,009 
1780 2,160,000 38.2 844,000 
¥Y% inch round 1680 2,370,000 35.0 950,000 
1700 2,660,000 33.9 1,060,000 
1710 2,780,000 34.5 1,092,000 
1720 2,750,000 34.2 1,120,000 
1730 2,700,000 35.5 1,060,000 
1740 2,650,000 34.8 1,045,000 
; 1760 2,320,000 33.3 850,000 
% inch round 1660 2,520,000 39.0 1,015,000 
1670 2,630,000 38.9 1,061,000 
1680 2,720,000 39.7 1,092,000 
1690 2,610,000 39.8 1,030,000 
1700 2,480,000 40.4 939,000 
1720 2,350,000 39.2 906,000 
1740 2,180,000 37.9 824,000 
% inch round 1640 2,130,000 59.5 750,000 
1656 2,680,000 42.8 1,100,000 
1660 2,660,000 44.7 1,108,000 
1670 2,620,000 46.2 1,072,000 
1680 2,460,000 44.9 969,000 
1700 2,370,000 44.8 920,000 
1720 2,280,000 43.1 865,000 
% by % inch 1640 2,570,000 44.5 1,078,000 
1656 2,580.000 43.5 1,092,000 
1660 2,350,000 47.0 1,010,006 
1670 2,310,000 47.8 998,000 
1680 2,320,000 44.8 952,000 
1690 2,340,000 43.5 905,000 
1700 2,340,600 42.5 892,000 
1720 2,270,000 40.6 860.000 
ss inch round 1630 889,000 139.0 467,000 
1640 1,060,000 106.0 638,000 
1650 2,520,000 43.7 1,030,000 
1660 2,420,000 43.8 986,000 
1680 2,410,000 45.6 952,000 
1700 2,200,000 45.5 850,000 

1720 2,160,000 44.5 


792,000 
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As the use of BHmax. was mentioned several times in the review of 
the literature, the reader is referred to the original discussions for a 
more detailed explanation of why it is of such importance. 

Table IV shows the percentage improvement in BHmax. obtained 
by using a variable quenching temperature, rather than the recom- 





Table IV 
Improvement in BHmax. by Varying Quenching Temperature with Mass 
1700 Optimum 
Degree Fahr. Degree Fahr. 
Quench Quench Per Cent 
F Size BH max. BH max. Improvement 

5.83 1% by % inch 761,000 1,017,000 33.6 
6.90 ¥% inch square 855,000 1,087,000 27.1 
6.90 inch round 912,000 1,030,000 12.9 
7.05 by % inch 880,000 1,026,000 16.6 
8.50 ¥% inch round 1,060,000 1,120,000 5.6 
11.10 % inch round 939,000 1,092,000 16.3 
16.50 % inch round 920,000 1,108,000 20.5 
19.70 % by % inch 892,000 1,092,000 os 
1.2 


21.90 fa inch round 850,000 1,030,000 


mended temperature of 1700 degrees Fahr. (925 degrees Cent.). As 
might be expected, the improvement was the greatest in general, for 
those sizes whose mass factors deviated the most from 9.6. The 
greatest percentage improvement in the sizes tested was found to be 
33.6 per cent for the 1% by %-inch section, and the smallest was 
5.6 per cent for the 14-inch round. 

It is surprising to note that in all of the literature cited, no men- 
tion was made of any difficulty in obtaining maximum magnetic 
values for extremely small sizes. It has been this writer’s experience 
that small sizes were as obstinate in yielding high values of BHmax. 
as were large sizes. One explanation is that a “standard” quenching 
temperature was used by others, which yielded maximum magnetic 
values for the small sizes but low values for the large sizes, rather 
than a “median” temperature. In other words, the 1/700 degree 
Fahr. (925 degree Cent.) “standard” quench usually cited in the 
literature is actually a compromise between 1640 degrees Fahr. (895: 
degrees Cent.) used for a ;;-inch round (the smallest size ordinarily 
encountered ), and 1760 degrees Fahr., used for a section 1% by ™%- 
inch (the largest size regularly encountered ). 

It may be noted from Table I that the maximum values of Br 
tended to decrease with increased section size, although the values 
of Hc tended to increase, so as to yield substantially equivalent values 
for BHmax. It may be argued that equivalent quenching rates should 
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give approximately equal values for Br and He, as well as BHymax, 
if the hypothesis is correct. However, Oliver’s explanation of the 
“fullness factor” indicates that simultaneous maximum values of Br 
and Hc need not be concomitant with maximum values of BH max. 
The data presented here show that this is the case. It may well be 
that BHmax. is the only true measure of the percentage of retained 
austenite, and the Br and Hc values may be dependent upon the con- 
centration ratios of the other microconstituents. No rigorous cor- 
relation between magnetics and microstructure has ever been demon- 
strated; but various investigators have used magnetic measurements 
as a qualitative index for determining changes in microstructure due 
to heat treatment. Therefore, it is quite possible that a strict rela- 
tionship exists between BH ax. and residual austenite, and Br and He 
and the other microconstituents; and the co-existence of maximum 
values of BHmax. with less-than-maximum values of Br and Hc is 
not anomalous after all. 

However, it is beyond the scope of this paper to attempt any 
correlation of magnetics and microstructure. These remarks are 
offered only as possible working hypotheses for future investigation. 

Mathematical Development—The assumption was made, at the 
outset of this work, that equivalent cooling rates could be obtained 
on masses of different dimensions by varying the quenching tempera- 
ture over a discrete temperature range. Since the experimental evi- 
dence appeared to bear out this assumption, an attempt was made to 
produce a mathematical derivation which would lead to the same con- 
clusion. The following derivation is presented, therefore, not as a 
strict mathematical proof of the empirical formula developed here, 
but as evidence that a relation exists between the concepts of quench- 
ing evolved by other investigators, and the conclusions reached here 
by the experimental method. 

The basis of the demonstration is the work done by French and 
Klopsch (16). They established certain approximate equations re- 
lating the mass and quenching temperature with the center cooling 
velocity. The reader is referred to their original work for the ex- 
perimental evidence presented by them. Their equations are accepted 
here as primary postulates for the basis of the following develop- 
ment. 


The symbols used in the following equations are: 


Ve = critical center cooling velocity that will give 
a maximum value of BHmax. 
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Vm =center cooling velocity developed by using 
mass as the dependent variable, and holding 
the quenching temperature constant. 

Ve =center cooling velocity developed by using 
temperature as the dependent variable, and 
holding the mass constant. 


T = quenching temperature that will yield a 
maximum value of BHmax., for any particu- 
lar mass. 

IF = Mass = surface area + volume. 

0,t = Temperature constants. 

ki, ke, k;, K == Proportionality constants. 

n, m, X = Exponential constants. 


The basic assumption was that there is a critical cooling rate 
which gives a maximum value for BH max. 
(1) Ve=k: (BHaax. ) max. 
French and Klopsch demonstrated that the cooling velocity for 
a variety of sizes and shapes is approximated by the equation 
(2) Vm=k: (F)" 
French and Klopsch also demonstrated that the cooling velocity 
is proportional to the quenching temperature between certain limits. 


The following equation is the present writer’s interpretation of that 
statement. 


(3) Vi=k, [(T)™— 9] 

By assuming that the critical cooling velocity necessary for the 
maximum value of BHmax. may be obtained either by varying the 
size or by varying the quenching temperature 

(4) Ve — Ve — Ve 

$y equating the right-hand members of (2) and (3) 
(5) ks ((T)™ — 0] =k: (F)® 

$y rearranging the terms of (5) 


ks 
(6) (T)"=7"(F)"+0 


By extracting the ‘“‘m’’th root of both sides, and disregarding the 
term containing exponentials of the second order 


1 i 


ks (F)*]" + (@)” 


1, 
n 





(zy. T= { 
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By making the following substitutions in (7): 
Let ()  =K 
Let (7) =x 
m 


Let (0) ™=t 
(8) T=t+K (F)* 


Thus, equation (8) is shown to have the same form as the em- 
pirically developed equation, T = 1605 +912 (F)™, in which t = 
1605, K = 912, and x = —1. 

When these constants were substituted in the quantity which had 
been disregarded in the binomial expansion of equation (6), the 
numerical value of that quantity was readily computed. By assuming 
an average value of F equal to 10, the value was found to be approxi- 
mately —7.7 < 10°°° degrees Fahr., a meaningless figure, in this case. 
Hence, this mathematical development was considered to be substan- 
tially valid. It showed, further, that the conclusions reached by the 
experimental method were in good agreement with the theory of 
quenching. 


CONCLUSION 


From the evidence presented here, several definite conclusions 
nay be drawn: : 

1. The hypothesis that a critical cooling rate will yield a maxi- 
mum value of BHmax. for 36 per cent cobalt magnet steel 
appears valid. 

2. This critical cooling rate may be attained on masses of vari- 
ous dimensions by varying the quenching temperature, and 
holding all other factors constant. It follows, therefore, 
that the recommended quenching temperature for this steel 
should be the range of temperatures from which this steel 
may be treated to yield maximum magnetic results. 

3. An apparent mathematical relationship exists between mass 
and quenching temperatures, according to the empirical 
equation, T = 1605 + 912/F, where F is equal to the ratio 
of surface area to volume. The constant, 1605, the asymp- 
tote of this hyperbolic function, was found to be the mini- 
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mum temperature from which an infinitesimal mass of this 
steel could be oil-quenched to yield a maximum value of 
BH max. 

4. By use of the above relationship, the minimum value of 
1,000,000 for BHmax. was obtained for this steel for most 
commercial sizes, namely, from ;*;-inch round to 1% by % 
inch. 


cs 


The mathematical derivation of the formula relating mass 
and quenching temperature, based on the observations of 
other investigators, adds additional weight to the validity of 
the above conclusions. 
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DISCUSSION 


Written Discussion: By Frank P. Fahy, 31 Sidney Street, New Rochelle, 
N. Y. 

Those concerned with the development of the optimum properties of magnet 
steel should feel indebted to Mr. Falk for this comprehensive investigation of the 
relation of quenching temperature to the mass factor. The paper is a timely one 
and the procedure exhibits a refinement which hitherto has been lacking, to an 
extent, in studies of quenching temperature vs. section. 

The close determination of BHmax. is somewhat arduous and in connection 
therewith the accord of Br & He and BHmax. in relative maximum values, as 
shown in Table III, is notable. Here, there is agreement for seven (7) out of 
nine (9) specimens, with departure within possible observational error for the 
other two. In general, BHmax. and Br x He involve, respectively, different 
regions of measurement on the demagnetization curve. In view of rather special 
difficulties as to precision readings of H in the second quadrant, such concord 
is striking. 

The point is raised with no idea of discounting the value of BHmax. in con- 
nection with magnet system design. However, such accord as is noted sub- 
stantiates the practical usefulness of Br & He and it is to be trusted that like 
harmony will be found to exist in the case of Alnico and other magnet steels. 

Written Discussion: By J]. E. Goldman, research engineer, Research Labo- 
ratories, Westinghouse Electric Corp., E. Pittsburgh, Pa. 

The author suggests the possibility of an implied correlation between BH max. 
values and the amount of retained austenite. There is, however, direct magnetic 
effect from which information can be gained on the quantity of residual 
austenite, namely, measurements of the saturation magnetization. The y-phase 
being nonmagnetic diminishes the net saturation moment of the material when 
retained as austenite at room temperature. Measurement of this moment affords 
a direct comparison of the relative amounts of retained austenite. The satura- 
tion magnetization should be measured at considerably higher fieid strengths than 
those used by Mr. Falk for his measurements of BHmax. It is, in general, advisa- 
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ble that all magnetic measurements on such high coercive alloys as cobalt steel 

and the Alnicos be made with saturating fields of from 3000 to 5000 oersteds. 

The quantities BHmax. and He while depending implicitly upon the amount 

of retained austenite through the changes in magnetization are more closely 

related to the primary source of magnetic hardness. According to Becker® 
3p 

H. Ss ,7:/J,, where A, is the saturation magnetostriction, 7; the internal 


— 


strain, J, the saturation intensity of magnetization, and p a constant 


3 —H 
J. = 


4r 

It is thus seen that the major varying factor is the internal strain which pro- 
duces both mechanical and magnetic hardness. In the martensitic steels, there- 
fore, the Br is implicitly affected by the retained austenite and the Hc is 
determined quite directly by the presence of martensite which is the strained 
phase and thus the harder component. Cobalt magnet steels are quite similar to 
the simpler martensitic steels in structure and treatment, suggesting that the 
coercive force is of similar origin. The magnetostriction, however, is a factor of 
five greater than in ordinary steels, causing the coercive force to increase pro- 
portionately. The energy product, BHmax., will thus be a quantity that should 
more appropriately be considered to depend on the nature and relative proportions 
of the component phases produced by the transformation rather than on the 
quantity of retained Y-phase. 

Written Discussion: By Gerrit De Vries, Dahlgren, Va. 

The author stated that a critical cooling rate appears to yield a maximum 
value of BH max. This indicates that it is desirable to have the maximum amount 
of metal in the mass to have a critical cooling rate at some particular temperature. 
A statement of the effects of mass, temperature and cooling medium and the 
cooling rate at some temperature might be helpful in this and other quench- 
ing problems. 

It is obvious that when a mass is quenched in a cooling medium there is a 
difference in cooling rate between the surface and the center. Increasing the 
efficiency of the cooling medium, with everything else constant, increases the 
cooling rate throughout the mass and increases the difference in cooling rates 
between the surface and the center. Increasing the size of the mass with every- 
thing else constant will decrease the cooling rate throughout the mass, except at 
the surface where the cooling rate approaches a minimum, and will increase the 
difference in cooling rates between the surface and the center. Raising the quench- 
ing temperature with everything else constant will decrease the cooling rate at the 
surface, causing it to approach a minimum, and increase the cooling rate in the 
center, causing it to approach a maximum. Thus, raising the quenching tempera- 
ture causes a larger region in the mass to have the Same cooling rate. 

Since there is a difference in cooling rates between the surface of a quenched 
mass and the center, only a certain region in the mass can have the critical cool- 
ing rate. It can be seen from the above statements that if it is desired to make 
the region of noncritical rates as small as possible, the mass ought to be 
quenched from as high a temperature, at as slow a rate and in as small a size as 


*Becker-Doring, ‘‘Ferromagnetismus”’, Berlin, 1939, p. 214. 





214 TRANSACTIONS OF THE A. S. M. Vol. 37 


possible. Therefore, if it is desired to have the maximum amount of metal in 
the mass to have a critical rate at some temperature, all specimens, regardless of 
size, should be heated to the highest practical temperature and the critical cooling 
rates should be obtained in the various sizes by increasing or decreasing the 
efficiency of the cooling medium. 


Oral Discussion 


Vicror Pascukis:* The paper ‘by B. Falk represents an admirable under- 
taking of empirical research which covers a very important subject. As in any 
empirical research it is necessary to define the limits up to which the investiga- 
tions hold. The entire correlation in the paper is correct only in such range in 
which the “mass factor” may be applied. 

It would be desirable if the author could specify these limits. It is quite 
obvious that in rectangular magnets the system of correlation would not hold 
below a definite thickness, for example 0.1 inch; but possibly this value would be 
very much higher so that that correlation would not hold for pieces below 0.2 
inch thick, etc. Similarly, there is a certain maximum thickness beyond which 
the values would not hold. 

From the figures shown it seems possible that also the shape factor may not 
be neglected. For example, consider the two samples in Table I, both of which 
have a Factor F = 6.90. The square sample has a value of BHmax. of 1,087,000, 
whereas the round sample has a BHmax. of 1,030,000. Also, the quench tem- 
peratures are different in both cases. 

The procedure in quenching magnets can be visualized as follows: 

The magnet consists of a great number of small elements. Each element 
undergoes a different time-temperature and history, resulting in different mag- 
netic properties. It would be interesting to know if the author believes that by 
determining the individual time-temperature histories for various points in the 
magnet it would be possible to obtain a more accurate solution of the problem. 

These remarks should not detract from the value of the paper, but should 
point out the necessity of considering the heat aspect in addition to the metal- 
lurgical and magnetic aspects. 


Author’s Reply 


I wish to thank Mr. Fahy for his kind criticism of this paper, and for his 
appreciation of the labor involved in determining the many energy product values. 
As Mr. Fahy pointed out, the use of Br *& Hc as an index of relative maximum 
energy may not have been too misleading in this particular instance. However, 
Br X He is related to BH max. by a “form” factor, which derives its value from 
the shape of the demagnetization curve. Due to the fact that the shape of the 
curves may vary, even for identical values of Br and Hc, the value of this 
“form” factor is not constant. For this reason the actual curves were plotted, and 
the value of BHmax. was derived therefrom. 

I might mention that although the value of this “form” factor is approxi- 


*Research associate, Columbia University, Department of Mechanical Engineering, 
Research Laboratories, New York. 
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mately 0.42 for most magnet steels, it may vary greatly for the Alnicos. In fact, 
for Alnico V, we have found that this factor may vary from 0.45 to 0.65. 

Dr. Goldman raises an interesting question for which I have no direct 
answer at this time. His observations, based on magnet theory, indicate that the 
values of BHmax. should depend upon the concentration ratios of the trans- 
formation products, rather than upon the percentage of the untransformed phase. 
However, it has been our experience that residual austenite is usually present in 
the quench-hardened structure of most alloy magnet steels. Whether there is an 
“optimum” percentage of austenite which is associated with the highest value 
of BHmax. is a question now under investigation. Therefore, until a definite 
correlation between magnetics and microstructure is established, it cannot be 
stated that BHmax. is dependent either upon the percentage of retained 
austenite, or upon the relative proportions of the other phases present. 

Mr. De Vries is quite correct in stating that the cooling rates will vary from 
center to edge for any one particular mass. His proposal that the highest practical 
quenching temperature be used, and that the efficiency of the cooling medium be 
varied, would no doubt yield more uniform cooling rates within the mass. How- 
ever, as mentioned before, the work was done primarily as an aid for the shop 
heat treater of magnet steel. Consequently, temperature was chosen as the easiest 
variable to control to yield maximum values of BHmax. for various masses. 

It may be. stated here that the difference in cooling rates within any one mass 
would necessarily entail a gradient in the distribution of the microconstituents. 

Therefore, it is entirely possible that samples with equivalent center cooling 
velocities may yield equivalent percentages of retained austenite, although the 
distribution of the austenite may vary greatly from sample to sample. It may be 
possible, then, that samples with equivalent percentages of retained austenite may 
yield different values of BH max. due to the distribution of the austenite through- 
out the mass. The possibility of distribution being a factor seems enhanced by 
the striking similarity between the quenching temperature vs. BHmax. curves 
(Fig. 1) and the normal distribution curves encountered in statistics and 
elsewhere. 

In reply to Dr. Paschkis, the limits of the empirical equation naturally are 
not those as defined mathematically. However, the limits are defined by prac- 


ticality. The smallest size tested, 3/16-inch round (F = 21.9), is about the 
smallest size encountered in commercial work. Too, the 1% by ™%-inch section 
(F = 5.8) is about the largest size ever encountered in commercial practice. 


Therefore, the practical limits are self-imposed, and the quenching temperature 
may range accordingly, at least from 1640 to 1760 degrees Fahr. (895 to 960 
degrees Cent.). 

With regard to the shape factor, it is possible that it must be considered 
for further refinement of the equation. But the instance cited by Dr. Paschkis, 
where the difference in quenching temperature between the square and the round 
is only 10 degrees Fahr., is almost within the limits of error for the shop heat 
treater, for whom the paper was originally intended. 








QUENCHING OF STEEL BALLS AND RINGS 
By Victor PASCHKIS 


Abstract 


The temperature-time-space relationships obtained 
in quenching steel spheres and cylindrical rings were in- 
vestigated on the “Heat and Mass Flow Analyzer” at 
Columbia University. For spheres general curves are pre- 
sented, in which the delaying effect of heat of transforma- 
tion in the range from 250 to 150 degrees Cent. (480 to 
300 degrees Fahr.) has been included. 

In addition a large number of investigations have 
been carried out in which the change of thermal proper- 
ties (conductivity and specific heat) with temperature 
has been considered. 

For steel rings charts have been developed which 
show the complete temperature-time-space relationships in 
rings of any size and material of constant thermal prop- 
erties. 


INTRODUCTION 


HE art and technique of quenching lie at the crossroads of two 

branches of science—metallurgy and heat transfer. The metal- 
lurgist determines the required temperatures and rates of tempera- 
ture change necessary to obtain desired properties in a given mate- 
rial; the heat engineer establishes the heating practice necessary to 
follow the prescriptions of the metallurgist. In many instances he may 
have to point out limitations which make it impossible to obtain the 
results visualized by the metallurgist. Such limitations can be im- 
posed by the size of the piece to be treated or by the equipment avail- 
able for heating or cooling. This interlacing between metallurgist 
and heat engineer has been repeatedly advocated by J. A. Doyle (1).' 

Any desired uniformity of temperature in heating and cooling 
can be reached if sufficient time is available. However, the rate of 
heating and cooling and the length of time during which any part 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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of a heated or cooled body is kept at a given temperature are depend- 
ent on the individual conditions and cannot be changed at will. While 
uniformity in rate of heating can always be reduced to a purely eco- 
nomic question of having sufficient furnace capacity for slow heating, 
the possible, uniformity of cooling is physically limited by thermal 
conditions. 

This should be briefly explained. Assume a bar of a given size. 
If the piece is exposed to a constant furnace temperature, different 
points in it will have various rates of temperature rise. Highest 
rates will prevail at the surface, lowest rates at the center. If, for 
metallurgical reasons, it is desired to more nearly equalize the sur- 
face and center heating rates, a lower furnace temperature must be 
applied and the total heating time increased accordingly. In quench- 
ing, however, a given rate of cooling at the surface is necessary to 
obtain the desired hardening. Once this rate is established, the vari- 
ous rates of temperature drop within the body follow automatically 
from its physical dimensions and thermal properties. The depth of 
hardening-effect penetration is given implicitly by the composition 
of the steel and by its shape. 

This paper deals exclusively with certain aspects of the thermal 
history in quenching as investigated on the Heat and Mass Flow An- 
alyzer at Columbia University. No attempt is made to draw metal- 
lurgical conclusions from the findings. An extensive correlation 
between the thermal and the metallurgical aspects of quenching may 
be found in the various publications by M. A. Grossmann and co- 
workers (2), (3). The thermal history of the piece to be quenched 
can conveniently be expressed by temperature-time curves; from 
these the rate of cooling can be deduced. The rate of cooling (as 
defined by degrees temperature drop per unit of time) is governed 
by four sets of conditions, namely: 


1. initial temperature of the piece 

2. dimensions (size and shape) of the piece 

3. material to be cooled (thermal properties, including heat of 
transformation ) 

4. severity of quench (rate of heat transfer from surface of 


the piece to the quenching medium) 

Rational approach to the problem of determining cooling rates 
is made difficult by lack of available information on thermal prop- 
erties of the material and on mathematical methods. The present 
paper gives a method of attacking the problem. It analyzes the in- 
fluence of initial temperature, material, and severity of quench ex- 
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tensively for one specific case, a ball of 54-inch diameter, and under 
some simplifying assumptions the influence of shape and size. 

The nature of thermal considerations makes it impossible to 
avoid entirely the use of formulas and mathematical definitions. It 
is believed that the metallurgist even though he be unfamiliar with 
the use of such methods will gain by working through these sections 
of this paper. As far as possible mathematical considerations have 
been placed in the appendices. 

The present paper is based entirely on investigations carried out 
by the electric analogy method. The method and its application to 
quenching problems are described in Appendix I. The paper con- 
sists of three parts, namely, a general solution (in dimensionless 
units) for spheres, special solutions for a 54-inch ball for varying 
thermal properties, and a general solution for rings. 

Various methods of determining cooling rates are reviewed in 
Appendix IT. 


GENERAL SOLUTION FOR SPHERES OR BALLS 


A general solution, holding for any dimension, can be expected 
only for conditions where properties do not change with tempera- 
ture. General results can best be presented in charts with dimension- 
less units. Instead of plotting times, temperatures, diameters, etc., 
characteristic figures, X, Y, m, n, etc., are used as co-ordinates and 
parameters, the meaning of which is explained below. The advan- 
tage of using such dimensionless units lies in the limited necessary 
number of graphs. The user can get along with few graphs, where- 
as he would need endless numbers of charts if they were to be plotted 
directly. The use of these dimensionless units is common practice in 
heat transfer. Solutions for elementary cases—simple shapes and 
materials having no phase changes and hence no exothermic or en- 
dothermic reaction over the entire temperature range—are given in 
books on heat transfer. The solutions are usually presented in the 
form of Gurney-Lurie, Grober, or Schack-type charts. These have 
been reproduced by various authors (4). The general solutions of 
Gurney and Lurie as well as their application to quenching problems 
by Grossmann, et al., are based on the assumptions of constant physi- 
cal properties and “no heat of transformation”. Actually the phase 
changes are in cooling exothermic reactions, i.e., the steel in going 
through these changes liberates heat. This heat liberation may change 
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the cooling pattern to a considerable extent. Therefore “heat of 
transformation” has been considered in the curves developed with the 
analyzer. - 

Figs. 1 and 2 contain cooling curves for spheres, plotted in 
dimensionless units. As in the Gurney-Lurie charts, the dimension- 
less time periods X are plotted as abscissas and dimensionless tem- 
peratures Y as ordinates. The plots contain groups of curves for 
various relative-resistance parameters m and relative-position param- 
eters n. 

The dimensionless time function X is the ratio 


4 x Thermal Diffusivity X Time 


(Thickness )? 


Thermal diffusivity is the ratio of thermal conductivity to volu- 
metric specific heat and has the dimension of (Length)*/Time. 

The temperature function Y (plotted as ordinates) is expressed 
by the ratio 


Temperature of steel at moment of quenching minus 
temperature at any given time after start of quenching 


Temperature of steel at moment of quenching minus 
temperature of quenching medium 


The relative-resistance parameter m is defined as follows: 


__ Thermal Conductivity of Steel X 2_ Grdéber and Schack 


m= a 
Boundary Conductance < Thickness use 1/m 


Thus m is the reciprocal of the value “HD” used by Grossmann. 
This value of 1/m (or HD in Grossmann’s nomenclature) has been 
described as “severity of quench”. This designation conveys the idea 
that 1/m is solely influenced by the quenching medium. From the | 
definition however it becomes obvious that different values of m are 
obtained for the same quenching medium, and even for the same 
steel, for pieces of different diameters. Therefore it is desirable to 
avoid the designation “severity of quench.” 

The relative-position parameter n indicates the relative position 
of any point in the quenched body, expressed as a fraction of one- 
half the total thickness. Thus n = 0 refers to the center of the body, 
while n= 1 refers to the surface of the body—distant one-half of 
the total thickness from the center. 
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Fig. 1—Dimensionless Cooling Curves for Steel 


with Finite Heat of Transformation. Solid lines refer 
to n = 0.93; broken lines to n = 0.0643. 


The curves given by Grossmann and co-workers can be de- 
veloped from the Gurney-Lurie charts. 

In introducing “heat of transformation” three more parameters 
are needed to fully describe conditions in dimensionless presenta- 
tion: 

a Heat of Transformation 

ei Specific Heat * Temperature Range of Transformation 


Temperature of Beginning of Transformation Minus Temperature of 
Quenching Bath 


Ke Quenching Temperature Minus Temperature of Quenching Bath 





P 


Temperature at End of Transformation Minus Temperature of 
Quenching Bath 


Ty Quenching Temperature Minus Temperature of Quenching Bath 
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An example will illustrate their meaning. The curves in Fig. 1 
hold for a value of 


o = 1.325 
p 0.273 
q = 0.155 


This set of values can represent a ball with a quenching tem- 
perature of 860 degrees Cent. (1580 degrees Fahr.), heat of trans- 
formation of 20 cal/g, specific heat of 0.151 cal/g, C, temperature 
range for the transformation of 100C (250 to 150 degrees Cent.). 

Or it can also represent a ball with a quenching temperature of 
706 degrees Cent., heat of transformation of 18 cal/g, specific heat of 
0.151 cal/g,C, temperature range for the transformation of 90C (205 
to 115 degrees Cent.). 

The values for n, 0, p and q as used in Figs. 1 and 2 are tabu- 
lated below : 


n Oo p q 

Fig. | 0.93 1.325 0.273 0.155 solid line 
Fig. 1 0.0643 1.325 0.273 0.155 broken line 
Fig. 2 0.93 1.325 0.303 0.171 solid line 
Fig. 2 0.0643 1.325 0.303 0.171 broken line 


The use of the charts will now be shown by an example: 
Determine the temperature at the surface and at the center of 
a steel ball for the following conditions : 


Quenching temperature, 1640 degrees Fahr. 

Ball diameter, 2 in. = 0.167 ft. 

Thermal conductivity, 17 Btu/ft., hr., F. 

Specific heat, 0.16 Btu/Ib., F. 

Density, 465 Ib./cu.ft. 

Water quench with h = 3700 Btu/sq.ft., hr., F. 

Heat of transformation, 36 Btu/Ib. 

Range of transformation, 170 degrees Fahr. (from 512 to 342). 
Temperature of quenching bath, 70 degrees Fahr. 

Temperature required 0.7 minute (0.0117 hour) after quench. 


To utilize the charts, determine the dimensionless parameter. Y 
is the expression for the desired temperatures. In order to establish 
X, the diffusivity a is calculated. 

17 


a = ————- = 0.2286 sq.ft./hr. 
0.16 « 465 


at _ 4x 0.2286 x 0.0117 


x= == a 
r 0.1672 


= 0.384 


The parameters follow from the above definitions. 


36 
Oo = oman —- = 
0.16 X 17.0 





1.322 
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Fig. 2—Dimensionless Cooling Curves for Steel with 
Finite Heat of Transformation. Solid lines refer to n = 0.93; 
broken lines to n = 0.0643. 
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From Fig. 2 for the value X = 0.384 and the given parameters 
the Y value can be found by interpolation. Fractional temperature 
0.198 (solid line). The surface temperature follows from 

Surface temperature —70 
1640 —70 
grees Fahr. Similarly for the center (broken line) the Y value (frac- 


= 0.198. Surface temperature = 381 de- 
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—_- 


tional temperature) can be found to be 0.386. The center tempera- 


Center temperature —70 
ture follows from — P — = (0.386. Center tem- 


1640 —70 
perature = 676 degrees Fahr. 

It is interesting to study the influence of the heat of transforma- 
tion on the rate of cooling. This can be done by comparing the re- 
sults presented in Figs. 1 to 4 with those obtained from the Gurney- 
Lurie charts. (See Tables I and II.) 

Evidently the temperature distribution must be the same from 
the start of the cooling down to the moment when the heat of reac- 
tion enters the picture (i.e., to a value equal to “p” on the ordinate 
scale). By comparing Figs. 1 and 2 it can be seen that all respective 
curves are identical from an ordinate value of “1” to an ordinate 
value of 0.303, which is the value of p in Fig. 2. 

Close correlation does not hold for points farther in the body 
for any time after the surface has reached the temperature of incip- 
ient reaction. As soon as any point reaches the temperature of re- 





Table I 











(Surface) 
xX m Y for 
(Dimensionless (Boundary = == G275 » = 0303 
Time) Cond. Factor) (Schack) (Fig. 1) (Fig. 3) 
1.0 1.5 0.155 0.200 0.210 
0.75 0.030 0.080 0.080 
2.5 3.0 0.100 0.150 0.150 
1.5 0.015 0.040 0.040 
4.0 5.0 0.100 0.126 0.130 
3.0 0.030 0.055 0.060 
6.0 5.0 0.045 0.046 0.046 
The values given in this table refer to n — 1 (Schack values) and n = 0.93 (solid 
lines, Figs. 1 and 2). 
Table Il 
(Center) 
xX m Y for 
(Dimensionless (Boundary a= 6 p = 0.273 p — 0.303 

Time) Cond. Factor) (Schack) (Fig. 2) (Fig. 4) 
1.0 3.0 0.580 0.590 0.600 
3.0 0.420 0.442 0.455 
1.5 0.200 0.265 0.285 
0.75 0.055 0.135 0.139 
2.5 5.0 0.265 0.280 0.295 
3.0 0.130 0.168 0.165 
1.5 0.015 0.045 0.045 
4 5.0 0.155 0.155 0.162 
3.0 0.030 0.060 0.065 
6 3.0 0.060 0.070 0.070 


The values given in this table refer to n = 0 (Schack) and n = 0.0643 (broken lines, 
Figs. 1 and 2). 
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action, the rate of cooling is slowed down. This decrease in cooling 
speed in a thin outside layer affects all parts of the body farther 
away from the surface; as the surface undergoes this transition and 
decreases its cooling rate, those parts toward the inside are delayed 
also. 

Tables I and II contain a comparison of dimensionless cooling 
temperatures (Y values) of steel with and without heat of reaction. 
(The lower Y, the lower is the temperature of the steel.) 


QUENCHING OF A %-INCH STEEL BALL 


Now, if the assumption, that thermal properties are independent 
of temperature, is dropped, the generality of the curves must be given 
up. Curves can no longer be drawn in dimensionless units, but must 
rather be shown in actual values (minutes and degrees Fahr.). Ex- 
periments discussed in this section deal with specific steels that are 
subjected to fixed quenching procedures. One purpose of this group 
of tests was to determine the influence of various properties of steel. 

All together, in this group of tests four different combinations 
of thermal properties equivalent to four different steels were tested. 
For each “steel”, cooling curves were taken for quenching from two 
different initial temperatures: 860 and 780 degrees Cent. (1580 and 
1435 degrees Fahr.). Finally, for each of these eight sets of con- 
ditions (4 steels by 2 quenching temperatures) five different quench- 
ing conditions were investigated, covering the range from “ideal 
quench” to a slow oil quench. Before presenting and discussing the 
results, the selection of properties used in the tests will be discussed. 

Selection of Properties—The influence of the composition of 
steel on its thermal properties is as yet not known. In fact, little 
information is available on thermal conductivity of any steel at ele- 
vated temperatures. Therefore no attempt was made to accurately 
assign definite properties to a specific steel. Rather, a curve giving 
the relationship between thermal conductivity and temperature and 
a second curve giving the relationship between specific heat and tem- 
perature were selected. From these a second pair of curves for 10 
per cent higher conductivity and 10 per cent lower specific heat were 
deliberately established. Thus four curves were obtained: two for 
thermal conductivities and two for specific heats. A total of four 
different combinations is possible and was used in the investigations. 

The selection of values for conductivity and specific heat was 
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Thermal Conductivity, Cel fem, see.C 
Specilic Heat, Cal/g.C. 


Temperature, %. 


Fig. 3—Thermal Conductivity and Specific Heat of 
1.00 Per Cent Carbon Steel. Thermal conductivity shown 
for 0.6, 1.5 and 1.00 per cent carbon steel. Thermal con- 
ductivity (curve b) and specific heat (curve d) are 10 per 
cent lower than the curves a and c respectively. The step 
lines in curve c and curve d show how in the electrical 
experiments the specific heat is being assumed to change. 
The steps refer to curve c. 


made so as to approximately fit steel used for ball bearings. It should 
be kept in mind, however, that in quenching from the austenitizing 
temperature steel will consist generally of austenite down to very low 
temperatures. The values of the thermal conductivity and specific 
heats which have been used are for ferrite with and without cemen- 
tite. In the Merats Hanpspoox, 1939, p. 530, the composition of 
ball bearing steel is indicated as having 1.00 to 1.5 per cent carbon. 

Sisco (5) gives curves of thermal conductivity versus temper- 
ature for steel with a carbon content of 0.6 and 1.5 per cent. The 
conductivities for these two steels differ up to a maximum of almost 
20 per cent for temperatures between 100 and 600 degrees Cent. (212 
and 1110 degrees Fahr.). For temperatures between 600 and 900 
degrees Cent. (1110 and 1650 degrees Fahr.) the two curves nearly 
coincide. By interpolating between these two curves, the values 
which were used in the present experiments were found. They are 
shown in Fig. 3 together with the curves for 0.6 and 1.5 per cent 
carbon. 

The second curve of conductivities is 10 per cent lower than the 
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first curve, and is shown as a dotted line in the plot (see Fig. 3). 

Cleaves and Thompson (6) quote values for the specific heat of 
alpha iron. These values are practically the same as those quoted by 
Umino (7) for steel with 1 per cent carbon and were therefore se- 
lected for the present experiments. 

The second curve of specific heats was selected 10 per cent lower 
than that from Cleaves and Thompson. Curves from these values 
were drawn and both curves are shown in Fig. 3. 

The heat of transformation was assumed to start at a tempera- 
ture of 250 degrees Cent. (480 degrees Fahr.) and end at a tempera- 
ture of 150 degrees Cent. (300 degrees Fahr.) ; the total amount of 
exothermic heat was 20 calories per gram. 

The initial temperatures were 860 and 780 degrees Cent. (1580 
and 1435 degrees Fahr.); the temperature of the cooling medium 
was uniformly 20 degrees Cent. 

One of the major uncertainties in connection with quenching 
problems is connected with the heat transfer at the surface of the 
steel. The coefficient of heat transfer (in cal/cm?, sec, °C) is quite 
different for different quenching media. Moreover it has been found 
[Zavarine, Scott (8)] that this coefficient of heat. transfer, or 
boundary conductance (as it is called in the science of heat transfer) 
changes considerably during the quenching. In general, three phases 
can be distinguished, characterized by the degree of turbulence of the 
quenching medium due to more or less violent ebulliency. The 
phases are not too sharply distinguished, and there is probably a 
rather steady transition from one stage to the next. However, in 
order to be able to establish a definite schedule for the experiments, 
the following two sets of values, marked 1, 2, were selected from 
those given by Scott (loc. cit.) : 


Water Quench: 1 2 
Initial temperature down to 500 degrees Cent. 0.543 0.406 cal/cm’, sec, °C. 
Between 500 and 100 degrees Cent.......... 1.630 1.220 cal/cm’, sec, °C. 
From 100 to 20 degrees Cent...........:... 0.1355 0.1355 cal/cm’, sec, °C. 
Oil Quench : 
Initial temperature down to 600 degrees Cent. 0.0271 0.0203 cal/cm’, sec, °C. 
Between 600 and 300 degrees Cent.......... 0.0815 0.0610 cal/cm’, sec, °C. 
From 300 to 20 degrees Cent............... 0.0271 0.0203 cal/cm’, sec, °C. 








Besides these four sets of unit boundary conductances a fifth condi- 
tion was tested—“the ideal quench”: In this case there is no bound- 
ary resistance (infinite boundary conductance) between steel and 
quenching medium. As soon as the steel is brought into the quench- 
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ing medium the surface of the sphere takes the temperature of the 
quenching- medium (20 degrees Cent.). This condition is most 
nearly approached in practice in an agitated ice-cooled brine solution. 

Method of Presentation—With forty experiments and at least 
three curves (for three positions in the ball: near the center, near 
the surface, and one intermediate point) per experiment, the space 
requirements for full reproduction of all results would be too large. 
Therefore only a few curves are presented in full (Figs. 4 and 5). 
The results of all experiments are given in six tables, Tables III to 
VIII. Tables III and IV refer to a point 0.025 inch under the sur- 
face. Tables V and VI refer to a point 0.125 inch under the surface. 
Tables VII and VIII refer to a point 0.2925 inch under the surface. 
The reasons for not taking surface temperatures and center tempera- 
tures but rather points close to surface and center are to be found 
in the experimental technique. The finite number of lumps makes 
it impossible to obtain the temperatures at either of the two points 
(surface or center) directly. 

The tables show the time necessary in various experiments to 
reach temperatures listed on the left side of each table. 

Each of the six tables consists of two parts: the upper part hold- 
ing for a quenching temperature of 860 degrees Cent. (1580 degrees 
Fahr.), the lower part for a quenching temperature of 780 degrees 
Cent. (1435. degrees Fahr.). 

In each table the results of twenty experiments are listed: 10 
in the upper part and 10 in the lower. Each set of ten experiments 
is divided into two groups of five each; the five covering the five 
different quenches investigated (two water, two oil, one ideal). The 
left groups in ‘each table hold for the higher values of thermal con- 
ductivities (Fig. 3), the right side for the lower values. Finally, 
Tables III, V, and VII are set up for the higher values of specific 
heat, whereas Tables IV, VI, and VIII are set up for the lower 
values (Fig. 3). 

If desired, an approximate temperature-time curve can be drawn 
from these tables for any one of the experiments. 


Results—Fig. 4 shows the complete temperature-time curves for 
steel with 


Low conductivity (curve b, Fig. 3) 
High specific heat (curve c, Fig. 3) 
Tdeal quench 
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Table Ill 
Cooling Times in Seconds for a Point 0.025 Inch Under the Surface, High Specific Heat 



















Initial Temperature 860 Degrees Cent. 
Conductivity High Low 
uench O-1 0-2 W-1 W-2 I O-1 0-2 W-l W-2 I 
emp., C. 
860 0 0 0 0 0 0 0 0 


0 
780 0.852 1.32 
650 3.09 4.30 


0 0 0.0454 0.0058 

Se. 405. €%) & 
0 
0 
0 


0 
0.90 1.326 0.0380 0.0525 0.006 
0.141 0.027 3.13 4.32 0.127 0.1575 0.030 
0.236 0.0424 at 6.76 0.197 0.246 0.0487 
56 


030 

115 

186 
425 6.49 8.94 278 0.350 0.0900 9.04 0.284 0.358 0.100 
‘626 


300 7.86 10.75 


0.470 0.140 7.96 10.83 0.380 0.486 0.160 
200 10.37 14.00 


9.779 0.240 10.50 14.16 0.640 0.813 0.260 







Initial Temperature 780 Degrees Cent. 

Conductivity High Low 

Quench O-1 O-2 W-l W-2 I O-1 O-2 W-1 W-2 I 

Temp., C 
780 0 0 0 0 0 0 0 0 0 0 
650 1.89 2.74 0.069 -0.0809 0.015 1.90 2.64 0.072 0.0869 0.015 
550 3.87 5.13 0.129 0.174 0.0285 3.90 5.10 0.138 0.1796 0.0322 
425 5.35 7.11 0.209 0.290 0.0623 5.38 7.10 0.215 0.282 0.0682 
300 6.79 8.95 0.3125 0.411 0.107 6.81 8.95 0.320 0.398 0.115 
200 9.00 1.94 : 9.02 12.10 0.557 0.2 














Table IV 
Cooling Times in Seconds for a Point 0.025 Inch Under the Surface, Low Specific Heat 





Initial Temperature 860 Degrees Cent. 















Conductivity High Low 
Sane O-1 0-2 W-! W-2 a O-1 0O-2 W-1 W-2 I 
emp., C. 

860 0 0 0 0 0 0 0 0 0 0 
780 0.846 1.23 0.027 0.033 0.0055 0.835 1.26 0.027 0.039 0.0057 
650 2.77 3.83 0.100 0.123 0.0218 2.73 3.84 0.103 0.126 0.024 
550 4.56 6.11 0.162 0.219 0.0360 4.56 6.18 0.165 0.212 0.0397 
425 5.88 7.71 0.251 0.325 0.0660 5.94 8.06 0.253 0.327 0.0743 
300 7.15 9.50 0.341 0.435 0.1050 t.aa. 9.78 0.346 0.434 0.118 
200 9.45 12.20 0.576 0.730 0.2110 9.56 12.86 0.580 0.738 0.236 

Initial Temperature 780 Degrces Cent. 

Conductivity High Low 

Quench O-1 0-2 W-!l W-2 I O-1 O-2 W-l W-2 I 

Temp., 
78C 0 0 9 0 G 0 0 0 0 0 
650 1.74 2.49 v.060 0.075 0.012 1.74 2.52 0.066 0.0794 0.0142 
550 3.50 4.79 0.117 0.159 0.0248 3.55 4.92 0.117 0.168 0.0285 
425 4.85 6.35 0.197 0.254 0.0540 4.94 6.75 0.206 0.258 0.0607 
300 6.10 8.03 0.284 0.375 0.0922 6.16 8.37 0.287 0.384 0.104 
200 8.44 10.77 0.539 0.658 0.188 8.52 11.50 0.539 0.659 0.207 


Fig. 5 shows the complete temperature-time curves for steel with 
Low conductivity (curve b, Fig. 3) 
High specific heat (curve c, Fig. 3) 
Oil quench “B” 

By comparing the values in the tables it can be seen that for 

any boundary conductances (h) the time to reach a given tempera- 

ture (e. g., 300 or 200 degrees Cent., etc.) is largest for the steel with 
high specific heat and low thermal conductivity. The time becomes 
shorter for various steels in the following order: 
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Table V 
Cooling Times in Seconds for a Point 0.125 Inch Under the Surface, High Specific Heat 


Initial Temperature 860 Degrees Cent. 

Conductivity High Low 

Quench O-1 O-2 W-1 W-2 I O-1 O-2 W-1 W-2 

Temp., C 
860 0 0 0 0 0 0 0 0 0 
780 1.555 1.944 0.334 0.367 0.188 1.555 1.988 0.352 0.407 
650 3.72 4.80 0.555 0.616 0.359 3.72 4.84 0.588 0.708 
550 5.62 7.26 0.720 0.788 0.490 5.62 7.43 0.778 0.850 
425 7.18 8.99 0.975 1.057 0.707 7.35 9.88 1.058 1.14 
300 8.56 Rigas: 1.32 1.414 0.948 8.65 11.62 1.447 1.49 

200 11.67 15.12 2.40 2.342 1.45 11.83 15.56 2.66 2.51 


Initial Temperature 780 Degrees Cent. 
Conductivity High Low 
Quench -1 0-2 W-1 W-2 I O-1 0-2 W-1 W-2 
Temp., C. 

780 0 0 9 0 0 

650 " 3.20 0.422 0.465 0.281 2.67 3.245 0.454 0.497 

550 . 5.63 0.584 0.626 0.421 4.49 5.80 0.626 0.692 
425 ; 7.61 0.843 0.886 0.626 * 7.875 0.896 0.989 
.38 
0.11 


0 0 


300 ‘ 9.44 1.188 1.248 0,918 5 9.60 1.296 1.403 
200 , 13.22 2.225 2.16 1.403 13.77 2.293 2.27 


Table VI 
Cooling Times in Seconds for a Point 0.125 Inch Under the Surface, Low Specific Heat 


Initial Temperature 860 Degrees Cent. 

Conductivity High Low 

Quench O-1 0-2 W-1 W-2 O-1 O-2 W-1 W-2 

Temp., C. 
860 0 0 0 0 0 
780 : 1.73 0.302 0.324 ; 1.728 0.3305 0.367 
650 . 4.32 0.475 0.551 ‘ 4.41 0.540 0.594 
550 ; 6.49 0.626 0.713 . 6.48 0.708 0.756 
425 \ 8.40 0.886 0.972 ; 8.73 0.972 1.022 
300 7.61 9.78 1.187 1.295 : 10.28 1.29 1.372 
200 10.45 13.40 2.18 2.160 ‘ 13.92 2.40 2.342 


Initial Temperature ' 780 Degrees Cent. 

Conductivity High Low 
Quench O-1 0-2 W-1 W-2 I O-1 O-2 W-1 W-2 
Temp., C. 


780 0 0 0 0 0 0 0 
650 2.248 2.85 0.281 0.3455 0.259 a ‘ 0.432 0.434 
550 3.98 5.02 0.389 0.455 0.389 ‘ , 0.616 0.626 
425 5.44 6.91 0.551 0.626 0.584 ‘ ; 0.886 0.886 
300 6.65 8.38 0.778 0.843 0.832 \ 5 1.188 1.248 
200 9.59 12.00 1.252 1.35 1.273 , , 2.268 2.16 


(a) high specific heat and low conductivity 
(b) high specific heat and high conductivity 
(c) low specific heat and low conductivity 
(d) low specific heat and high conductivity 


It should be kept in mind that the ratio of high and low specific 
heat for each temperature is the same as that for high and low ther- 
mal conductivity. Therefore the diffusivities for steel (b) and (c) 
are the same. The differences in cooling time between these two 
steels must be attributed to the different relative boundary resistance 
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Table VII r. 
Cooling Times in Seconds for a Point 0.2925 Inch Under the Surface, High Specific Heat 


Initial Temperature 860 Degrees Cent. 
Conductivity High 

ench 0-1 0-2 W-1 O-1 0-2 

emp., C 

860 0 0 
780 : 2.897 0.810 
650 é 5.62 1.20 
550 6 8.04 1.39 
425 7.28 10.20 1.65 
300 8.87 11.90 2.10 
200. 13.10 16.60 


& 


an 


8.70 11.10 
10.40 13.05 
14.50 18.20 


Initial Temperature 780 Degrees Cent. 
Conductivity High 
Qu 0-1 0-2 W-1 W-2 0-1 0-2 


0 0 0 0 

20 «80.994 > 3.715 3.715 
7 1,232 d 5.44 5.96 
5 1.533 . 6.825 7.945 
8 1.944 ° 8.21 9.72 
9 3.50 a 11.54 14.12 


NeNMiko, = 


WN Ero 
Awwwus 


9 
1 
4 
8 
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Table VIII 
Cooling Times in Seconds for a Point 0.2925 Inch Under the Surface, Low Specific Heat 


Initial Temperature 860 Degrees Cent. 

Conductivity High Low 
uench O-1 O- W-l W-2 O-1 0-2 W-2 
emp., C. 

860 0 0 0 0 0 0 0 0 

780 1.988 2.59 0.7235 0.778 0.622 2.207 2.59 bi 0.864 
650 4.06 5.10 1.036 1.101 0.885 4.15 5.10 ‘ 1.188 
550 5.62 7.18 1.231 1.295 1.047 5.80 7.18 - 1.403 
425 7.00 8.90 1.468 1.553 1.262 7.09 9.07 3 1.683 
300 8.21 10.28 1.835 1.921 1.575 8.38 10.63 g 2.095 
200 11.75 14.70 3.48 3.433 2.43 12.10 15.20 3.74 


Initial Temperature 780 Degrees Cent. 
Conductivity High Low 
uench 0-1 0-2 W-1 W-2 O-1 . 0-2 W-l1 W-2 


‘emp., 


780 0 0 0 0 0 0 0 0 
650 . 3.59 0.756 0.778 0.735 2.855 3.41 0.786 0.972 
550 . 5.62 0.929 0.95 0.918 4.42 5.62 0.981 1.21 
425 ° 7.52 1.146 1.188 1.145 5.97 7.77 1.24 1.512 
300 ; 9.07 1.448 1.458 1.49 7.26 9.42 1.60 1.923 
200 . 13.40 2.656 2.55 2.32 10.98 13.90 3.24 3.49 


(m) and to the different proportional influence of the heat of reaction. 
For ideal quench the relative boundary resistance is zero for all steels. 
And, in fact, for ideal quench there are but small differences in cool- 
ing time between steels (b) and (c). For water and oil quench how- 
ever the value of m is different for steels of different conductivities. 
This fact is an added proof for the statement that it would be mis- 
leading to call “‘m’’ a measure of the severity of quench. 

The total time to reach given temperatures does not change too 
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Fig. 4—Temperature-Time Curves for Ideal Quench. Ball 5%-inch 
diameter. 


much for the different steels investigated. Differences in cooling 
rates are in the order of magnitude of 15 to 20 per cent. 


QUENCHING OF RINGS 


Introduction—The last part of the program deals with the 
quenching of cylindrical rings such as are used in ball bearings. The 
experiments were carried out for “constant properties’, and without 
taking into account the heat of transformation. If the heat of trans- 
formation were taken into account, the results obtained would be 
more limited in respect to geometry than those which are found when 
neglecting heat of transformation. 

The cooling of a hollow cylindrical ring takes place on four 
sides: top, bottom, and the outer and inner cylindrical surfaces. The 
heat flow therefore is two-dimensional: radial toward the cylindrical 
surfaces and axial toward the plane surfaces. Two-dimensional flow 
of heat in symmetrical bodies can be reduced to problems of one-di- 
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Fig. 5—Temperature-Time Curves for Oil-Quench B. 
Ball %-inch diameter. 


mensional flow by the method of Newman (9). The method con- 
sists in first separately determining the “dimensionless temperatures” 
corresponding to the “dimensionless times” for each of the two di- 
rections of hedt flow and then forming their product. The method 
will be clearer from the examples on page 235. 

In order to use this method, the solutions for a slab and for a 
cylindrical ring of infinite length must be known. The solution 
for slabs is contained in the above-mentioned Gurney-Lurie chart. 
A solution for solid cylinders is available; however, no charts are 
available for cylindrical rings. A few curves, which may be con- 
sidered the beginning of a complete chart for this shape, have been 
developed and are presented in Figs. 6 to 8. 
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Fig. 6—Temperature-Time Curves for Long Cylindrical Rings. 


Curves for Long Cylindrical Rings—It can be proved (Appendix 
III) that rings having the same following characteristic values cool 
in the same way: 


ya D./D, 
4at 
D? 
2k 
i 
h: D, 


D; and Dz are the outside and inside diameter of the ring respectively 


X = 


is the thermal diffusivity of the ring = ~——, where 
pc 


is the thermal conductivity 

is the density 

is the specific heat 

is the boundary conductance 

is cooling time from start of quench 


The statement that “they cool in the same way” indicates that 
at any relative position (e.g., 0.36 of the total thickness measured 
from the outside circumference) the relative temperature (ratio of 
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Fig. 7—Temperature-Time Curves for Long Cylindrical Rings. 


temperature at that point and time to the initial temperature of the 
piece) is the same for any dimensionless time. The same dimen- 
sionless time can be obtained with the same actual time (t) if the 
diffusivities of the two rings are in the same proportion as the squares 
of their diameters, or if the ratio a/D*, of the two rings is the same. 
Altogether nine experiments were carried out, covering three differ- 
ent values of v paired with three different values of m. 

The results are plotted in Figs. 6 to 8. Dimensionless times are 
plotted as abscissas, fractional temperatures as ordinates. Each graph 
contains various curves showing the fractional temperatures for dif- 
ferent values of m and n, where n is the relative position of the point 


measured by the thickness of the ring: n= Na Sa od th ah 


d,—d 
diameter to which n refers, d, and d, are outside and inside diameters 
respectively. On the outside surface nO, on the inside surface 
n== 1. Each of the three graphs holds for a different value of v. 
Fig. 6 for » = 0.7 


Fig. 7 for » = 0.8 
Fig. 8 for » = 0.9 
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Fig. 8—Temperature-Time Curves for Long Cylindrical Rings. 


The meaning of “dimensionless time” and “fractional temperature” 
will become evident from the example. In order to carry out a com- 
plete example the Gurney-Lurie chart for slabs is needed. (4a or 4f.) 

Example—What is the temperature at point A in a ring 1, 2, 5, 
and 10 seconds after quenching from a temperature of 850 degrees 
Cent. (1560 degrees Fahr.) in water of 20 degrees Cent. ? 

Point A lies on a diameter of 4.7 inches and is 1.3 inches from 
the bottom plane. 

The ring has an outside diameter of 5 inches, an inside diameter 
of 4.2 inches, a height of 2 inches. 

The physical properties of the steel are as follows: 


Thermal conductivity 18 Btu/ft., hr., F 
Density 485 lb./cu.ft. 
Specific heat 0.15 Btu/Ib., F 


The boundary conductance for quenching in water is assumed to be 
1000 Btu/sq. ft., hr., degrees Fahr, 
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From the thermal properties mentioned above, the diffusivity is 


18 


—_“° __ — 9.2475 sq. ft./hr. = 9.9 X 10" sq. in./sec. 
485 x 0.15 pee ee ee 


It should be stated that all curves are in dimensionless units and 
can be used with metric units or British units or any other system as 
long as all values are consistently introduced in the same system: 

Newman’s method consists in treating the heat flow in the two 
directions separately. 

Here the temperature distribution due to radial flow will be de- 
termined first. 

The v value = 4.2/5 — 0.84. No curves are available for this 
value. Interpolation between the values for vy = 0.8 and v = 0.9 is 
necessary. 


cess etseientiass 
2.5/12 X 1000 


Again interpolation will be necessary between m = 0.0 and m = 0.1. 
The abscissas for the four values of time are 


9.9 x 10° 
1 second he 3.96 x 10% 


99 x 10° x 2 

2 seconds Ce a eee = 7.92 x 10° 
99 x 10° x 5 

5 seconds cer = 1.98 x 10° 
9x 10° x 10 

10 seconds pie eS ntinee = Ro a 3.96 x 10° 


The m value is 


0.0864 


By successive interpolations the temperature functions Y are 
found as follows: 


For 1 second 
2 seconds 
5 seconds 
10 seconds 


For the direction parallel to the axis of the ring the values 
should be read from the Gurney-Lurie chart for slabs. 
The characteristic figures are as follows: 


18 is—10 
he ela —— we RFI * gy — om 
1/12 x 1000 . 1.0 


X for 1 second 9 
10 seconds 9 


m = 


0.3 


0. 
9 
9 


x 10° 
x 10° 
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From the tables of T. F. Russell (4f) it follows that for both 
values of X it is a sufficient approximation for practical purposes to 
write Y=1. The final Y value for combined cooling is found by 
multiplying the Y values for the two directions. Because Y = 1 for 
flow parallel to the axis, the Y values for combined cooling equal 
those for radial flow. The temperatures 6 in degrees Cent. are found 
by applying to the Y value the original temperatures of 850 and 20 
degrees Cent. (1560 and 68 degrees Fahr.) : 


, 


850 —20 
6 = 817 degrees Cent. 


= ().96 (for one second ) 


The final temperatures in case of the example are: 


after 1 second 817 degrees Cent. 
2 seconds 759 degrees Cent. 

5 seconds 626 degrees Cent. 

10 seconds 452 degrees Cent. 


The inaccuracy of the available Gurney-Lurie charts proves 
again that it would be desirable to develop these charts in the range 
which is important for quenching. 
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APPENDIX I 


The electric analogy method, repeatedly described (10), is based 
on the identity of Fourier’s law governing one-dimensional heat flow 
in solids and Ohm’s law governing the flow of electric current in a 
noninductive cable. 


Because of this identity of equations it is theoretically possible 
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to expose a body to electric potential, carry out electric measure- 
ments, and transform them into thermal units. 

In addition to the mathematical identity, the sida method 
also involves “lumping”. The body which is to be investigated is con- 
sidered to be divided into a number of sections, or lumps. The ther- 
mal properties of each lump—thermal capacitance and resistance— 
are considered to be concentrated at its center and along its—axis. 
Mathematically, “lumping” is equivalent to replacing a differential 
equation by an equation of finite differences. 

A very important feature of the method, particularly in connec- 
tion with the quenching problem, is the possibility of applying a “time 
ratio”. It is not necessary to carry out the electric experiment in the 
same time as the thermal experiment. For rapidly changing condi- 
tions (e. g., temperature in quenching) the time may be “stretched”, 
while for long drawn processes time may be “condensed”. In fact, 
in the present investigation time ratios of 80—1333 were applied. 
That means that 1 second of actual cooling time was in some in- 
stances represented in the electric experiment by as much as 1333 
seconds. Thus ample time for measuring was secured. 

In Fig. 9 the concentric circles represent the consecutive layers 
of a sphere. Underneath is shown a circuit, which is the electrical 
analogue of the sphere, if the latter is subjected to heating and cool- 
ing. The vertical lines separating the lumps of the circuit relate 
each lump to its corresponding layer in the sphere. 

If the sphere is to be subjected to a uniform rate of heat input, 
then at point A of the circuit current must be applied at a constant 
rate. If the sphere is to be cooled, the entire circuit must be pre- 
loaded to a voltage equivalent to the temperature from which it is 
being cooled. Then cooling is simulated by connecting point A of 
the circuit through a “boundary resistance” to zero potential. The 
magnitude of the boundary resistance is determined by the nature 
of the quenching medium. For “ideal quench” it is zero. 

The circuit as shown in Fig. 9 represents a sphere having con- 
stant thermal properties. If, however, conductivity and specific heat 
change with temperature, the resistors and capacitors must be vari- 
able so that they may be adjusted during the experiments in accord- 
ance with the voltage (equivalent to temperature) at the point of 
measurement. The continuous change of thermal conductivity and 
specific heat, as illustrated in Fig. 3, curves a and b, is replaced by a 
step change as shown by way of example for curve a, Fig. 3. The 
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Rus Rua Bs Bp 


R, Re Base resistors (for lowest temperature step) 
Ru, Ra) Additional resistors to be 

12, Ree added when point 0 2 | 
Ris, Res reaches the temperature 3 

etc. steps. etc. 

Base condenser. 

Cui, Cre, Cig, etc. Additional condensers to be added as 

temperature at point 0 reaches the 

value of the consecutive steps 1, 2, 

3, etc. 
In quenching all resistors and condensers are ‘‘in” at the 
start, and loaded to a voltage proportional to the initial 
temperature. As the temperature drops and reaches con- 
secutively steps 5, 4, 3, etc., the condensers and resistors 
are switched off. 
Condenser HR, representing “Heat of Reaction’, is 
switched on when the voltage has dropped to a value cor- 
responding to 250 degrees Cent. and is switched off when 
the voltage has reached the value corresponding to 150 de- 
grees Cent. 


electric values in the circuit are kept constant until the voltage has 
changed in one step to the next value. 

For the present problem of quenching, the representation of heat 
of reaction offers some difficulties. The heat of reaction is a heat 
source (if exothermic) or a heat sink (if endothermic). The amount 
of heat has been fairly well established for the various transforma- 
tions occurring in steel. However, the rate of heat liberation or 
absorption is not known. In some instances the rate is such as to 
keep the temperature at the point constant until the entire heat of 
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reaction is used up: In other instances the reaction takes place over 
a temperature range. In the case of a source or sink of constant tem- 
perature, the productivity of the source or sink can be determined 
and can be represented on the analyzer by introducing or draining 
off current at a rate equivalent to the productivity of the source or 
sink, respectively. 

For the present experiments nothing was known about the rate 
at which heat is liberated; the only information given was the tem- 
perature range from 250 to 150 degrees Cent. within which the trans- 
formation takes place. Now the change in heat content of the steel 
between two temperatures, measured, e. g., in Btu/lb., may be inter- 
preted as the difference of the products of c, & 6, — c. X 6, where 
c, and c, designate the specific heats at the temperatures 6, and 6, 
respectively. The heat of reaction is also measured in the same units 
(Btu/lb.) and is liberated within a certain temperature range. There- 
fore the heat of reaction can be conceived as a temporary change of 
specific heat. This concept was used in representing the heat of re- 
action on the analyzer. At the moment at which any point of the 
circuit had dropped in voltage.to the point equivalent to 250 degrees 
Cent. a condenser was added, which had been preloaded to this volt- 
age. The cooling of that point was thus slowed down. The reaction 
condenser remained connected to the circuit until the voltage had 
dropped to the point equivalent to 150 degrees Cent., and then was 
removed. 

The wiring diagram for the present experiments is shown in 
Fig. 10. Complete details are shown for one section only, since they 
are identically repeated in the other sections. 

The properties in the electric circuit were different in different 
experiments. The following set may serve as an example. 


Time ratio 2000: Meaning that one second of actual cooling time was repre- 
sented by 2000 seconds in the electrical experiment. 
Resistance ratio: 8.9 x 10° Btu X ohm/hr., F 
A thermal conductivity of 17.15 Btu/ft., hr., F was thus rep- 
resented by an electric resistivity of 5.19 x 10° ohms x ft. 
Specific heat ratio: 0.214 Btu/microfarad/F 
A volumetric heat of 72.2 Btu/cu. ft., F was thus represented 
by a capacity of 342 MF/cu. ft. 


AppENprIx II 


By and large, cooling rates during quenching can be determined 
by one of the following methods: 
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Direct thermal measurements 

Mathematical analysis, including Fourier analysis operation- 
al calculus, the “numerical method”, and graphical proce- 
dures. 


c. Analogy method—hydraulic or electric. 


Because of the very rapid temperature changes direct thermal 
measurements, especially of the surface temperatures, are extremely 
difficult to make. Moreover, applying thermocouples at the surface 
and/or in the body may, especially in the case of small bodies, seri- 
ously change the temperature field and thus defeat the purpose of the: 
experiments: | 

Mathematical analysis has been tried successfully (3) ; however, 
it was necessary to assume constant physical properties, an assump- 
tion which may not always be sufficiently accurate. 

Such results have, however, the big advantage of permitting di- 
mensionless presentation. Thus one set of curves will hold for any 
body of the same shape (e. g., ball) independent of its size. In cases 
of complicated shapes (from the mathematical viewpoint relatively 
simple shapes, such as_tubes or hollow cylinders, become “compli- 
cated”) the analytical approach becomes extremely cumbersome, if 
not impossible. In such cases the numerical method (11) is prefer- 
able. Unfortunately solutions by the numerical method lack gener- 
ality. Each point must be solved separately. This is a distinct dis- 
advantage in cases where general curves are to be developed, because 
the method must be repeated in its entirety for each point. In addition 
the numerical method does not permit introducing heat of transfor- 
mation. It can, however, be applied to cases in which the physical 
properties are not constant. 

The graphical method (12) has so far been considered too cum- 
bersome by many engineers. 

The electric analogy method (13) has several points in common 
with the numerical method. It too yields only point solutions, rather 
than complete functions, and both methods operate on the basis of 
dividing the body into a finite number of sections or lumps. How- 
ever, once a circuit has. been set up, it is extremely simple to change 
the properties and thus run a complete family of curves. Moreover 
this method has one asset hitherto not found in any other method as 
yet available; it permits the introduction ‘of the heat of transforma- 
tion. 


It is strongly suspected that the heat of transformation may 
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have considerable influence on the cooling rate of various steels. 

Summarizing, it can therefore be said that a general solution of 
the quenching problem in dimensionless parameters can be obtained 
by several different methods, but that a solution which includes heat 
of transformation can at present be obtained only by the analogy 
method. Unfortunately a solution including heat of transformation 
and changing thermal properties does not lend itself to representation 
by dimensionless parameters. 


APPENDIX III 


DEVELOPMENT OF PARAMETERS FOR CYLINDRICAL RINGS 


In order to prove that the parameter v, X, and m, are necessary 
and sufficient to characterize a ring, assume a ring, the characteris- 
tics of which are marked by a subscript a. 


k, thermal conductivity 

c’, volumetric specific heat 

D1. outside diameter 

Dz, inside diameter 

h. boundary conductance 
This ring, then, has an over-all resistance proportional to (1/k,) 
InD,,/De,, film resistances proportional to (1/Di, & h,) and (1/Do, 
xX h,), and a total capacitance proportional to (D?;, — D2.) - c’s. 

Now assume a second ring, having a thermal conductivity k,. If 

the ring is to have the same characteristics as the previous ring, then 
v, X; and m,; must be the same. 


If Xy should be unchanged, Dy, = Di, ko ; 


a 
Consequently Dz must change in order to keep v unchanged. 


Therefore, Do, — De, a ; 

And if m, should remain the same, 
k 

hy — ha — ’ 


Then the total resistance is proportional (1/k,), in Dy,/Dep. 

Since Dy,/Da, = Di,/De2, the new resistance is k,/k, times the one 
for the first ring. 

The film resistance is proportional to 1/D,, K hy = k,/ky. 

This value is k,/k, times the one for the first ring. 

The total capacitance is proportional (D?,, — D2) c’p. 
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Because c’) = c’, the capacitance is also proportional to 

D*»n (1 — ”) cn = Dn (1 — *) + Ca * kn /ka. 
The capacitance is therefore k,/k, smaller than that of the first ring. 
Now, a circuit yields identical results if all resistors in it are in- 
creased in the same ratio in which the condensers are decreased. It 
has been found that the resistors in the second ring were k,/k, times 
larger than in the first ring and the condensers k,/k, times smaller. 
The two rings are therefore thermally identical. 

By now examining more pairs of rings and changing systemati-+ 
cally c’, to c’., then Dy, to Dia and finally h, to h, it is found that 
rings yield identical results as long as the three above-mentioned 
parameters are unchanged. Therefore three parameters are sufficient 
to characterize thermal behavior. Now, by examining more rings 
and changing only one of the parameters at a time, always leaving 
the other two unchanged, it can be shown by a similar procedure that 
the three parameters are necessary. 
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ADDENDUM 


Since completing the manuscript, a paper by R. Jackson and 
co-workers (15) has appeared, in which a new method of lumping 

. cylinders is shown. This method permits representation of the axis 

| of the cylinder. In applying the same method to spheres, however, 
it still is necessary to assume a smale hole at the center. 





SOFT SOLDERING 


By Morris E. FINE aNnp RAatpu L. DowDELL 


Abstract 


This investigation gives the soldering properties of 
lead-tin, lead-antimony-arsenic, and other solders. Prop- 
erties studied were soldering temperature, drossing, flux- 
ing, wetting, alloying, and strength of steel lap joints. 

The strongest solder tested was the 87.5 lead-12 
antimony-0.5 arsenic with an average strength of 6980 
pst. It is perhaps the best tinless solder for steel and 
tinplate, when both cost and performance are considered. 


HE purpose of this study was to (a) investigate more fully 

some of the factors concerned in soldering, (b) extend the study 
of soldering to substitute solders and determine how they compare 
with ordinary lead-tin solders, and (c) improve the ease with which 
substitute solders can be applied. 


SoLpDER ALLOYS 


In this investigation the solders whose compositions are given in 
Table I were tested. 

Alloys Nos. 1 to 6 were made with Straits tin and electrolytic 
lead while alloy No. 8 containing 2.5 silver-97.5 lead and alloy 
No. 11 were: obtained from the Federated Metals Division of the 
American Smelting and Refining Co. The arsenical lead alloy No. 7 
was obtained from the National Lead Co., while the lead-arsenic- 
antimony solder No. 9 was made from electrolytic lead, antimony, and 
arsenical lead. Alloy -No. 10 containing 28.50 tin, 66.50 lead, 5.0 
bismuth was developed by the authors and is used as a sweating 
solder for soldering bottoms of milk cans. Items 1 to 12 in the refer- 
ences contain material on the use of various solders. 

The mechanical properties of solders themselves have no impor- 
tance other than as an indication of the mechanical properties of the 
joint. These have been extensively studied (5, 6, 7, 12). 

1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. Of the authors, Morris E. 
Fine is instructor and Ralph L. Dowdell is professor of metallography, Insti- 
tute of Technology, University of Minnesota, Minneapolis. Manuscript received 
March 7, 1945. 
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Table I 
Compositions of Soft Solders Investigated 

No. Sn Pb As Sb Zn Cd Bi Ag 
1 100 ive am ; 

2 62 38 ea ‘ 

3 50 50 ne ‘ 

4 30 70 aes ‘ 

5 20 80 Gat 

6 100 » ial * 

7 99.0 1.0 

8 97.5 a 2.5 
Me 87.5 0.5 12 

10 28.5 66.5 cnn 5 

11 20 77.25 1.5 1.25 
12 90.0 8 


MELTING OF SOLDERS 


Data on heating of certain solders to the soldering temperature 
are given in Table II. The actual soldering temperature depends up- 
on the melting point of the solder, the heat contents of the solder and 
the metal being soldered, as well as viscosity, and speed of wetting. 
Tin-lead solders just above their melting points wet steel much more 
rapidly than the lead-arsenic-antimony or lead-silver solders. The 
minimum soldering temperature was taken as the lowest temperature 
at which a joint could be made by dipping in a ‘pot of molten solder. 
Joints of lead-tin, and 90 lead, 8 cadmium, 2 zinc solders could be 
made below the liquidus. Alloy No. 9 containing 87.5 lead-12 


Table Il 
Data on Heating Solder to Soldering Temperature 


Calories to Heatt 


One Gram 
Solder 25 
Lowest Temperaturet Degrees 
Solder Alloys at Which Steel Lap Cent. 
Composition Liquidus Solidus Joint Could Be Made Above 

Per Cent r—Degrees Cent.—, Degrees Cent. Liquidus 
1 Tin 232* 232* 233 28 
2 62 Sn-38 Pb 183* 183* 195 21 
3 50Sn-50 Pb 216* 183* 201 20 
4 30Sn-70 Pb 267* 182* 248 19 
5 20Sn-80 Pb 275* 183* 270 18 
6 Lead 327* 327* 348 17 
7 Arsenical lead (1% As) 316 290 333 17 
8 87.5 Pb, 12 Sb (0.5 As)§ 249 248 260 19 
9 Silver lead (2.5 Ag) 304 304 { 320 16 
10 28.5 Sn, 66.5 Pb, 0.5 Bi 225 157 220 oi 
11 20 Sn, 1.5 Sb, 1.25 Ag + Pb 273 232 270 .. 
12 90 Pb, 8 Cd, 2 Zn 270 250 265 17 


*Stockdale, Journal, Institute of Metals, 1932, Vol. 49, p. 267-282. Other liquidus 
and solidus temperatures obtained from time-temperature cooling data. 

tLap joints were made by dipping dip-coated steel strips in a pot of molten solder. 

tCalculated from specific heat data (16) and latent heats of fusion (17). 

§Cannot be used for soldering copper. 
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antimony-0.5 arsenic had the lowest soldering temperature of the 
tinless solders, but this was still 59 degrees Cent. higher than that 
for 50 lead-50 tin solder. A high heat content of the solder is de-. 
sirable only when the solder must heat the material to be soldered. 
Because antimony in solder forms an objectionable compound 
with copper causing nonwetting, soldering tools of other metals were 
tried. Silver was found to be the only metal that had a high enough 
thermal conductivity, but it is too soft and too costly. Some solder- 
ing coppers were plated with different metals and of these nickel and 
iron showed promise. Both are harder than copper at soldering tem- 
peratures and are dissolved less rapidly. A coating of 0.002 inch of 
nickel (if not oxidized by heating directly in a flame) lasts almost 
as long as an ordinary soldering copper before needing dressing. At 


any place where the coating is gone the copper dissolves rapidly, leav- 
ing deep pits. 


Liguip SOLDER AND SOLDER FLUXES 


Since the properties of liquid solders are so much affected by 
solder fluxes, it was decided to consider them together. 

Drossing of Solders and Removal of Dross Films by Fluxes— 
The ability of various fluxes to dissolve the oxide coating which 
forms on molten solder was determined by dropping the flux on a 
pot containing about 1 kilogram of molten solder. This oxide film 
forms rapidly on high lead solders, especially when the temperature 
increases. Tinless solders containing arsenic oxidized considerably 
less because arsenic acts as a flux forming a low melting point slag 
with PbO. The 2.5 silver solder drossed more rapidly than lead due 
to the relative insolubility of the silver. The 90 lead-8 cadmium-2 
zinc solder became pasty after being molten for about 10 minutes. 
This was due to oxidation. 

Hydrated salts or aqueous solutions of ZnCl,, SnCl,, or NH,Cl 
remove the oxide film from all solders tested. When these are 
dropped on molten solder they remove the coating more quickly than 
the solid or molten salt. Lead chloride which is very insoluble has 
a fluxing action when molten. Sodium hydroxide dissolves the oxide 
film but causes nonwetting. Tallow, resin, lactic acid, and mannitol 
have slight cleansing properties. Petrolatum, lanolin, and NaCl have 
no dissolving action. Arsenous oxide also weakly removes oxide 
film by forming a low melting point slag with PbO. Resin coated 





248 TRANSACTIONS OF THE A. S. M. Vol. 37 


high lead solders successfully resist oxidation during storage and the 
resin acts as a flux during melting. 

Wetting of Metals by Solders—li a liquid adheres to the sur- 
face of a solid, the liquid is said to wet the solid. Oesterhof and Bar- 
tell (18) divide wetting into three fundamentally different types: (A) 
adhesional, (B) spreading, and (C) immersional. An example of 
adhesional wetting is the lowering of a plane surface solid onto a 
plane surface liquid until contact is made. An example of spread- 
ing is the spreading of a drop of liquid on a solid surface. The lower- 
ing of a sheet of solid into a liquid as in dip tinning is immersional 
wetting. 

The free energy changes for these different types of wetting are: 

(1) AF—yus — yu — ys (adhesional ) 

(2) AF=y1s+ y— ys (spreading ) 
To be correct this assumes the contact angle to be zero 

(3) AF yrs — ys (immersional ) 

The y’s are the various interfacial tensions involved where (L) 
refers to liquid and (s) refers to solid. These equations are identical 
with those of Oesterhof and Bartell except the signs are changed 
to conform with the usual conventions. 

For a solder (s) spreading on a base metal (b) previously 
covered with a flux (f) the equation for spreading becomes 

(4) AF om Tee + Yst — Yot 
At equilibrium 
(5) yor — yos = yst Cos 0 
where @ equals the contact angle. 
If equation (5) is substituted in equation (4) then 
(6) AF =—  ysr (Cos 02—1) =—S (Latin) 

Latin (19) called (S) a spreading coefficient and calculated it, 
from the flux-solder interfacial tension and the contact angle, for 
several solders and fluxes on copper; however the derivation is in- 
correct because in (4) 6 was assumed to be zero. S, therefore, has 
no meaning. 

Latin’s results show that a certain critical temperature exists 
above which complete spreading occurs. The contact angle de- 
creases with temperature. In order to get complete spreading: the 
contact angle would have to be zero. Thus a measure of the contact 
angle would be a measure of the degree of spreading. In almost 
all soldering applications the temperature is high enough to get 
complete spreading. The contact angle at a given temperature 
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was found to be much less with chloride than resin fluxes. Other 
investigators (20, 21) have reported a critical temperature for 
spreading. 

The first investigation of the mechanism of wetting of solder 
was made.by Crow (23). He believed that solder fluxes merely 
cleaned or kept the solder-base metal surfaces clean allowing alloying 
to take place. He also believed that wetting was an indication alloy- 
ing was taking place, and that fluxes promoted wetting by assuring 
clean surfaces and not by changing the surface tension. | 

Coffman and Parr (24) reported that the presence of HCl 
gas reduces the surface tension of solder and concluded other fluxes 
must do so also, They reasoned that HCl might be an important part 
of fluxes since NH,CI dissociates into NH, and HCl. They also 
noticed an area beyond the outer edge of solder spread on copper 
where the solder had “penetrated” the copper. 

Dean and Wilson (25) observed that all good fluxes contained 
a halogen or a halogen gas, and upon these fluxes a halogen gas is 
evolved which replaces adsorbed air on the metal and is subsequently 
removed by reaction with the solder. 

Barber (26) pictured fluxing as follows: The fluxing agent 
penetrates the oxide film attacking the raw metal, liberating hydrogen 
or other reducing vapors, and loosening this oxide) film. 

Latin (19) concluded that SnCl, formed in chloride fluxes by 
chemical action on molten solder resulted in the deposition of tin on 
copper around the edges of the molten metal. This, Latin believed, 
to be the catise of the superior spreading power of chloride fluxes 
with copper. 

Spread Tests on Steel and Development of Lead Chloride 
Fluxes—References 6, 24, and 25 give the results of the spread 
tests of other investigations. 

Preliminary work proved that with ordinary fluxes tinless sol- 
ders spread very much less than solders containing a substantial 
amount of tin. 

The spreading of 50 lead-50 tin and 87.5 lead-12 antimony-0.5 
arsenic solders with a number of fluxes was investigated by placing 
0.05 cubic centimeter of solder on a pickled sheet of 16-gage steel, 
adding flux, and then heating from below with a gas flame. No 
attempt was made to control the temperature, but in all cases the 
size of the flame and the distance from the top of the burner to the 
sheet. was the same. Heating was continued until the spreading 
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stopped. The testing was purposely made simple to facilitate the 
making of a lot of practicable tests. 

The average spread area for 50 lead-50 tin solder with ZnCl, 
was 4.50 square inches and only 0.20 for the lead-antimony-arsenic 
solder. Both solders spread using moist SnCl,, the latter 2.8 inches. 

The addition of NH,Cl increased the spreading of antimonial 
solder slightly. With rich NH,Cl fluxes the solder surface_was dull 
and rough after the test. With ZnCl, the solder and steel were 
clean and bright, yet the spreading was very small. 

Table III gives the results of various ZnCl,-NH,Cl-SnCl, mix- 
tures with the lead-tin-antimony solder. The best spreading occurred 
with a moist flux containing 20 SnCl,, 40 ZnCl,, and 40 NH,C1. 


Table Ill 
Spread Test of 87.5 Lead-12 Antimony-0.5 Arsenic Solder with Various Fluxes 


Spread of 0.263 Grams Solder 


Flux in Square Inches* 
Solid ZnCl,—moistened 0.52 
HCI killed with zinc 0.48 
Solid NH,Cl—moistened 0.80 
ZnCl, (5g) in 5 cc HO 0.40 
SnCl.—moistened 2.80 
33 NH,C1-87 ZnCl-—moistened 1.42 
50 NH,C1-50 ZnClze—moistened . 1,00 
75 NH,C1-25 ZnCl.-—moistened 1.30 
50 NH,C1-50 SnClz—moistened 2.90 
66 NH,C1-33 SnCl.—moistened 4.26 
48 NH,C1-48 ores SnCl,—moistened 1.35 
67 ZnCle-33 SnCl.—moistened 2.44 
60 ZnCl,-28 NH,C1-12 SnCl.—moistened 1.61 
40 ZnCl.-40 NH,C1-20 SnCl,—moistened 4.80 
5g NHC. 20 cc killed acid 1.03 
5g NH,C1-20 cc killed acid-5g SnCl. 3.93 


_. “Each value represents an average of at least two tests. In some cases as many as 
eight tests were made. 


Several strong reducing agents, charcoal, As.O,, SbCl,, Na,SO, 
and sulphur, were added to moist ZnCl, with no increased spreading. 

The addition of SnCl, to fluxes caused increased spreading be- 
cause tin from the flux plates out on the steel ahead of the spread- 
ing solder. 

In order to plate the steel with lead several lead salts were add- 
ed to chloride fluxes. Lead plated from a mixture of 50 ZnCl,-50 
PbCl,. The results of some spread tests of tin-antimony-arsenic 
solder with fluxes containing PbCl, or Pb (C,11,0,), are giver in 
Table IV. The optimum for spreading appears to be with the 50 
PbC1,-50 ZnCl, flux. 

Some NH,Cl used as a flux in a commercial tinning plant was 
analyzed and found to contain 73.86 SnCl,. Tin is plated on hot steel 
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from this flux. Liquid hydrated ZnCl, reacts with molten lead or 
tin and lead or tin is plated on steel or copper from such solutions. 

With a torch, lead-antimony-arsenic solder could be made to 
flow anywhere on tinplate when using ZnCl,, and ZnCl, and NH,Cl, 
or ZnCl, and PbCl, mixtures of ZnCl,, NH,Cl, and PbCl,. A 
good possibility for the chemical reaction by which ZnCl, reacts with 
tin and lead is that the water present with the ZnCl, yields HCl 
which dissolves tin and lead evolving hydrogen. Aqueous solutions 
of ZnCl, are acid and more active than the molten salts. The addi- 
tion to ZnCl, of NH,Cl, which dissociates on heating to NH, and 
HCl, gives greater spreading. 

Some actual soldering with a mixture of 15 grams ZnCl,, 5 
grams PbClI,, 25 cubic centimeters petrolatum and 2 cubic centi- 
meters H,O proved it to be an excellent flux. No trouble was ex- 
perienced in removing the flux residues. 





Table IV 


Effect of Adding Lead Salts to Solder Fluxes on Spreading of 
87.5 Lead-12 Antimony-0.5 Arsenic Solder 


Flux Spread of 0.263 Grams Solder 
(All Fluxes Moistened) in Square Inches* 


Pees 
PbC 


50 PECle 50 NH,Cl 

50 Pb(AC).-50 NH,Cl 

50 Pb(AC).-50 ZnCl, 

50 PbCl,-50 ZnCl, 

25 ZnCl,-25 PbCly- 50 NH,Cl 
75 ZnCl,-25 PbCis 

50 ZnCl,-25 PbCI,- 25 Pb(AC), 
75 PbCly-25 ZnCle 


*Figures are averages of at least two tests. 


Table V 
Spread of 87.5 Lead-12 Antimony-0.5 Arsenic Solder on Tin Plate with Various Fluxes 


Flux Spread of 0.263 Grams Solder 
(All Fluxes Moistened) in Square Inches* 
ZnCl 
NH,Cl 
50 ZnCl,-50 NH,Cl 
50 ZnCl,-50 PbCl, 


*Values are averages of at least two tests. 





Capillary Rise of Solder Between Steel Strips—Under wetting 
conditions a solder will rise in a capillary. A measure of this rise 
would be a measure of the ability of the solder to penetrate fine crev- 
ices. Daniels and McNaughton (21) conducted a capillary rise 
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"ig. 1—Clamped Strips Supported on Ring Stand Dipping 
Into Pot of Molten Solder. Experiment conducted in electric 
furnace. 


experiment of tin in a copper capillary of 0.0026 inch internal di- 
ameter and obtained a rise of 1 inch. 

For these experiments 18-gage steel strips, 10 inches long and 
¥g inch wide, were used. The strips were cleaned by polishing with 
320-mesh carborundum paper. Some strips were pickled, but no 
difference in the rising was observed except that polished strips gave 
more uniform results. The strips were then coated on one side with 
flux and clamped together in two places as in Fig. 1. The bottom 
portion of the clamped strips was then suspended in molten solder 
(Fig. 1). The upper clamp was made so that it would fit on a 
ring stand placed over the pot of molten solder. The solder pot and 
ring stand were kept in a temperature controlled electric furnace. 
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The length of strip immersed in solder was kept constant at 
0.9 inch. The temperature of the solder was determined by a ther- © 
mocouple. The time of immersion was 15 minutes. After this 
immersion the clamped strips were removed from the solder and 
furnace, allowed to cool, and then split. The capillary rise was 
measured with a rule. Even though clamped together, there was 
enough space between the strips for the solder to rise. This distance 
was measured microscopically on a polished section and found to 
be between 0.0001 and 0.0005 inch on each of several samples. 

The results of these capillary tests are given in Table VI. The 
variation in results is caused by either improper fluxing or variation 
in distance between the strips. If some of the strip or solder sur- 
face was not protected by flux, it would soon become oxidized and 
stop the rise. This is most likely the cause of the variation. 

Inspection of Table VI, A-D, shows that the flux containing 
PbCl, resulted in a considerably higher rise. Of the tinless solders 
tested, the 90 lead-8 cadmium-2 zinc has the highest capillary rise. 
This is only slightly higher than that obtained with the silver-lead and 
lead-antimony-arsenic.solders. The various lead-tin solders have about 
equal rises, but of course the solders with lower melting points start 
rising at a lower temperature. With tin solders the rise appears to be 
independent of temperature once rising starts, but the rises with tin- 
less solders were very much dependent upon temperature. With the 
lead-antimony-arsenic solder, addition of NH,Cl decreased the rise. 
This is surprising since NH,Cl increased the spreading of this solder 
and also gave a low melting point mixture with ZnCl,. 

Capillary Rise of Solders Between Cold Steel Strips—To sim- 
ulate more closely soldering conditions a series of capillary rise ex- 
periments between cold steel strips was conducted. The rise depends 
upon the wetting properties of solder and flux, and viscosity and 
ability of the solder to stay molten. Steel strips, 2 inches long, 
previously pickled 20 minutes in hot 1 to 1 HCl and dried, were 
dipped into molten solder for 1 minute. In order to determine the 
temperature drop a thermocouple was welded to one set of strips 
0.3 inch above the level of the molten solder. The molten solder 
was at 278 degrees Cent. (530 degrees Fahr.) while the couple in- 
dicated 251 degrees Cent. (485 degrees Fahr.). The results are in 
Table VII, A-D. 

The superiority of tin-lead solders is again demonstrated. The 
rise for 50 tin-50 lead solder at 270 degrees Cent. (520 degrees 
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Table VI—C 
Capillary Rise of Solders Between Steel Strips 
50 Lead-50 Tin Solder with Various ‘Fluxes 








Rise j in Inches Temperature 


Flux Max. Av.* Degrees Cent. 
i, ee ceeleebeawesess ci 4.32 3.84 275 
ne es a elec oueee ena 2.05 1.68 275 
Cee ee eeenaee 2.35 1.83 275 
as op co cle eee e woes copie 2.20 1.87 275 
aks ws eee bebeccceecere 2.82 2.75 275 
10 cc. H,O-10 g. ZnCl.-5 g. Nii.CI Ee a a ae ig 6.04 5.42 275 
10 cc. HgO-10 g. ZaCie5 g. PHCls ... 1. cece cecccsees 6.21 5.81 275 
10 cc. a, ES 0 ee 3.43 3.22 270 
10 cc. HgO-15 g. ZnClo-5 g. SnClg .............-0---. 4.12 3.65 275 
28 cc, killed acki—'3 ¢° te eee 8.03 7.21 275 
25 cc. petrolatum-30 g. ZnCie3 cc. H,O ..........20.. 3.26 2.73 275 
25 cc. petrolatum-30 g. ZnCl.-3cc. H2O ...........-.. 2.67 2.51 300 
25 ce. petrolatum-20 g. ZnCl.-15 g. PbCle-3 cc. H2O .... 6.07 5.53 300 
25 cc. petrolatum-20 g. ZnClo-15 g. PbCle-3 cc. H2O .... 6.00 5.40 325 
25 cc. petrolatum-20 g. ZnCle-15 g. PbCle3cc.H.O .... 5.85 5.70 350 
ee eae wb cmeeetene as 0.56 0.49 275 
Se gd coc c censuses cence 0.18 0.17 275 
Ne we kc pers ceccesene cous 275 


ES SS 0.20 0.18 275 


*Each is an average of at least three tests. 








Table VI—D 
Capillary. Rise of Solders Between Steel Strips 
87. 5 } Lead- 12 Antimony-( 0.5 Arsenic Solder with Various Fluxes 


Rise in Inches Temperature 


Flux : Max. Av. Degrees Cent. 
30 g. ZnCle-25 cc. petrolatum-3 cect HO... ..... 2. ee 0.30 0.25 300 
30 g. ZnCl¢-25 cc. petrolatum-3 cc. HzO .............. 0.60 0.52 325 
30 g. ZnCle-25 ce. petrolatum-3 cc. HzO .............. 1.06 1.05 350 
25 ce. petrolatum-20 g. ZnCle-15 g. PbClo-3cc.H2O .... 1.20 0.93 325 
25 cc. petrolatum-20 g. ZnCl,-15 g. PbCle-3 cc. H2O .... 3.40 2.75 375 
eee cep eweeebe 0.55 0.53 335 
BO GO, Beane Oy tre Hs TUBER) «ne he ccc ccc sc deee 0.43 0.40 335 
10 ce. H,O-10 g. ZnCl,-5 g.- PbCl, Cor ecceececcesesess 3.10 2.65 335 
ee ee se kc paws i eokeses 1.10 1.08 335 
HCl saturated with zinc-3 g. SnClp ..............445. 1.42 1.35 335 
SS So ee Se OS Ss ror 3.30 2.95 335 
I rs 2.30 2.52 335 
Oe an. coc ceecececpeseee ie ket : 375 
LMCCIG GCMI-TRTITINON-TOBITE © wc ccc ccc cee cece 0.40 0.35 375 
ee ee dnc cc ck es nove shee us fz 375 


1 ae; ae, CS ww POC, Cj... 5... cc ccccecss 2.50 2.40 375 


Fahr.) is 0.32 inch, while for the antimonial solder only 0.12 inch, 
both with a ZnCl, flux. Again the lead-cadmium-zinc solder is the 
best of the tinless solders. Results. obtained with different fluxes 
are analogous to the results obtained in the uniform temperature 
capillary rise test. The presence of PbCl, in the flux again increased 
the rise but proportionately not as much as in the uniform tempera- 
ture experiment. The solder of 28.5 tin-66.5 lead-5 bismuth is a 
good sweating solder since it rose 0.45 inch at 225 degrees Cent. (440 
degrees Fahr.). 
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Table VII—A 
Capillary Rise of Solder Into Cold Metal Strips 
87.5 Lead, 12 Antimony, 0.5 Arsenic with Various Fluxes 


Temperature Rise in 

Flux Degrees Cent. Inches* 
5 grams ZnClg, 25 ml. petrolatum,3 ml. H,O ............ 335 0.09 
10 grams ZnCl, 25 ml. petrolatum, 3 ml.H,O ............ 335 0.08 
10 grams ZnClo, 25 ml. petrolatum, 3 ml. H.O ............ 360 0.11 
10 grams ZnCls, 25 ml. petrolatum,3ml.H,O ............ 390 0.13 
20 grams ZnClo, 25 ml. petrolatum. 3ml.H.O ............ 360 0.12 
20 grams ZnCle, 25 ml. petrolatum, 3ml. H,O ............ 385 0.16 
20 grams ZnCly, 25 ml. petrolatum, 3 ml.H,O ............ 400 0.19 
30 grams ZnCly, 25 ml. petrolatum,3 ml. H,O ............ 375 0.12 
30 grams ZnCl, 25 ml. petrolatum, 3 ml. H.O ............ 375 0.17 
30 grams ZnClg, 25 ml. petrolatum, 3 ml. H,O ........ a 0.19 
HCl saturated with zinc .............- na dae ci naaes tas 325 0.12 
20 g. ZnCle, 5 g. PbCly, 25 cc. petrolatum,3 ml.H-O ..... 395 0.21 
20 g. ZnCle, 10 g. PbCly, 25 cc. petrolatum, 3 ml. H,O ..... 390 0.27 
20 g. ZnCle, 15 g. PbCly, 25 cc. petrolatum,3 ml. H,O ..... 390 0.28 
20 g. ZnCly, 15 g. PbCly, 25 ce. petrolatum,3 ml. H,O ..... 325 0.13 
20 g. ZnCle, 15 g. PbCle, 25 cc. petrolatum,3 ml. H.O ..... 355 0.22 
20 g. ZnCle, 5g. NH.Cl, ae Gls ED © kc RS ee ee ews 390 0.22 


*Each value is an average of at least four tests. 





Table VII—B 
Capillary Rise of Solder Into Cold Metal Strips 
50 Tin, 50 Lead Solder with Various Fluxes 





Temperature Rise in 

Flux Degrees Cent. Inches* 
30 grams ZnClg, 25 ml. petrolatum, 3 ml. H,O ............ 270 0.32 
30 grams ZnCl,, 25 ml. petrolatum,3 ml. H,O ............ 250 0.26 
30 grams ZnCl,, 25 ml. petrolatum,3 ml. H,O ............ 290 0.44 
20 grams ZnClg, 25 ml. petrolatum, 3 ml. H,0 ............ 270 0.34 
20 grams ZnCl,, 25 ml. petrolatum,3 ml. H,O ............ 250 0.29 
A ZnCle, 25 ml. petrolatum, 3 ml.H,O ....... << we 0.48 
Ge Eg i ans wc oie oaedecs 270 0.32 
30 ml. distilled water, 5 grams ZnCl, .......:.......54-- 280 0.32 
30 ml. distilled water, 5 grams ZnCl,, 2g. NH,Cl ......... 280 0.34 





*Each value is an average of at least four tests. 


Several experiments were tried with 50 tin-50 lead solder by 
adding ZnCl, flux to the top of the molten metal and not between the 
strip. A rise of 0.42 inch at 350 degrees Cent. (660 degrees Fahr. ) 
was obtained if the strips were wet, but almost no rise if the strips 
were dry. In these experiments the flux must rise ahead of the 
solder. The ZnCl, is too viscous and becomes solid too soon to rise, 
but a bubbling water solution will rise satisfactorily. 


DISCUSSION OF THE MECHANISM OF FLUXING 


Authorities are divided as to the actual purpose of solder fluxes. 
Previous opinion can be divided into two groups. Some believe the 
only purpose of a flux is to assure clean surfaces and others believe 
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Table vic 
Capillary Rise of Solder Into Cold Metal Strips 
Varicus  Solders with Flux of 30 _Grams ZnCl, 25 MI. Petrolatum, 3 Ml. H.O 





Temperature Rise in 
Solder—Composition, Per Cent Degrees Cent. Inches 
ee ee ee hee ecevece evs 310 0.14 
I se ia cles ea wdc be ete es 335 0.24 
I ia ee a ae Ob we bewevvecs 365 0.32 
Ce eu pet webeoces 430 0.42 
a a ee kw aeeeeecees 310 0.43 
See Tne none eee ec ive rees 250 0.26 
ee er ps eee eccees 270 0.32 
NN ee et eweeccece 290 0.44 
ee Re i Ue ea re sin dese ae oveecces 310 0.46 
Ce eee web beccccecce’s 280 0.30 
Tg a ee eg ee. ke eee os 305 0.36 
I ee et eeeeace 325 0.48 
TN an ee a Eg ce eeece . 400 0.03 
nak aR Nc kal ae 2 iV eebeeds 450 0.04 
a ase a sk ebeeeece 400 0.05 
ng witness ec cose 450 0.11 
ee ORT oat. ben Eb'a'e uw Aes 6 Aes 008 400 0.05 
PR oF ° a OS, Se ate eee eae 450 0.12 
ae ee ee wee seks 325 0.12 
ace ne ee eo ec cle eect os 375 0.17 
Oe eg waters u 385 0.19 
tt epee eateonee 325 0.20 
a ceils» cesevee 350 0.31 
Dep ee oe Raa. ui wo bse buen bose Sé008 400 0.47 
a I eT se as bn eld euie 6 éoms 275 0.58 
20 Sa-3.25 Ag-ice ames Pb CSHQZGN) ow. cc ec ec etc 325 0.48 
eS Cb epeesceesceun 225 0.45 


Table Vil—D 
Capillary Rise of Solder Into Cold Metal Strips 
Various Solders with Flux of 20 Grams ZnCl, 15 Ml. Petrolatum, 3 Mi. Hy a 





Te mperature Rise i in 
Flux Degrees Cent. Inches 
Solder—Composition, Per Cent 
eS oS awh slate bins sauces 340 0.27 
Ge re GPs a irk 6 kbs We bg uchew's © 064 00 0.4.66 335 0.34 
I ae a ee a vee gedaeee ns 430 0.41 
rT So Pes Ct ees cheb eebe ec oece caw esse 250 0.22 
ESHER gs RRR i SRR Se en 305 0.44 
ce. ck) Sas eC Bate oo 60 sae ob pe ec-8O% on a 350 0.51 
ee. een uh éccneee eh 250 0.27 
ees SEC a mes. so ciel ee eeee cee es 280 0.36 
eee ee deeds so 6k a wise woicwees t's s 0.8 00 ¥: 400 0.04 
Re Goa een Bole SU e EE bee od sage dtdedecess eee 450 0.06 
ee ee Se cw ss swe ese oles 406 0.08 
ee Gig ca Uk ae ON b Cobo 4 DeRS OKO eee 450 0.13 
ee a ee ae, kee ce pete tnacte 406 0.07 
ee Ee ek cs cee base aes cocs ce tsc 450 0.13 
ee Sap hh 6 o4aie 325 0.13 
en ek oo be Ewba ek calWeee 355 0.22 
et Ne one diave'p Siw wwe tie ee 390 0.28 


certain fluxes perform an additional function. 

The following is a summary of conclusions which appear to be 
substantiated by this investigation. 

1. A great many solder fluxes are able to dissolve the oxide 
dross films which form on molten solder. Some fluxes can dissolve 
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a thin oxide coating on the base metal. Chloride fluxes are the most 
efficient from this standpoint. This cleansing aids wetting by assur- 
ing metal-to-metal contact. 

2. Fluxes containing ZnCl, or NH,Cl will dissolve molten tin 
or lead. The mechanism of this is probably as follows: Ammonium 
chloride decomposes into NH, and HCl, and the presence of hygro- 
scopic water in ZnCl, yields also HCl which attacks the metal sol- 
ders. Further evidence of this is that when a chloride flux is bub- 
bling, indicating that there is water present, it is more active both in 

‘cleaning and causing spreading than when present as a molten salt. 
The presence of this free acid accounts for the superior cleaning 
properties of chloride fluxes. 

3. Fluxes containing SnCl, or PbCl, can plate tin or lead on 
steel or copper. Tin-lead solders spread satisfactorily with ZnCl, 
fluxes alone, but high lead solders require the presence of SnCl, or 
PbCl, for satisfactory spreading. 

4. The presence of PbCl, in solder fluxes increases the capil- 
lary rise of tin and tinless solders. 

The equilibrium equation for the capillary rise between two 
parallel strips is: 


(1) h=— AO — Ys) where 


Yor is the interfacial tension between flux and metal the solder wets 
(base metal) 

Ys» is the interfacial tension between solder and base metal 

d is the distance between strips 

p is the density of solder 

g is the gravitation constant 


The equilibrium equation for the spreading of a drop of solder 
on a base metal, both covered with flux, is: 


(2) Cos 6 — Yt es | where 


4 Yst 
@ is the contact angle 


Yst is the interfacial tension between the solder and flux 

The contact angle is a measure of the spreading. oem smaller it 

is the greater the spreading. 

Substituting equation (2) in equation (1): 

Yst Agp 

(9). b=9 ae 
From equations (2) and (3) it is concluded that a decrease in 
yst increases the spreading but decreases the capillary rise. It is thus 
illogical to state, as Coffman and Parr (24), that chloride fluxes in- 
crease wetting by “causing:a lowering in the surface tension of the 
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solder.” The actual surface tension of the alloy gives no indication 
of its soldering qualities. A more logical explanation is that the flux 
causes a decrease in the interfacial tension between the solder and 
base metal. The interfacial tension cannot be measured independ- 
ently. This change in interfacial tension is caused by some physical 
change in the character of the surface of the base metal. 

A reasonable explanation of the action of solder fluxes is that 
(A) they clean the solder and base metal surfaces, (B) they protect 
these surfaces from further oxidation, and (C) they change the char- 
acter of the surfaces so that the solder will spread more readily on the 
metal surface. Some fluxes perform all of these functions, some 
two, and some only one. 

Chloride fluxes change the character of the base metal surface 
so that the solder will spread more readily on it. Mere cleaning is 
not a sufficient explanation for their fluxing. For example, high lead 
solders will not spread with ZnCl, alone, which certainly cleans the 
base metal and solder surfaces. The presence of PbCl, in the flux 
causes lead to plate out on the steel, and the solder spreads upon a 
surface of lead instead-of steel. The presence of SnCl, causes tin 
to be plated out. This lead or tin, which plates out, alloys almost 
immediately with the solder spreading over its surface. Tin-lead 
solders spread with fluxes containing ZnCl, alone because SnCl, is 
formed and again tin plates out. The acid of the flux dissolves tin 
to form SnCl,. This attack takes place very rapidly. Fluxes con- 
taining ZnCl, will brighten surfaces which usually indicates chemi- 
cal attack. Solders spread on tin plate because the solder and tin 
atoms mix readily giving a zero contact angle. 

As Adams (27) pointed out, the contact angles of liquids in 
general are usually different when the liquid spreads over a dry sur- 
face than when receding from a previously wetted surface. This is 
noticed in the dip coating of steel. The contact angle is perceptibly 
nearer zero in withdrawing the steel from the solder than in dipping 
the uncoated steel. The surface has been changed by alloying or ad- 
sorption and is wetted. 

Alloying Between Solder and Base Metal—Most authorities 
agree (5) that the formation of an intermetallic compound or any 
alloying with the base is not necessary for a bond with solder. Metals 
can adhere by adsorption. Adsorption, however, is probably alloying 
of a few layers of surface atoms. Tin forms a compound with both 
copper and iron, but the compound with copper forms more readily. 
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In certain cases these compounds cause brittleness of the solder 
joints. The lead-antimony-tin solder cannot be used for soldering 
copper because of an objectionable compound. The effect of surface 
alloying on the properties of soldered joints has been studied (28), 
(29), (30). 

The compound formation of various solders with Armco ingot 
iron was studied by drilling a ;s-inch diameter hole to a depth of % 
inch in 54-inch diameter rounds and filling the hole with molten sol- 
der. The specimens were then packed in powdered charcoal, held at 
the desired temperature for the desired length of time, cooled, sawed 
in half, and examined with a microscope. The thickness of the com- 
pound layer was measured with a caliper and scale at between 200 
and 2000 magnification, depending on the thickness. 

With pure lead . 1d the solder 97.5 lead, 2.5 silver, no alloy layer 
was found even though held for 20 hours at 440 degrees Cent. (825 
degrees Fahr.). 

To study the effect of time and temperature on the thickness of 
the compound layer the steel specimens were pickled in a boiling 50 
HCI solution for 20 minutes and fluxed with ZnCl, solution. The 
temperatures of diffusion used were 440 and 288 degrees Cent. (825 
and 550 degrees Fahr.) and the time was varied from 1 to 20 hours. 
The values of thickness of the compound layer are an average of 


Table VIII 


Thickness of Compound Layer Between 100 Tin, 50 Tin-50 Lead, and 87.5 Lead-12 Anti- 
mony-0.5 Arsenic Solders and Armco Ingot Iron with Varying Temperature and Time 











a. Pure Tin 


———650 Degrees Fahr.———_, ————825 Degrees Fahr.——___, 

Time -—Thickness, Inches————, -——Thickness, Inches, 
Hours Av. Max. Min. Av. Max. Min. 

7 0.00022 0.00050 0.00007 0.00065 0.00130 0.00030 

5 0.00032 0.00077 0.00007 0.00140 0.00260 0.00065 

10 0.00038 0.00052 0.00017 0.00155 0.00270 0.00070 

20 0.00042 0.00070 0.0025 0.00275 0.00330 0.00240 

b. 50 Tin-50 Lead 

———650 Degrees Fahr.—_—_, ——— 825 Degrees Fahr.——__, 

Time -—Thickness, Inches——_., -———Thickness, Inches————_, 
Hours Av. Max. Min. Av. Max. Min. 

1 0.00007 5 0.00012 0.000045 0.00040 0.00053 0.00020 

5 0.00033 0.00067 0.00011 0.00045 0.00097 0.00017 

10 0.00037 0.00053 0.00023 0.00060 0.00095 0.00037 

20 0.00042 0.00063 0.00023 0.00150 0.00250 0.00020 

c. 87.5 Lead-12 Antimony-0.5 Arsenic 

——650 Degrees Fahr.——_—., —— 825 Degrees Fahr.—_—__,, 

Time -——T nickness, Inches, c—— Thickness, Inches———_, 
Hours Av. Max. Min. Av. Max. Min. 

1 0.000070 0.00020 0.000025 0.00016 0.00027 0.00013 

5 0.00613 0.00020 0.000050 0.00018 0.00032 0.00013 

10 0.00013 0.00015 0.000080 0.00023 0.00051 0.00013 


20 0.00013 0.00018 0.00010 0.00043 0.00090 0.00015 
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Fig. 2—-Compound Layer Between 50 Per Cent Tin-50 Per Cent Lead Solder and 
Armco Iron. Held 10 hours at 825 degrees Fahr. Iron is on top and solder is below. 
Compound (FeSng) is below. Etched in picral. x 100. 

Fig. 3—Compound Layer Between 87.5 Per Cent I-ead-12 Per Cent Antimony-0.5 
Per Cent Arsenic Solder and Armco, Iron. Held at 825 degrees Fahr. for 10 hours. 
Lower is solder showing dendrites of pimary lead-rich sclid solution. The iron is at 
the top. The compound, probably FeSbe, is between. Etched in FeCl; solution. x 100. 


15 readings. These data are given in Table VIII. 

To find the effect of pickling and fluxing on the thickness of this 
compound layer, the pickling and fluxing procedure was varied with 
tin at 425 degrees Cent. (800 degrees Fahr.) for 20 hours. With no 
fluxing and pickling (as drilled) there was no adhesion between the 
solder and iron. The solder fell out. Increased pickling seems to 
cause a decrease in the thickness of this compound layer. With 7 
minutes the average thickness was 0.00385 inch ; 30 minutes, 0.00370 
inch ; and 90 minutes, 0.001430. Perhaps some layer forms which re- 
tards diffusion. The thickness of the compound layer on a specimen 
cleaned with 320 carborundum paper instead of pickling was 0.00300 
inch. 

The photomicrographs, Figs. 2 and 3, are of two of these speci- 
mens, one with 50 lead-50 tin solder and the other with lead-anti- 
mony-arsenic solder. 





262 TRANSACTIONS OF THE A. S. M. Vol. 37 


THE SOLDERED JorInt—Errect oF SOME VARIABLES 
ON THE STRENGTH OF STEEL Lap JOINTS 


The only property of the soldered joint studied extensively in 
this investigation is the joint strength of the soldered steel lap joints. 
The lap joint was chosen because that is the type of joint encountered 
most in industry. The only property investigated was the joint 
strength. However, qualitative observations about the relative duc- 
tilities were made. The effect of variables on the joint strength was 
determined only with 50 tin-50 lead and 87.5 lead-12 antimony-0.5 
arsenic solders. 

A considerable amount of research on the strength of soft solder 
joints has been conducted (31), (28), (9), (32), (7), (12). The 
results of Nightingale (5) are not reliable because too few joints 
were made, and joints are included whether sound or not. Duplicate 
results show very poor agreement. He did find that a small amount 
of antimony added to lead-tin solders increased the joint strength. 

Experimental Procedure Used to Make and Break the Solder 
Joints—The method of making solder joints described below was de- 
cided upon since it was simple and enabled close control of variables. 

The steel strips used for this investigation were 0.06 inch thick, 
0.4 inch wide, and 2 inches long. The steel was sufficiently stout so 
the lap joints of the size made for this investigation did not bend 
obliquely appreciably during breaking of the joint. 

The steel was first pickled 10 minutes in a mixture of 20 per 
cent HCl and 80 per cent H,O at 80 degrees Cent. and then dip 
fluxed in a 50 per cent H,O solution of ZnCl,. The strips were next 
coated to the desired height by dipping in a pot of molten solder 
heated to the desired temperature in an electric resistance furnace. 
In all cases the strips were dipped into the solder only long enough 
to get a uniform coating. This, except for temperatures quite close 
‘to the liquidus, was only a few seconds. The solder pot contained 
one kilogram of solder. | 

The “tinned” strips were then clamped together with a thin 
piece of steel between a parallel clamp as shown in Fig. 4. One of 
the strips to be joined extended out further from the nose of the 
clamps than the other. The strips were again fluxed and dipped 
again into the molten solder as:shown in Fig. 4. The depth of im- 
mersion was controlled by resting the bolt extending through the 
clamp against the edge of the furnace as shown in Fig. 5. 














1946 SOFT SOLDERING 263 


After soldering was completed the extra steel was removed with 
a hack saw, and excess solder was removed with a file. The top of 
the joint, about % inch, usually was quite porous so this was also re- 
moved with a file. During filing and sawing care was taken not to 
heat the joint. The thickness of the joint was slightly greater than 
the thickness of the spacer. The resulting joints were 0.40 inch wide, 
about 0.011 inch thick, and had between 0.12 and 0.18 inch overlap. 





Fig. 4—Strips Coated with Solder Clamped in Par- 
wee Clamps with Spacer Used for Making Solder 
oints. 


Specimens were broken in an Amsler testing machine, maximum 
load 300 kilograms, at a crosshead speed of 114 centimeters per sec- 
ond. Specimens were tested the same day as being soldered except 
in the aged and reheated joints. 

Effect of Size of Lap Joint upon the Unit Strength—The results 
given in Table IX indicate that the unit strength is independent of 
the overlap. A small error in measuring area causes a relatively 
large variation in unit strength. ‘This probably accounts for most of 
the variation in results. 
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Fig. 5—Making of a Solder Joint. 


Effect of Variation of the Thickness of the Solder Layer on the 
Unit Strength of Lap Joints—The thickness of the solder layer was 
varied by varying the thickness of the spacer placed between the 
metal strips. The thickness of each specimen was measured on a 
polished edge with a microscope. These data are given in Table X. 
Strengths of only joints free from flaws are given. 


Table 1X 
Effect of Joint Size on Unit Strength of 50 Lead-50 Tin and 87.5 Lead-12 Antimony- 
0.5 Arsenic Solder Joints” 


-~a. 87.5 Lead-12 Antimony-0.5 Arsenic—, —————b. 50 Lead-50 Tin 
Overlap Overlap Overlap Overlap 
Inches Psi. Inches Psi. Inches Psi. Inches Psi 
0.078 7070 0.150 7050 0.096 6300 0.145 6770 
0.082 7090 0.155 7020 0.103 6060 0.155 6640 
0.100 7130 0.158 7180 0.105 6530 0.158 6460 
0.117 7200 0.165 7220 0.117 6320 0.160 6340 
0.128 7300 0.168 7130 0.128 6610 0.165 6200 
0.130 7280 0.172 7170 0.130 6690 0.170 6680 
0.130 7170 0.175 6940 0.133 6640 0.170 6560 
0.130 7220 0.190 7350 0.138 6810 0.175 6680 
0.135 6840 0.193 7150 0.138 6370 0.180 6450 
0.138 7120 0.197 7230 0.140 6540 0.185 6260 
0.140 7160 0.199 7040 0.140 6130 0.185 6490 
0.144 7070 0.205 7060 0.140 6300 0.190 6900 
0.145 6700 0.215 6620 0.143 6450 0.200 6740 
0.145 7090 0.250 7170 0.143 6690 0.232 6670 





*Width of strip 0.4 inch. Thickness of solder layer about 0.011 inch. Temperature of 
making joints, for (a) 340-345 degrees Cent.; (b) 265-275 degrees Cent. Time for mak- 
ing joints, 1 minute. 
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Table X 


Effect of Solder Thickness Upon the Joint Strength of 50 Tin-50 Lead and 87.5 Lead- 
12 Antimony-0.5 Arsenic Solders 


7a. 87.5 Lead-12 Antimony-0.5 Arsenic—, —b. 50 Tin-50 Lead 





itiaiaiitionese atin 
Thick- Joint Thick- Joint Thick- Joint Thick- Joint 
ness Strength ness Strength ness Strength ness Strength 
Inches Psi. Inches Psi. Inches Psi. Inches Psi. 
0.0003 6850 0.012 7230 0.0055 6330 0.012 6810 
0.0012 7030 0.012 7220 0.001 6210 0.072 6680 
0.004 7050 6.014 7140 0.002 6540 0.013 6640 
0,004 7050 0.014 7080 0.003 6340 0.014 6450 
0.005 7170 0.015 7220 0.003 6300 0.015 6680 
0.006 7280 0.015 7210 0.004 6460 0.016 6640 
0.008 7070 0.017 7070 0.004 6610 0.017 6490 
0.008 7130 0.021 7160 0.006 6520 0.017 6560 
0.009 7020 Temp.—335-345 degrees 0.006 - 6960 0.019 6260 
0.010 7170 Cent. 0.008 6200 0.022 6060 
0.010 6940 Time—1l minute 0.009 6770 0.027 6130 
0.010 6490 Overlap—0.12 to 0.18 0.010 6250 Temp.—265-275 degrees 
0.011 7120 inch 0.011 6740 Cent. 
0.011 7200 0.011 6260 Time—1 minute 
Overlap—0.12 to 0.18 


Within the range studied the joint strength appears to be in- 
dependent of the solder thickness. With very thin thicknesses it was 
difficult to get a sound joint; that is, one without air pockets. Joints 
made under pressure and. having a very thin solder layer were con- 
siderably weaker, having a joint strength of about 5000 psi. and 
showed a large variation in results. Joints made with a torch and 
pressed tightly while the solder was solidifying were also weaker. 
Such joints made under pressure were much more brittle. This is 
perhaps due to the fact that in part of the joint there was contact be- 
tween layers of the intermediate phase. 

Effect of Temperature of Soldering on Joint Strength—The 
effect of soldering temperature on the joint strength of 50 tin-50 
lead and 87.5 lead-12 antimony-0.5 arsenic solder was determined 
merely by changing the temperature in the soldering pot. Specimens 
were “tinned” and joined at the same temperature. The time of im- 
mersion in making the joint was 1 minute. This was chosen arbi- 
trarily. 

The data were plotted in Figs. 6 and 7. Each point represents 
a specimen. 

With 50 tin-50 lead solder the joint strength decreased as the 
temperature increased. The strongest joints were those made at the 
lowest possible temperature, 210 degrees Cent., which is below the 
liquidus temperature of this solder. The solder in the joint is there- 
fore probably not 50 tin and 50 lead, but richer in tin. 

With the solder of 87.5 lead-12 antimony-0.5 arsenic the 
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Fig. 6—Lap Joint St of 50 Per Cent Tin-50 Per 
Cent Lead Solder as Affected by Soldering Temperature. 


7400 





Fig. 7—Lap Joint Strength of 87.5 Per Cent Lead-12 
Per Cent Antimony-0.5 Per Cent Arsenic Solder as Affected 
by Soldering Temperature. 


unit joint strength again increases as the temperature decreases, but 
below a certain temperature drops very sharply. The maximum is 
reached at about 320 degrees Cent. (610 degrees Fahr.). Below 300 
degrees Cent. (570 degrees Fahr.) the joint strengths drop very rap- 
idly until at 260 degrees Cent. (500 degrees Fahr.) joints can no 
longer be made. Between 300 and 290 degrees Cent. (570 and 555 
degrees Fahr.) it was very difficult to make joints because of, the 
high viscosity of the solder. 

Effect of Time of Making Solder Joint Upon S wreigih of Joint 
-—In all previous joints the time of making the solder joints was 1 
minute. In order to determine the time effect, the soldering time 
was varied from 15 seconds to 10 minutes. 
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With 50 tin-50 lead solder the soldering time up to 1 min- 
ute affects the joint strength very little except with the shorter times 
the percentage of sound joints decreases. The joints with a soldering 
time of 10 minutes are appreciably weaker, probably because of a 
coarser grain,size. This was true at 240 and 275 degree Cent. (465 
and 527 degree Fahr.) soldering temperatures. 

A similar correlation with time was found for the 87.5 lead- 
12 antimony-0.5 arsenic solder, except at lower temperatures (275 
degrees Cent.) the 5-minute joints were stronger than the 1-minute 
joints. 

Effect of Rate of Cooling on Joint Strengths—Some joints with 
50 tin-50 lead and lead-arsenic-antimony solder were quenched in 
water immediately after soldering instead of air cooling as was pre- 
viously done. With the arsenical solder an average of six quenched 
joints soldered for 1 minute at 342 to 348 degrees Cent. (645 to 
660 degrees Fahr.) was 8320 psi. The air-cooled joints averaged 
7118 psi. With 50 tin-50 lead solder the quenched joints (1 minute 
at 273 to 279 degrees Cent.) averaged 6758 psi., while the air-cooled 
joints averaged 6550 psi. 

Effect of Aging and Reheating after Soldering on the Joint 
Strengths of Solder—The first evidence obtained that the properties 
of solder joints changed measurably with aging was that joints with 
50-50 solder were weaker if several days elapsed between the time of 
soldering and testing. Consistent results were only obtained when this 
time was held constant. On previous tests with 50-50 solder the 
joints were pulled the same day that they were made. 

Similar variations of properties with time were not found with 
the solder of 87.5 lead-12 antimony-0.5 arsenic, but it was thought 
that this alloy may be age hardening. 

It was also desirable to find out how much the joints weakened 
by reheating to various temperatures. For these reasons a series of 
tests were made on both air-cooled and quenched joints in which the 
joints were reheated to various temperatures for various lengths of 
time where considerable time elapsed between soldering and testing. 

With the 50 tin-50 lead solder the joints become weaker upon 
aging or reheating after soldering. The average strength of six air- 
cooled joints pulled the same day that they were soldered was 6555 
psi. When 5 days elapsed between the soldering and breaking of 
the joints, the average strength of five joints was 5446 psi. After 
15 days the strength was approximately the same as after 5 days 
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since the average strength of five joints was 5416 psi. Joints pulled 
233 days after being soldered showed a further lowering. An aver- 
age of five joints gave 4912 psi. In 233 days the joint strength had 
lowered fully 1600 psi. Furthermore, the joints, if pulled soon after 
soldering, elongated considerably in breaking, but these aged joints 
broke with a very little elongation, indicating that they were much 
more brittle. 

A similar lowering in the joint strengths upon aging was noted 
with the water-quenched 50 tin-50 lead solder joints. An average 
of six joints soldered and pulled the same day was 6758 psi. After 
8 days the joint strength was 5640 psi. (five joints), and after 233 
days the average joint strength was 4997 psi. (five joints). 

This weakening of the joint is most likely due to strain relieved 
by recrystallization. The recrystallization temperature for this solder 
is below room temperature. The metals used in making up the solder 
were of high purity, Straits tin and electrolytically refined lead being 
used. The presence of minor amounts of alloying elements may pre- 
vent this weakening. 

Reheating of the solder joints caused a similar lowering in the 
joint strengths. Air-cooled joints reheated 2% hours at 54 degrees 
Cent. and 34 hours at 128 degrees Cent. averaged 5498 and 5510 psi. 
respectively. The apparent slightly higher strength of the joints re- 
heated to 128 degrees Cent. is difficult to explain. It is probably due 
to inaccuracies in measuring the joint areas and therefore not sig- 
nificant. Thus at least between these temperatures the lowering is 
not very dependent upon temperature. 

The solder of 87.5 lead-12 antimony-0.5 arsenic is not sub- 
ject to age softening. The joints pulled 15 and 249 days after sol- 
dering are not weaker. The average of five joints pulled and sol- 
dered the same day was 7118 psi. ; pulled 15 days later, 7022 psi.; and 
249 days later, 7338 psi. The small differences are probably not sig- 
nificant. Neither reheating 1 hour at 57 degrees Cent. nor 1% 
hours at 50 degrees Cent. caused any lowering in the joint strength; 
however, the average for joints reheated 3% hours at 50 degrees 
Cent. was 6858 psi. Reheating 2 hours at 73 degrees Cent. and 
2 hours at 97 degrees Cent. reduced the joint strength to 6625 psi. 
and 6231 psi. respectively. Joints reheated 1 and 2 hours at 128 
degrees Cent. averaged 6585 and 6238 psi. Reheating 1% hours 
and 19 hours at 170 degrees Cent. lowered the average joint strength 
to 5594 and 5150 psi. Joints reheated 40 hours at 150 degrees Cent. 
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averaged 5368 psi. At higher temperatures the joint strength depends 
upon time and temperature. The weaker reheated joints broke with 
greater elongation than the stronger joints which were not heated. 

If the arsenical alloy is age hardening, this method is too insen- 
sitive to determine it. Even though aging 2 days appeared to raise 
the average joint strength 150 psi., this is not significant since varia- 
tion in individual samples was greater than this. This alloy does not 
soften upon aging at low temperatures. Apparently there is enough 
antimony and/or arsenic present to increase the recrystallization tem- 
' perature. 

Lap Joint Strength of Various Solders—Before the procedure 
for making joints by dipping was developed, some lap joints with the 
various solders listed in Table XI were made using a gas torch and a 
50 per cent ZnCl, solution as the flux. The ends of the steel strips 
were first coated with solder. The joints were completed by over- 
lapping the ends between 0.14 and 0.18 inch and applying heat. The 
joint was held together firmly until solid. The excess solder was 
trimmed with a file, so only solder in the lap joint resisted loading. 
The joints were soldered-and pulled in an Amsler testing machine 
the same day. These lap joint strengths and the average for each 
solder are given in Tabie XI. 

With the dip joints the soldering temperature used was 40 de- 
grees Cent. above the liquidus for each solder. This temperature 
was chosen because the high lead solders required this temperature 
for good joints. The time of immersion in making the joints was 
1 minute. In the coating of the strips previous to joining, the time 
was always just long enough to get a good coating. The joint thick- 
ness was about 0.011 inch, and the overlap was between 0.14 and 
0.18 inch. These joint strengths and the average for each solder are 
also given in Table XI. For both types of joints values are given for 
joints with no flaws. 

The strongest solder tested was the 87.5 lead-12 antimony- 
0.5 arsenic with an average strength of 6980 psi. The solder of 90 
lead-8 cadmium-2 zinc is next strongest of the tinless solders with 
an average strength of 5510 psi. Of the tin-lead solders the strong- 
est was the eutectic alloy of 62 tin-38 lead having an average joint 
strength of 6920 psi. Ordinary 50 tin-50 lead solder was close be- 
hind at 6670 psi. It must be remembered that this solder weakened 
fully 1600 psi. during aging at room temperature for 233 days. This 
age weakening is probably true of all tin-lead solders, 
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No measure of the elongation of the joint during pulling was 
made, but it was noticed that the joints made with pure lead and tin 
elongated most and the alloy of 87.5 lead-12 antimony-0.5 ar- 
senic elongated least. The elongation of the latter could be increased 
by reheating, while upon aging the elongation of 50 tin-50 lead 
solder decreased. 

When comparing the joint values of the torch and lap joints, it 
will be noticed that 62 tin-38 lead, 50 tin-50 lead, 30 tin-70 lead, 20 
tin-80 lead, and 87.5 lead-12 antimony-0.5 arsenic solders have con- 
siderably stronger dip joints probably because of closer temperature 
control. For some unknown reason the pure tin joints made by dip- 
ping were considerably weaker. 

In practically all properties measured except joint strengths the 
tin-lead solders were superior. Ordinary 50 tin-50 lead solder has 
a lower soldering temperature, wets better, drosses and oxidizes less, 
and flows better than any substitute low tin or tinless solder. It, 
however, showed a marked decrease in strength upon aging at room 
temperature. 

The addition of 2.5 silver to lead increases both the capillary 
rise and joint strength. 

Perhaps the best tinless solder for steel and tinplate, when both 
cost and performance are considered, is the alloy of 87.5 lead, 12 
antimony, 0.5 arsenic. It cannot be used with copper or brass be- 
cause of the formation of an objectionable compound. A copper 
soldering tool cannot be used unless it is previously tinned with tin- 
lead solder or coated with nickel or iron. 

The wetting properties of all tinless solders can be improved by 
using fluxes containing PbCl, or SnCl,. For general soldering an 
aqueous mixture of 3 parts ZnCl, and 1 part PbCl, by weight is 
recommended. 
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DISCUSSION 


Written Discussion: By H. L. Grange and C. J. Tobin, Research Lab- 
oratories Division, General Motors Corp., Detroit. 

Publication of this informative paper of Drs. Fine and Dowdell should 
receive a hearty welcome from those engineers and metallurgists who are at 
present confronted with the problem of tin conservation in soft soldering. The 
information on antimony solders and the data on the function of fluxes are 
especially interesting to the writers and we are pleased at this opportunity to 
comment upon them in the interests of stimulating the discussion of others 
who have worked with these problems. 

Lead-antimony-arsenic solders can be used to replace tin solders in certain 
applications. A recent investigation of solder for use as filler material for 
autobody seams resulted in the production line acceptance of a lead-base alloy 
containing 5 per cent antimony, 0.3 per cent each of arsenic and tin. The 
similarity of this solder to the lead-base 12.0 per cent antimony-0.5 per cent 
arsenic solder which has been investigated in detail by the authors is readily 
apparent and it is assumed that some difficultiés are common to both solders. 
The difference in the antimony content is a result of tailoring the lead-anti- 
mony-arsenic alloys to this specific autobody application. 

The requirements of an acceptable autobody solder are considerably differ- 
ent from those of joining solders. Freezing range is essential to provide a 
plastic workable solder that can be applied and formed to the required con- 
tour of the joint. From the equilibrium diagrams it can be readily seen 
that a given percentage of antimony up to a maximum of 12.5 per cent is 
more effective in lowering the liquidus than the same percentage of tin. An- 
timony serves to both lower the melting point and provide a mushy tempera- 
ture range. Since the maximum freezing range will be attained at approxi- 
mately 3 per cent antimony, further additions of antimony to lower the liquidus 
temperature will sacrifice the plastic range. A value of 5 per cent antimony 
has proved to be a successful compromise between freezing range and liquidus 
temperature. 

Arsenic in combination with the small amount of tin improves the wetting 
qualities of this solder. Arsenic also provides a grain refinement that has 
made this solder more acceptable in texture and working properties than the 
15 tin-85 lead solder in use before the war. 

This autobody solder can be wiped on a properly fluxed steel surface without 
difficulty. Trouble is experienced in applying the filler material to this tinned 
surface unless very careful control of heating is maintained. Excessive heat- 
ing causes oxidation of the easily oxidized antimony solder of the tinned sur- 
face with resultant peeling. Insufficient heating results in poor plastic work- 
ability of the filler metal and the generation of voids and porosity from the 
rolling and lifting of hard particles under the forming tool. 

Precise control of heating has not been found practical in the production 
technique and has led to the adoption of 85 lead-15 tin for tinning purposes. 
A combination of the 85 lead-15 tin as tinning metal and the lead-base 5 per 
cent antimony-0.3 per cent arsenic-U.3 per cent tin solder as filler material 
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results in a very important conservation of tin in the soldering of autobodies. 

Elimination of the sensitivity of the antimony solder to oxidation would 
accomplish further conservation of tin and permit the successful use of this 
antimony solder as both filler and tinning metal. 

We would like to ask the authors if they have found the oxidation sen- 
sitivity of antimony solders a problem and whether they might have any sug- 
gestions as to how this detrimentai characteristic may be nullified. 

In the matter of fluxes, we have found the effect of stannous chloride 
additions to be a dramatic laboratory demonstration; yet its value has not 
been detectable in practical applications of tinning steel by wiping methods. 

We can corroborate the authors’ observation on the misapplication of 
antimony solders to copper or zinc surfaces. Is it possible that the zinc of the 
zinc chloride fluxes may also form compounds that might yield poor results? 

We would also like to ask the authors if they have any suggestions rela- 
tive to noncorrosive fluxes which would make possible the use of very low tin 
content solders in electrical applications which specify the use of noncorrosive 
fluxes only. A number of these applications involving the use of a soldering 
iron require a solder with a minimum tin content of 30 per cent plus possibly 
a small percentage of antimony. 

A 20 per cent tin content material has been used but the number of re- 
jections in some jobs has been too high to satisfy efficiency requirements. If 
it were possible to use an acid flux, the amount of tin required would be 
appreciably less. Our own experience with the rosin and citric acid types of 
noncorrosive fluxes in conjunction with solders containing not over 2 per cent 
tin indicates that there is little apparent difference in the behavior of these 
solders using either of these two types of fluxes or no flux at all. 


Oral Discussion 


Josepn Gursxi:* After hearing this paper, we conclude that there is 
no really known acceptable substitute for tin in a production solder. Our prac- 
tice verifies such a conclusion. Before the war nobody was particularly inter- 
ested in conserving tin, except from a cost standpoint. Standard solders used 
by us, and practically all other manufacturers, contained at least 40 per cent 
tin with 60 per cent lead for vital applications such as radiators and electrical 
equipment. Body solders were below 40 per cent, not to conserve tin, but 
because one could use a less expensive solder which was still suitable for the 
job. 

Breaking down the uses of tin in solder in an automobile one would find 
that 50 per cent of the tin is used in soldering the radiator, about 25 per cent 
in bodies, and all other applications, such as gasoline tanks and electrical 
equipment, took the remaining 25 per cent. During the war there was very 
little work done on body solders since their use was prohibited. However, a 
great deal of experimental work was done on solders for radiators. All the 
savings of tin in radiator solder were realized by cutting the tin content down 
to about 30 per cent. The 10 per cent cut in tin was compensated for by 1.5 


*Laboratory metallurgist, Ford .Motor Co., Dearborn, Mich. 
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per cent of antimony. When trying to cut down lower than that, and we did 
for a considerable period of time when the tin orders simply prohibited the 
use of more than 20 per cent tin, we experienced considerable trouble with 
cracking and the number of repairs was prohibitive. We found it necessary 
to appeal for a higher tin content in our solder. This deviation was granted 
and the soldet order was later revised permitting a higher content of tin. 
Solder with 30 per cent tin content is being used at present, but we feel its use 
will be discontinued when restrictions are lifted. 

Lead-silver solders may be satisfactory for certain applications where 
higher temperatures are permissible. However, when a radiator core is baked 
there is a definite upper temperature limit. Excessive temperatures will soften 
the fins and soft fins are easily damaged and necessitate a great deal of hand 
work to straighten, complicating subsequent handling. 

We have found it necessary to become interested in body solder lately 
since one cannot make a car without some body solder. A tin-free body 
solder, containing antimony and arsenic, has been tried and has been usable 
on certain applications. However, on tests run with this solder we found that 
it takes approximately 25 per cent longer to solder a surface similar to a body 
joint than it would if a solder with approximately 7 or 8 per cent tin were 
used. We are trying to standardize on an alloy of about 3.5 to 4 per cent tin 
with about 4 per cent antimony. Experiences to date indicate that where 
solder areas are small the solder is usable, but when areas are large it has a 
definite detrimental effect on production rates. 

W. Craupe Lanc:* The authors are te be congratulated for the large 
amount of work and the splendid results they have reported. Anyone familiar 
with this type of work realizes the’amount of effort required to perform an 
investigation of this nature and no matter how carefully the work is done 
there are always a certain number of questions to creep in. I noticed my 
predecessors have, spoken to some extent about specific applications, where I 
do not think the authors did. It has been our experience that solder must be 
considered from the standpoint of specific applications as well as general over- 
all purposes. A solder that might give good results on one job would not 
necessarily perform so well under different conditions on a similar job. It is 
noted that the arsenic-antimony-lead alloy has a very short solidification range. 
I believe that characteristic would probably ruin that particular alloy as a body 
solder. It is necessary to have quite a long pasty range for body solder to 
apply it as is done in production body shops. 

Our experience has duplicated the experiences of the authors in many 
instances. In the evaluation of solders by such tests as spread tests, we have 
had some difficulty reproducing results. It is very difficult to draw a con- 
clusion from that type of test. I wonder if the authors have perfected their 
test in such a way as to allow more quantitative interpretation. 

The matter of addition agents to the fluxes was also interesting. It has 
been our experience that small additions of copper chloride and magnesium 
chloride in addition to those mentioned have a slight beneficial effect on flux- 
ing. The fact that magnesium chloride has a beneficial effect does not seem 


®Project engineer, Chrysler Corp., Detroit. 
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to fit in well with the theory that fluxes deposit a thin layer of metal ahead 
of the solder. 

A. W. ScHLucuTer:* In bonding solders to pure copper, we have found 
that if the solder contains 3 per cent antimony, heating for about 72 hours 
at 325 to 350 degrees Fahr. will destroy the bond completely. This seems to be 
due to the formation of an intermetallic compound. As little as 1 per cent 
arsenic will make the bonding of solder to copper impossible. Here no sub- 
sequent heating is required. Apparently the heating required to solder is 
all that is necessary to form an arsenical compound, presumably with copper 
to destroy the bond. 

In working with solders containing only a few per cent of tin, we have 
found it necessary to watch the copper which in some manner seems to get in. 
The copper apparently combines with the tin to form an intermetallic com- 
pound which has only slight solubility in the lead. In this way, copper tends 
to nullify the effect of tin. 


Authors’ Reply 


I might add just a word to show the evolution of this work and refer to 
the dropping of shot. Arsenic has been used for a long time as the most 
satisfactory addition to lead to make these shot drops form round in the air. 
That is what gave us this idea of arsenic in the first place. Those who have 
not tried arsenic additions are missing a good bet. Arsenic in 50-50 tin-lead 
solder improves it. Now in regard to the jobs, apparently Mr. Grange and 
lots of the people in Detroit are using a combination of arsenic and antimony 
for body solder and they seem to think it is pretty well adapted to that sort 
of thing. In can making I would imagine it might work out fairly well. The 
resistance to corrosion seems to be pretty high. If you intend to use this 
particular solder at any time do not buy arsenic and hope to dunk this arsenic 
in the lead to make this arsenic addition because it will not work this way. 
You will have to buy an arsenic-lead hardener, say a 2 per cent arsenic, and 
use that as a hardener. It is the only way you can get this arsenic in and 
if you do that I think you will find it is a fair solder for a low-cost solder. 
We car cast a bar of it at about this size and bend this bar to make a 45-degree 
bend and all at once it snaps. Most of you will think that these joints will 
not stand a great deal of flexing; however, we have made some tests in a 
minor way and it seems that there is nothing to worry about. The ductility 
of this solder is not important when we eliminate most of the solder in the 
joint as we do if we make the proper joint. With 50-50 you can tie knots in 
this bar, but you cannot do it with 0.5 per cent arsenic and 12 per cent anti- 
mony, but nevertheless the joints seem to be plenty strong and plenty resistant 
to corrosion. 


We have found the arsenical solders of high lead content sensitive to oxi- 
dation, as have Mr. Grange and Mr. Tobin, and so far have no remedy to 
nullify this oxidation. It is likely that antimony-zinc compounds form when 


‘Mechanical Engineering Department, Research Laboratories Division, General Motors 
Corp., Detroit. 
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soldering zinc, and we believe Grange and Tobin have a point in that zinc from 
zinc chloride may also form compounds and give poor results. 

So far we have no noncorrosive fluxes to recommend for high lead solders. 

In regard to Mr. Lang’s question on spread tests, it may be said that we 
have no fancy quantitative test; however, these tests are quite reproducible 
if a constant heat source is used below a freshly pickled sheet of steel. A 
small definite volume of solder and flux can be placed on the reversed side, 
and then simply let it spread. 

We are glad to know that magnesium chloride also aids spreading. In 
our statement about lead and tin depositing out from their fluxes, we did not 
infer that all metals plate out from the flux ahead of the solder. 

We are glad to have the confirmation of Mr. Schluchter that copper along 
with antimony and arsenic cause trouble because they form brittle compounds. 

In conclusion, we wish to thank the discussers for their very constructive 
criticism. 











COLD WORKING AND HEAT TREATMENT OF A 
10-CARAT GOLD ALLOY 


By VERNON H. PATTERSON AND B. NICHOLAS I[ANNONE 


Abstract 


This paper describes the effects of cold working and 
heat treatment on the properties of a 10-carat gold alloy 
containing 41.6 per cent gold, 9.2 per cent silver, 41 per 
cent copper, 6.3 per cent zinc and 1.9 per cent nickel. 
Cold working prior to aging changes the.mechanical prop- 
erties and the corrosion resistance toward certain media. 
It has been found that aging at 600 degrees Fahr. (315 
degrees Cent.) produced the optimum mechanical prop- 
erties on material cold reduced over 25 per cent, after a 
solution heat treatment at 1250 degrees Fahr. (675 de- 
grees Cent.) for an hour, prior to cold working. Aging 
at 700 degrees Fahr. (370 degrees Cent.) produced the 
best results on reductions in thickness less than 25 per cent. 
The resistance of the alloy to attack by concentrated nitric 
acid increased at aging temperatures of 700 degrees Fahr. 
(370 degrees Cent.) or higher, and appeared to be inde- 
pendent of the degree of cold working prior to aging. 
Resistance to attack by artificial perspiration depended on 
both the degree of cold working and the aging tempera- 
ture. Best results were obtained by aging the alloy at 
600 degrees Fahr. (315 degrees Cent.) or lower, especially 
with material that had been cold reduced over 40 per cent 
before aging. Photomicrographs showing the effect of 
heat treatment on the microstructure of the alloy are in- 
cluded. 


OLD alloys are useful to the optical and jewelry industries 
only if they combine mechanical strength with decorative char- 
acteristics. This strength is obtained, with many alloys, by a care- 
fully controlled combination of cold working and heat treatment. 
The specific 10-carat gold alloy described herein is one which readily 
responds to heat treatment at temperatures below 1000 degrees Fahr. 
(540 degrees Cent.) following a suitable solution heat treatment. 

A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. Of the authors, Vernon H. 
Patterson was formerly with the Metallurgical Department, Bausch and Lomb 
Optical Co., Rochester, N. Y., and is now general manager, Progressive 
Foundry Works, Inc., Rochester, N. Y., and B. Nicholas Iannone is associated 
with the Metallurgical Department, Bausch and Lomb Optical Co., Rochester, 
N. Y. Manuscript received June 20, 1945. 
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The age hardening phenomenon in gold alloys, in general, has 
been known for many years. Carter (1)? referred to it as something 
which had not, at that time, received “adequate explanation”. At a 
later date, Wise (2) described the phenomena in greater detail. 

This study shows how the mechanical properties, corrosion re- 
sistance and microstructure of the 10-carat gold alloy are affected by 
varying degrees of cold working both prior and subsequent to the 
aging treatments. In addition, the results have been expanded to in- 
clude data and photomicrographs showing the bending and spring 
characteristics of the alloy, and the effect of cold reduction and heat 
treatment on these characteristics. The results reported in this paper 
are in accord with those obtained by the previous investigators. 


EXPERIMENTAL METHODS 


The material used in this study was an induction melted 10-carat 
gold alloy having the chemical composition as shown below: 


Gold Silver Copper Zine Nickel 
41.6 9.2 41.0 6.3 1.9 


This alloy is one commonly used in the manufacture of certain spec- 
tacle parts. ’ 


Experimental Tests 


The following tests were carried out in this work: 


1. Hardness—The Rockwell superficial Hardness Tester 
was used with the 30T and 15N scales, the latter being used on 
the material with hardness beyond the range of the 30T scale. 

Where it was necessary to use both the 30T and 15N scales, 
the results were converted, for purpose of comparison, into Bri- 
nell hardness numbers, 3000-kilogram load, using a conversion 
chart. Table I shows the actual Rockwell hardness numbers, 
together with the converted Brinell numbers, for Fig. 6. 

2. Tensile—The yield strength, determined by the 0.2 per 
cent offset method, ultimate tensile strength, and per cent elonga- 
tion in 2 inches were determined on a 500-pound-capacity Scott 
Tensile Tester. Fig. 1 shows the size of specimen used. it is 
known that this specimen is not one of recognized standard di- 
mensions. It was designed to suit the needs of the tensile testing 
equipment used. Therefore, the data obtained can only be used 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table | 
Rockwell Hardness After Aging at Temperature Indicated, Degrees Fahr. 

Per Hardness 

Cent Scale 
Reduc- None 300 500 600 700 800 1200 Rockwell and 
tion in Conversion to 
Thick- BHN*—3000-KG 

ness Load 

0 30T 54.5 30T 57.0 30T 68.0 30T 68.5 30T 72.5 oo 70.5 oe - 5 Rockwell 
1 1 41 142.5 160.5 151.5 


03 0 1 BHN 
5 30T 65.0 30T 63.5 30T 72.5 30T 74.5 30T 77.0 30T 74.0 sot 39, 0 Rockwell 
130 12 160.5 172 


190 169 113 BHN 
10 30T 71.0 30T 69.5 30T 75.0 30T 76.5 30T 79.5 io .0 30T 56.0 Rockwell 


153 147 176 187.5 213 106 BHN 
20 30T 75.5 30T 75.5 30T 79.0 me 79.5 7" _ 0 at ‘4g 0 30T 56.5 Rockwell 
180 180 210 213 107 BHN 


40 30T 81.0 30T 82.0 oe 0 = 74.0 ish 73. 0 30T rs. 0 307 57.5 Rockwell 


28 240 70 262.5 176 109 B 
80 15N 75.5 15N _ 15N 78.5 15N 79.0 1SN 74.5 30T 77.0 30T 56.0 Rockwell 
290 322 332 342 276 195 106 BHN 


*Conversion made to Brinell Hardness Numbers by means of a Wilson Chart No. 38. 


as a comparison with tests run using similar specimens. The 
tensile equipment used was equipped with self-aligning wedge- 
type jaws which were used for gripping the specimens. 

3. Bend—The comparative bending properties were deter- 
mined by means of a Tinius Olsen Stiffness Tester, Tour-Mar- 
shall design. In each case a load of 6 inch-pounds was applied 
using a 2-inch span. In order to obtain some idea of the elastic 
properties in bending, the number of inch-pounds necessary to 


coal 13" i 
_ | V4" 
my 


i a <r 
those 


4716" 


Fig. 1—Tensile Test bar sic 





produce a permanent set of 2 degrees in the test specimen was 
determined. Also, the number of inch-pounds necessary to bend 
the specimens 90 degrees and the permanent set after the load 
had been removed were recorded. All bend test specimens were 
4.25 inches long by 0.125 inch wide by 0.03 inch thick. 

4. C adden the corrosion test specimens were 1} inch 
long by 0.25 inch wide by 0.03 inch thick. Two test methods 
were used: 

(a) Total immersion of the test piece for 2% hours 
in a concentrated solution of nitric acid at room tempera- 
ture. This method was used in similar tests by Jarrett (3). 

(b) Alternate immersion at room temperature in an 
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artificial perspiration solution containing 5 parts of acetic 

acid, 5 parts of sodium chloride, and 100 parts of water. 

The test lasted for 200 hours and consisted of immersion in 

the solution for 1 hour, followed by exposure to air for 1 

hour, during an 8-hour period. The specimens remained 

immersed overnight. 
In each case, the weight loss in grams per square inch of surface 
area was used as the measure of corrosion. 

5. Microscopic Examination—All of the significant changes 
in the microstructure of this alloy were apparent at 100-di- 
ameters ; therefore, this magnification was used for the photomi- 
crographs. 

6. Heat Treatment—The heat treatment of the specimens 
was carried out in two furnaces. The first, an air furnace, elec- 
trically heated, was used for the high temperature solution heat 
treatment. The second, a low temperature salt bath furnace, was 
used for the aging treatments. 

In order to determine the proper solution heat treating tem- 
perature and cooling rate, samples were annealed for 20-minute 
intervals at 1000 degrees Fahr. (540 degrees Cent.), 1100 de- 
grees Fahr. (595 degrees Cent.), 1200 degrees Fahr. (650 de- 
grees Cent.), 1250 degrees Fahr. (675 degrees Cent.), 1300 de- 
grees Fahr. (705 degrees Cent.) and 1400 degrees Fahr. (760 
degrees Cent.), then followed by water quenching, air cooling 
and furnace cooling. The samples were then checked for hard- 
ness and aged for various lengths of time to determine the effect 
of aging time and temperature on the hardness of the alloy. The 
results obtained from these preliminary tests were used as a basis 
for selecting the heat treatment schedule for the regular samples. 


Specimen Preparation 


The effect of cold working on the mechanical properties, cor- 


rosion resistance and microstructure was studied by preparing speci- 
mens having varying degrees of cold reduction in thickness from 0 
to 80 per cent, the actual steps being 0, 5, 10, 20, 40 and 80 per cent 
respectively. The values were compared to the “as-cast” condition. 


The effect of cold working and aging on the same properties was 


studied by preparing specimens having the same per cent reduction in 
thickness followed by aging for 1 hour at 300 degrees Fahr. (150 
degrees Cent.), 500 degrees Fahr. (260 degrees Cent.), 600 degrees 


800 


ahr. (315 degrees Cent.), 700 degrees Fahr. (370 degrees Cent.), 


degrees Fahr. (425 degrees Cent.) and 1200 degrees Fahr. (650 


degrees Cent.) respectively. Samples “as-cast” and aged, and “as- 





282 TRANSACTIONS OF THE A. S. M. Vol. 37 


Ss 


Rockwell Haraness,'307* Stole 
R 





60 
58 
1000 1100 1200 1300 1400 
Annealing Temperature, °F 


Fig. 2—Effect of Cooling Rate on the Hardness of a 
10-Carat Gold Alloy Solution Heat Treated at Various Tem- 
peratures. 
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Fig. 3}—Maximum Hardness Obtained from Age Hardening a 10-Carat 
Gold Alloy After Solution Heat Treated at Various Temperatures. 


cast”, annealed and aged at the same temperatures were run for com- 
parison. 

The etchant used in the preparation of the specimens for micro- 
scopic examination was a 50-50 mixture of 5 per cent aqueous solu- 
tion of ammonium persulphate and a 5 per cent aqueous solution of 
potassium cyanide. 


Discussion oF Test RESULTS 


In determining the proper solution heat treating temperature for 
a 10-carat gold alloy, it was found that no appreciable softening 
occurred until about 1200 degrees Fahr. (650 degrees Cent.) was 
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Hardness of a 10-Carat Gold Alloy Solution Heat Treated at 
1200 Degrees Fahr. (650 Degrees Cent.). 
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Fig. 5—The Effect of Aging on the Hardness of a 10-Carat Gold Alloy 


Solution Heat Treated at 1250 Degrees Fahr. (675 Degrees Cent.) and Cooled 
at Different Rates. 


reached. In all cases, water quenching produced the softest condition 
(Fig. 2). After running aging tests on specimens solution annealed 
at various temperatures for 20 minutes it was found that the maxi- 
mum hardness occurred between 1200 and 1300 degrees Fahr. (650 
and 705 degrees Cent.). Consequently, 1250 degrees Fahr. (675 de- 
grees Cent.) was chosen as the standard solution heat treating tem- 
perature (Fig. 3). An aging time of 1 hour was selected since the 
greatest change in hardness occurred during that period (Fig. 4). 
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Reduction in Thickness, Per Cent 


Fig. 6—Hardness Variation of Cold-Reduced 10-Carat 
Gold Alloy Aged at Various Temperatures. 
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Fig. 7—The Effect of a Solution Heat Treatment on the Age Hardening 
Characteristics of a Cast 10-Carat Gold Alloy. 


Furnace cooling followed by aging produced no increase in hardness 
(Fig. 5). This was true regardless of the solution heat treating 
temperature. These results would be expected from any age hard- 
ening alloy. 

No age hardening effect was noticeable after aging specimens 
which had been annealed below 1100 degrees Fahr. (595 degrees 
Cent.) since the hardness dropped quickly above this temperature 
( Fig. 2). 
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Results of Hardness Tests 


The alloy has excellent work hardening properties as evidenced 
from the fact that in the annealed condition the Brinell hardness 
number was about 103, and after an 80 per cent reduction in thick- 
ness the hardness had increased to 290 (Fig. 6). 

Examining the curves for the various aging temperatures it will 
be seen that below a 30 per cent reduction in thickness a 700 degree 
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Fig. 8—-The Effect of Cold Reduction and Aging Temper- 
ature on the Ultimate Tensile Strength of a 10-Carat Gold 
Alloy. J 


Fahr. (370 degree Cent.) aging temperature produced the greatest 
hardness, while above a cold reduction in thickness of 30 per cent a 
600 degree Fahr (315 degree Cent.) aging temperature resulted in 
the greatest hardness. For severely cold-worked 10-carat alloy, an 
aging temperature of 300 degrees Fahr. (150 degrees Cent.) pro- 
duced excellent results, with a minimum of discoloration due to heat- 
ing. 

Fig. 7 shows how the hardness of the cast alloy is affected by 
aging and shows the benefit to be gained by a solution heat treatment 
of 1250 degrees Fahr. (675 degrees Cent.) prior to aging. The lower 
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the “as-cast” hardness, the greater was the hardness after aging. 
The necessity for a solution heat treatment after casting can be deter- 
mined from the “as-cast” hardness value. 
Results of Tensile Tests 
The work hardening characteristics of the alloy show up nicely 


as evidenced by the curve for the “as-reduced” ultimate strength 
(Fig. 8). Aging at 500 degrees Fahr. (260 degrees Cent.) produced 
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Fig. 9—The Effect of Cold Reduction and Aging Tem- 
perature on the Elongation of a 10-Carat Gold Alloy. 


the highest strength alloy and at the same time increased elongation 
values (Fig. 9). Although there was no great difference between the 
500 degree Fahr. (260 degree Cent.), 600 degree Fahr. (315 degree 
Cent.) and 700 degree Fahr. (370 degree Cent.) aging temperatures 
as far as ultimate strength was concerned, there seemed to be a meas- 
urable improvement in elongation properties at the lower thickness 
reductions, even over the “as-reduced”’ material. As would be ex- 
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Fig. 10—Bending Moment Required to Produce a Two- 
Degree Permanent Set for a 10-Carat Gold Alloy Aged at 
Various Temperatures. 


pected, the material aged at 800 and 1200 degrees Fahr. (425 and 650 
degrees Cent.) showed marked reductions in strength and increases 
in elongation.’ The strength and ductility of the material aged at 
1200 degrees Fahr. (650 degrees Cent.) remained unchanged with 
variations in prior temper. 


Results of Bend Tests 


Fig. 10 shows the load in inch-pounds necessary to produce a 
permanent set of 2 degrees in bending, for the various reductions in 
thickness after aging at different temperatures for 1 hour. The re- 
sults indicate that aging for 1 hour at 700 degrees Fahr. (370 de- 
grees Cent.) for reductions in thickness less than 30 per cent will 
produce material having the best spring properties. On reductions 
greater than 30 per cent, aging for 1 hour at 600 degrees Fahr. (315 
degrees Cent.) appeared desirable. The bending test shows that 
heat treatment at 800 degrees Fahr. (425 degrees Cent.) produced 
some aging on stock having a cold reduction of less than 25 per cent. 
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Fig. 12—Degrees Permanent Set After a 90-Degree Bend 
Versus Per Cent Reduction in Thickness After Aging at In- 
dicated Temperatures. 
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An annealing effect is produced when the reduction is above 25 per 
cent. Heating the reduced specimens to 1200 degrees Fahr. (650 
degrees Cent.) produced maximum soitness in the material. This 
particular alloy shows acceptable spring characteristics in the “as- 
reduced” condition with no subsequent aging. However, there is 
much to be gained by a controlled aging treatment. 


Tabie Il 
Weight Loss in Grams Per Sq. In. 
of Surface x 10-4 
Per Cent Heat Treatment Nitric Artificial 
Photomicrograph Reduction Aging Temperature Acid Perspiration 
Fig. 13a 0 As-annealed 6413 5 
300° F. (150° C.) 4107 0 
500° F. (260° C.) 5983 7 
600° F. (315° C.) 4482 12 
Fig. 13b 700° F. (370° C.) 1517 11 
Fig. 13c 800° F. (425° C.) 507 12 
Fig. 13d 1200° F. (650° C.) 816 60 
Fig. 14a 5 As-reduced 5143 5 
300° F. (150° C.) 6005 7 
500° F. (260° C.) 8951 8 
Fig. 14b 600° F. (315° C.) 6601 12 
Fig. 14c 700° F. (370° C.) 1963 11 
Fig. 14d 800° F. (425° C.) 448 16 
Fig. 14e 1200° F. (650° C.) 290 62 
10 As-reduced 5521 7 
300° F. (150° C.) 2866 8 
500° F. (260° C.) 6484 7 
600° F. (315° C.) 7146 18 
700° F. (370° C.) 1802 12 
800° F. (425° C.) 701 19 
1200° F. (650° C.) 316 60 
Fig. 15a 20 As-reduced 4775 0 
300° F. (150° C.) 5865 5 
500° F. (260° C.) 10288 5 
Fig. 15b 600° F. (315° C.) 9617 7 
Fig. 15c 700° F. (370° C.) 1897 5 
Fig. 15d 800° F. (425° C.) 1021 11 
Fig. 15e 1200° F. (650° C.) 351 47 
40 As-reduced 7167 0 
300° F. (150° C.) 8389 0 
500° F. (260° C.) 5594 0 
600° F. (315° C.) 4926 0 
700° F. (370° C.) 1010 8 
800° F. (425° C.) 231 7 
1200° F. (650° C.) 395 44 
Fig. l6a 80 As-reduced 6899 0 
300° F. (150° C.) 8182 0 
500° F. (260° C.) 10512 0 
Fig. 16b 600° F. (315° C.) 10318 0 
Fig. 16c 700° F. (370° C.) 1893 7 
800° F. (425° C.) 1191 10 
Fig. 16d 1200° F. (650° C.) 1392 53 
0 As-Cast 2560 Not Run 
300° F. (150° C.) 2207 
Fig. 17a 500° F. (260° C,) 3733 
600° F. (315° C.) 3158 
700° F. (370° C.) 2227 
800° F. (425° C.) 1727 
1200° F. (650° C.) 1683 
0 As-Cast and Annealed 2239 Not Run 
Fig. 17b 300° F. (150° C.) 4162 
500° F. (260° C.) 8554 
Fig. 17c 600° F. (315° C.) 8789 
Fig. 17d 700° F. (370° C.) 775 
800° F. (425° C.) 1586 


Fig. 17e 1200° F. (650° C.) 750 
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The load required to bend the specimens 90 degrees is shown in 
Fig. 11. The material aged at 700 degrees Fahr. (370 degrees Cent. ) 
showed the better bending characteristics at the lower per cent reduc- 
tions in thickness. At the higher reductions the bend strength dropped 
below the “‘as-reduced” values. The permanent set after a 90-degree 
bend for the samples aged at 500 and 600 degrees Fahr. (260 and 
315 degrees Cent.) did not differ greatly (Fig. 12). Reductions less 
than 20 per cent should be followed by aging at 700 degrees Fahr. 
(370 degrees Cent.), while higher reductions should be followed by 
aging at 600 degrees Fahr. (315 degrees Cent.). No advantage was 
gained in bending properties by aging at 800 degrees Fahr. (425 de- 
grees Cent.) specimens reduced over 15 per cent. Heating at 1200 
degrees Fahr. (650 degrees Cent.) for 1 hour produced a dead-soft 
material (Figs. 10 and 11). 


Corrosion Test 


The loss in weight after immersion in nitric acid and after im- 
mersion in an artificial perspiration solution was determined (Table 
II). The artificial perspiration test may indicate that, when the gold 
alloy is to come in contact with the human skin, best corrosion re- 
sistance would be obtained with a product having an equivalent per 
cent reduction of thickness between 20 and 80 per cent, aged at 600 
degrees Fahr. (315 degrees Cent.) or below. It will be noted that 
where the material apparently became more resistant to attack by 
concentrated nitric acid, it showed greater attack by the artificial 
perspiration solution. 


DISCUSSION OF MICROSTRUCTURES 


The microstructures of some of the specimens are shown in 
Figs. 13 to 17. Fig. 13 shows how aging at various temperatures 
affects the microstructure of the annealed, wrought 10-carat alloy. 
The anneaied specimen, aged at 800 degrees Fahr. (425 degrees 
Cent.) for an hour, showed a second phase in the form of a pretipi- 
tate throughout the grains themselves (Fig. 13c). Those specimens 
aged at 700 degrees Fahr. (370 degrees Cent.) or below showed no 
variation in microstructure (Figs. 13a and 13b). Since the mechani- 
cal properties changed considerably, a submicroscopic structural 
change must have taken place. After aging at 1200 degrees Fahr. 











1946 GOLD ALLOYS 291 





Fig. 13—Solution Annealed. (a) Unaged. (b) Aged 1 hour at 700 degrees Fahr. 
(370 1 rees Cent.). (c) Aged 1 hour at 800 — Fahr. (425 degrees Cent.). (d) 


Aged 1 hour at 1200 degrees Fahr. (650 degrees Cent.). 


(650 degrees Cent.), a coalescence of the precipitated phase at the 
grain boundaries was observed (Fig. 13d). 

Fig. 14 shows how aging at various temperatures affects the 
microstructure of the alloy after a 5 per cent reduction in thickness. 
Here a change in microstructure occurred after aging at 700 degrees 
Fahr. (370 degrees Cent.) (Fig. 14c). There appeared to be no 
precipitate of microscopic size within the grains themselves, unless it 
occurred between 600 and 700 degrees Fahr. (315 and 370 degrees 
Cent.). No change in microstructure of the alloy after the 5 per 
cent reduction in thickness was observed up to 600 degree Fahr. (315 
degree Cent.) aging temperature (Figs. 14a and 14b). Aging at 
800 degrees Fahr. (425 degrees Cent.) further increased the amount 
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Fig. 14—Solution Annealed. 5 per cent reduction in thickness. (a) As reduced. 
(b) Aged 1 hour at 600 degrees Fahr. (315 degrees Cent.). (c) — 1 hour at 700 
degrees Fahr. (370 degrees Cent.). (d) Aged 1 r at 800 degrees Fahr. (425 degrees 
Cent.). (e) Aged 1 hour at 1200 degrees Fahr. (650 degrees Cent.). 
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Fig. 15—Solution Annealed. 20 per cent reduction in thickness. (a) As reduced, 
unaged. (b) Aged 1 hour at 600 degrees Fahr. (315 degrees Cent.). (c) Aged 1 hour 
at 700 degrees Fahr. (370 degrees Cent.). (d) Aged 1 hour at 800 degrees Fahr. (425 
degrees Cent.). (e) Aged 1 hour at 1200 degrees Fahr. (650 degrees Cent.). 
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Fig. 16—Solution Annealed. 80 per cent reduction in thickness. (a) As reduced, 
unaged. (b) A 1 hour at 600 degrees Fahr. (315 degrees Cent.). (c) Aged 1 hour 
a 700 "eat, ahr. (370 degrees Cent.). (d) Aged 1 hour at 1200 degrees Fahr. (650 
egrees Cen 


of the precipitate (Fig. 14d). Most.of the precipitate appeared to 
be redissolved after heating for 1 hour at 1200 degrees Fahr. (650 
degrees Cent.) (Fig. 14e). 

Fig. 15 shows the effect of aging at various temperatures on the 
microstructures of the alloy cold-reduced 20 per cent prior to aging. 
Heat treatment caused no marked change in microstructure until an 
aging temperature of 700 degrees Fahr. (370 degrees Cent.) was 
reached. Here a much darker precipitate formed at the grain bound- 
aries than in the material having less cold working before aging (Fig. 
15c). At 800 degrees Fahr. (425 degrees Cent.) the maximum pre- 
cipitation takes place for the alloy cold-reduced 20 per cent (Fig. 
15d). As the aging temperature increased, the second phase gradu- 
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(a) Cast and aged at 500 degrees Fahr. (260 degrees Cent.). 
ahr. (150 degrees Cent.). (c) 
(d) Solution 


Fig. 17—-Cast Alloy. 
(b) Solution annealed. Aged 1 hour at 300 degrees 
Solution annealed. Aged 1 hour at 600 degrees Fahr. (315 degrees Cent.). — 
annealed. Aged 1 hour at 700 degrees Fahr. (370 degrees Cent.). (e) Solution annealed. 


Aged 1 hour at 1200 degrees Fahr. (650 degrees Cent.). 
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ally disappeared (Fig. 15e). Optimal mechanical properties seem to 
correlate with the first visible precipitation of the second phase at 
the grain boundaries. | 

Fig. 16 shows photomicrographs of the alloy cold-reduced 80 
per cent. In this series maximum precipitation of the second phase 
occurred at 700 degrees Fahr. (370 degrees Cent.) (Fig. l6c). As 
the aging temperature increased, recrystallization occurred with a re- 
duction in the amount of the second phase. After aging at 1200 
degrees Fahr. (650 degrees Cent.) for 1 hour, practically all the dark 
etching phase had disappeared and none of the original cold-worked 
grains were present (Fig. 16d). 

Fig. 17 shows the microstructure of the alloy “as-cast” and after 
annealing and aging at various temperatures. Fig. 17a was typical 
of the “as-cast” alloy at all aging temperatures through 800 degrees 
Fahr. (425 degrees Cent.). Since there was no marked change in 
hardness after aging, it was assumed that the cooling rate was slow 
enough to allow most of the second phase to be thrown out of solid 
solution (Figs. 17b to 17e). In this group, a second phase was ap- 
parent after aging for 1 hour at 600 degrees Fahr. (315 degrees 
Cent.) (Fig. 17c). Further aging at 700 degrees Fahr. (370 degrees 
Cent.) increased the precipitate and caused some migration to the 
grain boundaries (Fig. 17d). Finally, after aging at 1200 degrees 
Fahr. (650 degrees Cent.) for 1 hour, the structure was practically in 
the annealed condition. 


SUMMARY AND CONCLUSIONS 


1., Tests have been run and data presented to show the effect 
of cold working and heat treatment on some of the properties of a 
10-carat gold alloy. 

2. Solution heat treating at 1250 degrees Fahr. (675 degrees 
Cent.) for a period of 20 minutes developed maximum mechanical 
properties after aging. 

3. On cold reductions of less than 25 per cent, aging at 700 de- 
grees Fahr. (370 degrees Cent.) produced the optimum mechanical 
properties. On cold reductions of over 26 per cent, aging at 600 
degrees Fahr. (315 degrees Cent.) produced the most desirable 
mechanical properties. 

4. Corrosion resistance of 10-carat gold is affected more by a 
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combination of cold working and heat treatment than by cold work- 
ing alone. 

5. Aging 10-carat gold at temperatures of 700 degrees Fahr. 
(370 degrees Cent.) or above caused a marked increase in resistance 
to attack by' concentrated nitric acid. 

6. Aging 10-carat gold, cold-reduced over 40 per cent, at tem- 
peratures of 700 degrees Fahr. (370 degrees Cent.) or higher low- 
ered the resistance to attack by artificial perspiration. As the cold 
reduction is decreased, higher aging temperatures can be used with- 
out materially impairing the corrosion resistance in artificial perspira- 
tion. 

7. The presence of a precipitated phase in a 10-carat gold alloy, 
as determined by microscopic examination, indicated increased re- 
sistance to concentrated nitric acid but decreased resistance to artifi- 
cial perspiration. 
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DISCUSSION 


Written Discussion: By E. M. Wise, Platinum Metals and Electronics, 
The International Nickel Co., Inc., New York. 

The authors have presented an excellent summary of the effect of coid rolling 
and age hardening on the mechanical properties of a 10-carat yellow gold alloy. 
The alloy examined contained 41.6 per cent gold, 41.0 per cent copper, 9.2 per 
cent silver, 6.3 per cent zinc and 1.9 per cent nickel and is similar to the alloy 
containing 41.65 per cent gold, 44.0 per cent copper, 10.0 per cent silver, 2.35 
per cent zinc and 2.0 per cent nickel, whose aging characteristics were reported 
upon by the discusser a good many years ago.” 

A comparison of the aging curves is made in Fig. A from which it is evident 
that reducing the copper content by 3 per cent and increasing the zinc by about 
this amount considerably reduces the age hardening response. The temperatures 
producing maximum hardness for an aging cycle of 1 hour are the same for both, 
about 700 degrees Fahr. (370 degrees Cent.) for annealed and quenched material 

2 High Strength Gold Alloys for Jewelry and Age Hardening Phenomena in Gold 


Alloys,” Transactions, Institute of Metals Division, American Institute of Mining and 
Metallurgical Engineers, Vol. 83, 1929, p. 384-408. 





298 TRANSACTIONS OF THE A. S. M. Vol. 37 





O 200 400 600 800 1000 iz00 200 400 600 800 100 BOO 
Aging Temperature, °F 
Fig. A 


and 600 degrees Fahr. (315 degrees Cent.) for samples cold-rolled about 50 
per cent. In general, the agreement between the two sets of data concerning 
hardening on aging is extremely close. 

The weight loss resulting from 2.5 hours’ immersion in concentrated nitric 
acid also was measured by the present authors, but the results are difficult to 
understand, aside from the fact that with this particular alloy, treatment at a 
temperature of about 500 degrees Fahr. (260 degrees Cent.) increased the loss. 
This aging temperature is slightly below that generally producing maximum 
hardness. Simple cold work, not followed by thermal treatment, apparéntly 
showed a tendency to increase the rate of attack, while treatment at 300 degrees 
Fahr. (150 degrees Cent.) might increase or decrease the rate. Treatment above 
600 degrees Fahr. (315 degrees Cent.) generally reduced the rate of attack below 
that of the unheated samples, often despite the presence of a second phase. Samples 
treated at 1200 degrees Fahr. (650 degrees Cent.) showed losses only about one- 
tenth of that of the initially annealed sample, which had been treated at 1250 
degrees Fahr. (675 degrees Cent.) for 20 minutes and probably water-quenched. 
The reason for the latter is not evident, as the two samples should possess sub- 
stantially identical structures, although differences in the amounts of low 
solubility phases are possible. The manner of finishing the samples prior to 
testing or oxidation during the 1200 degree Fahr. (650 degree Cent.) treat- 
ment leading to the enrichment of the surface in gold plus copper oxides are more 
likely possibilities. In any event it seems likely that the factor responsible may 
also account for the corrosion results obtained in a mixture of acetic acid, water 
and salt, as the latter rates were very low and would be particularly sensitive to 
the condition of the surface. 

Lactic rather than acetic acid is present in perspiration, and one solution 
which was employed at the laboratories of the Mond Nickel Company tc Ceeaiiate 
stale perspiration is 


» Per Cent 
NR I od ee 0.250 th 
i Miieiie cs... eek bee te 0.040 | Made up wit 
CR ii. eal uuae wad Ckcs 0.090 distilled 
SN” 2 a is eh kak Daal 0.034 water. 
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The pH was maintained at 4.0, and the solution was aerated. It was moderately 
corrosive at this pH, but at pH 7.5, which is supposed to correspond to fresh 
sweat, it was practically noncorrosive. 

The tarnishing behavior of carat gold alloys when exposed to elemental 
sulphur in air is frequently more important than gross corrosion, and it is to 
be hoped that the authors may be able to run tests to disclose the behavior of the 
present alloy under such conditions. 

Reverting to the nitric acid tests, it should be noted that the presence of 
traces of chlorides in the acid and probably the presence of miscellaneous nitrogen 
compounds may cause attack on gold alloys of 14 carats or thereabouts, which 
otherwise would resist nitric acid. But even here, it is necessary that the alloy, 
particularly in white gold, be nearly stress-free if corrosion cracking is to 
be avoided. 

While the present data for a 10-carat alloy, which under the best conditions 
and treatment is vulnerable to nitric acid, indicates an appreciable increase in 
rate of attack after aging at about 500 degrees Fahr. (260 degrees Cent.), this 
is not to be considered true for all alloys, as I have found that some low carat 
rather high zinc content alloys showed improvement in resistance to a nitric acid 
spot test after treating at about 600 degrees Fahr. (315 degrees Cent.). Likewise 
high gold alloys used for dental purposes, which also contain palladium and 
platinum and only about 15 per cent of copper, are adequately corrosion resistant 
after aging. Alloys must be properly designed, however, as some 18-carat alloys 
exist which become duplex after certain thermal treatments, and one of the 
phases is readily attacked. 

Despite the potentialities of age hardening in precious metal alloys, par- 
ticularly those containing the platinum metals, which were recognized long 
before duralumin was discovered, the use of this process has not been as extensive 
as its merits warrant. Extensive practical data, such as the authors have pre- 
sented, will do much to secure broader use of this mode of treatment, and they 
are to be thanked for their contribution. 

Written Discussion: By A. W. Peterson, metallurgist, General Plate 
Division, Metals and Controls Corp., Attleboro, Mass. 

The authors of this paper are to be complimented on adding some pertinent 
practical data to the rather sparse literature dealing with the alloys used in the 
optical and jewelry industries. 

Their results are more or less typical of the behavior of the 10-carat gold 
alloys; these results vary considerably in value with the composition of the 
alloy but the trend remains. Many of the alloys which we use behave in a similar 
manner, as do those of other compositions, both higher and lower carat. 

The writer wishes to comment further only on one feature; namely, the 
corrosion resistance. It would have been very instructive to learn what results 
are obtained after various heat treatments if the alloy were subjected to corrosion 
under stressed conditions. Some typical “hairpin” tests may yield interesting 
information regarding the resistance of this low carat gold alloy to corrosion 
under stress. 

Written Discussion: By Oscar E. Harder, assistant director, Battelle 
Memorial Institute, Columbus, Ohio. 

Messrs. Patterson and Iannone have contributed interesting and valuable 
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information with reference to the processing of this 10-carat gold alloy and its 
response to heat treatment. It is also interesting that the heat treatment has an 
influence on its corrosion resistance. It is my purpose to comment on the probable 
mechanism involved in the changes in the properties of this alloy in the various 
heat treating operations. It will be noted that the alloy contains approximately 
equal amounts of gold and copper. This suggests that these two metals character- 
ize the alloy, and since they occur in approximately equal amounts by weight, 
it will be evident that they are in about the right percentages for the formation of 
the “intermetallic compound Cu;sAu” or, probably more properly stated, for the 
formation of the ordered arrangement of the copper and gold atoms. It has been 
of some interest to note that neither the present authors nor the authors cited in 
the references have taken any note of the work done in Russia and reported over 
the period of time from 1906 to 1908 and, especially, the work which was reported 
by these Russian investigators in the Journal of the Institute of Metals in 1916. 
This latter publication is in English and has been rather readily available. These 
various references were given in my discussion of the constitution of gold-copper 
alloys in the A.S.M. Hanppoox, 1939 Edition, page 1502. These Russian 
investigators showed that, in the gold-copper system, there are two intermetallic 
compounds, CusAu and CuAu, corresponding to approximately 50 per cent 
copper and 50 per cent gold and 25 per cent copper and 75 per cent gold by weight, 
respectively. They also showed that unusual properties were developed in alloys 
falling near these compositions, and especially that the alloys quenched from 
relatively high temperatures were much softer than the alloys slowly cooled or 
quenched and reheated into certain temperature ranges such as about 300 to 
400 degrees Cent. (570 to 750 degrees Fahr.). In 1923 I prepared a discussion of 
gold castings, which was published in the September issue of the Journal of the 
American Dental Association; and on the basis of the researches by the Russian 
investigators, I suggested that dental alloys containing gold and relatively high 
percentages of copper could be cooled rapidly and then heated to temperatures 
of 300 to 400 degrees Cent. (570 to 750 degrees Fahr.), which would be favorable 
to the formation of the intermetallic compounds (or ordered arrangement), and 
thereby have greatly improved hardness and strength. Dentists and others work- 
ing with gold alloys had noted that their alloys were softened and toughened by 
heating to a dull red and quenching, and they had used such a procedure in their 
practices, although the mechanism apparently was not understood at the time. 
More recently there has been rather extensive use of a heat treating practice 
such as I proposed, and it has found its way into certain specifications for dental 
alloys, especially the wrought gold alloys.* In carrying out this practice, the 
alloys are given a quench anneal, as used by Messrs. Patterson and Iannone, and 
then aged or furnace-cooled so as to favor the transformation processes which 
provide for increased strength and hardness. In the case of the dental alloys, 
because of the relative amounts of gold and copper, the intermetallic compound 
which is most important is CuAu (25 per cent copper, 75 per cent gold by 
weight). This intermetallic compound has been shown to have a characteristic 


_ %Amercan Dental Association Tentative Specification No. 7 for dental wrought-gold 
wire alloys specified the tensile properties after heating to 1290 degrees Fahr., quenching, 
and then reheating to 840 degrees Fahr. and oven cooling to 480 saqrees Fahr. in 30 min- 
utes, Journal, American Dental Association, Dec., 1932, p. 2061-2085. 
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space lattice which is different from that of copper and gold or of the quenched 
alloy. However, in the alloy discussed by the present authors, the composition is 
such that the compound most likely to form is Cus;Au with about equal weight 
per cents of copper and gold. The researches on alloys of this type composition 
have not indicated a different space lattice from that of the quenched alloys, but 
an ordered arrangement with an increased parameter. 

It is suggested that the above is the mechanism involved in the solution 
treatment and in the aging of the 10-carat gold alloy. It is not uncommon to find 
that relatively small amounts of other metals, in this case, silver, zinc, and nickel, 
do not prevent the formation of typical intermetallic compounds or ordered 
arrangements in alloys. In this 10-carat gold alloy, copper and gold are present 
in about equal amounts by weight, thus being favorable for the formation of 
Cu;Au or the ordered arrangement. 

It is thought that the authors’ findings are compatible with the suggestion 
that the presence of about equal amounts of copper and gold in this alloy lead to 
the disordered arrangement when the alloys are heated to such temperatures as 
1200 degrees Fahr. (650 degrees Cent.), and that this type of structure is main- 
tained on quenching. It is also consistent that the quenched alloys, when heated 
to the temperatures (500 to 700 degrees Fahr.) used by the authors, should 
uncergo a transformation which results in increased hardness, and that the cold- 
reduced alloys are more responsive to such heatings than the as-quenched alloys. 


Many of the wrought golds used in dentistry show similar responses to heat 
treatment. 


Authors’ Reply 


The authors wish to thank Mr. Wise, Dr. Peterson and Dr. Harder for 
their written discussions of this paper. 

In answer to Mr. Wise’s remarks, regarding the fact that samples treated 
at 1200 degrees Fahr. (650 degrees Cent.) showed losses only about one-tenth 
of that of the initially annealed sample, which had been heat treated at 1250 
degrees Fahr. (675 degrees Cent.) for 20 minutes followed by water quenching, 
several retests were run in nitric acid. The results of these tests in many cases 
gave similar weight losses for the samples treated at 1250 degrees Fahr. (675 
degrees Cent.), followed by water quenching, as for the samples aged at 1200 
degrees Fahr. (650 degrees Cent.) and air-cooled. Many of the actual values 
obtained from the retests of the samples treated at 1250 degrees Fahr. (675 
degrees Cent.) and water-quenched were approximately one-fifth the original 
value given in the paper. In every instance, the corrosion test specimens were 
ground after heat treatment to insure clean surfaces free from oxide films. 

Further corrosion tests were run using the lactic acid solution suggested 
by Mr. Wise, in place of the acetic acid used. Except for the fact that the weight 
losses were considerably lower with the lactic acid, the results followed much 
the same trend. 

Tarnishing tests were run in hydrogen sulphide for a period of 240 hours. 
The first signs of tarnishing showed up at the end of about 142 hours, and 
seemed to progress rather uniformly over all specimens regardless of heat treat- 
ment. Even after 240 hours there appeared to be no excessive tarnishing. 
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In answer to Dr. Peterson’s remarks, the authors agree that corrosion tests 
with the specimens under stress would yield some valuable and interesting 
information. There is no question but what results of this type would be more 
beneficial to the jewelry and spectacle industries in general, since so many of 
the metals used in jewelry and spectacle parts are used in stressed conditions. 

It is hoped that further work will be conducted in this field with this par- 
ticular alloy, and the results presented later. 

Dr. Harder’s comments on the probable mechanism involved in the changes 
in the properties of this alloy during the various heat treating operations are very 
welcome and timely, and a worthwhile addition to this paper. 

As Dr. Harder suggests, it is very likely that the changes in the mechanical 
properties following heat treatments are due to the formation of a super-lattice, 
CusAu, from the disordered arrangement resulting from fast cooling from 
temperatures of 1200 degrees Fahr. (650 degrees Cent.), or above. 











TELLURIUM COREWASHES 
By JAMEs O. VADEBONCOEUR 


Abstract 


Tellurium-base corewashes have solved troublesome 
gray tron foundry problems. They have been particularly 
successful in the prevention of shrinks, but care im appli- 
cation must be emphasized since porosity and migrated 
chills are often the result of careless supervision in their 
preparation and use. 


Several mixtures used on mass production are de- 
scribed, and the possible mechanism of the action of tel- 
lurium in corewashes is discussed. 


INTRODUCTION 


T is the purpose of this paper to discuss the application of core- 
washes containing tellurium to gray iron foundry practice. Use 
of tellurium in the production of malleable iron is described in U. S. 
patents 2253502 and 2331886. Once referred to as the useless metal, 
tellurium has found. industrial applications in recent years. The use 
of tellurium graphite is described in the Alloy Cast Irons Handbook.’ 
The Caterpillar Tractor Company is reported to have used ferrotel- 
lurium additions to produce a chilled surface on idler wheels for 
tractor tracks,? and the metal has been used for some time as a hard- 
ening agent for lead. Those interested in other applications should 
consult the chapter on tellurium and selenium in Modern Uses of 
Non-Ferrous Metals.® 
While the use of tellurium as an alloying agent in gray iron 
foundries has been somewhat limited, it is finding increased popu- 
larity with gray iron foundrymen as a means of selective control of 
casting structure. This is most easily accomplished by painting or 
dipping cores with washes containing the suspended metal. Intelli- 


1American Foundrymen’s Association, 1944. 
®Metrat ProcGress, Dec. 1942 (Critical Points), p. 1058. 


*W. E. Milligan, “Selenium and Tellurium’, p. 323, in Modern Uses of Non-Ferrous 
Metals, published by American Institute of Mining and Metallurgical Engineers, 1935. 





A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. The author, James O. 
Vadeboncoeur, is research metallurgist, Pontiac Motor Division, General Mo- 
tors Corp., Pontiac, Michigan. Manuscript received July 30, 1945. 
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gently handled, it becomes one of the simplest and most efficient 
methods of localized structure control. 

Examples of how these washes have solved troublesome foundry 
problems may be of interest. A bad shrink was eliminated on Diesel 
cylinder blocks by painting a l-inch stripe on the core at the oil galley 
line where the stud bolts enter. A small spot of tellurium corewash, 
painted on a stud bolt boss of the water jacket core of the G. M. 
Truck cylinder block, eliminated a persistent shrink at this point. 
The successful mass production of Diesel cylinder liners cast in a 
horizontal position was made possible by dipping the liner cores in a 
tellurium wash. 

The liner cores were dipped in a shallow tank immediately after 
removal from the core oven. A rod was placed through a vent hole 
which passed through the longitudinal axis of the cylindrical core, and 
the core was revolved about the rod while immersed in the tank. An 
evenly applied coating was thus obtained which dried rather rapidly 
on the freshly baked core. It was found that best results were ob- 
tained when the specific gravity of the wash was held to 33 degrees 
Baumé. For consistent depth of chill, however, one need only main- 
tain the specific gravity to any empirically selected level. 


TELLURIUM CoREWASH 
Our laboratory analysis of a tellurium corewash paste (about 


20 per cent moisture is present) in successful use for producing a lo- 
cal chilled area on several different castings is as follows: 


Per Cent 
ie oe re ok ik ge 65-68 
FeO; ie 64.2 6 eke Boe . 2 
GS cis 5 SH at ae 
Meh cgeldemcdihhaste 23-25 
ON es ees gia aii trace 
MEU wlan J wes oo 0's chores trace 


In the original paste form it is far too potent a material to be 
entrusted to the hands of production personnel, but by mixing the 
washes under laboratory supervision danger from too highly concen- 
trated suspensions can be avoided. Mr. Pierce Boutin of our organi- 
zation has developed several successful mixtures in which the wash 
is much more adaptable to the needs of a production foundry. One 
mixture consists of 750 grams of the original paste to five liters of 
water. One volume of this is in turn mixed with five volumes of No. 
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798 Plumbago wash at 27 degrees Baumé. It can be seen that the 
original material has been diluted approximately 1 to 43 by weight 
or 1 to 80 by volume. Another mixture developed for its property 
of suspension consists of 10 per cent tellurium paste, 5 per cent ben- 
tonite, 5 per cent silica flour and 80 per cent water. One volume of 
this mixture is added to four volumes of No. 798 Plumbago wash at 
27 degrees Baume, and the resulting mixture holds in suspension 
quite well. 





Fig. 1—Cast Iron Cylinder Liner Showing a Migrated Chill. x 5. Nital etch. 


All corewashes tend to settle upon standing, but we have found 
the sludge at the tank bottom to contain as high as 65 per cent metal- 
lic tellurium which indicates that the tellurium will separate from the 
other materials in the wash. Separation can be avoided by frequent 
stirring or by some form of mechanical agitation. 

Care in application cannot be overemphasized, for if the wash is 
misplaced or too generously applied the resulting chill might easily 
be cause for scrapping the casting. Migration of the chilled portions 
may also occur. Fig. 1 shows a section of cylinder liner at low mag- 
nification with a chill which has migrated inward from the normally 
chilled surface of the casting. Obviously a surface so chilled will be 
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difficult to machine, but occurrence of such migration is easily pre- 
vented by avoiding overapplications of the wash. 


THe AcTION OF TELLURIUM IN COREWASHES 


The melting point of tellurium metal is 452 degrees Cent. (846 
degrees Fahr.), and its boiling point is 1390 degrees Cent. (2534 
degrees Fahr.). Molten tellurium ignites with a bluish flame in air, 
and dense white oxide fumes are formed. This oxide is TeO,, and 
its sublimation point is 450 degrees Cent. (842 degrees Fahr.). 

The primary factor in retarding the use of tellurium in any in- 
dustry has been the volatilization of fumes inherent to the heating of 
the element. The inhalation of these fumes causes the formation of 
methyl telluride within the body, and imparts to the inhaler’s breath 
an offensive garlic-like odor known as “tellurium breath”. 

Milligan* reports that in a study of the effects of tellurium in 
steel, ladle additions of the metallic element resulted in the loss of 
some 60 per cent by volatilization. 

A highly concentrated suspension of tellurium wash was deliber- 
ately applied to liner cores, and X-ray photographs of the areas so 
treated showed extreme porosity of the type usually caused by gase- 
ous iron. . 

The low temperature. of sublimation of tellurium oxide indicates 
that it is this oxide rather than elemental tellurium which forms these 
objectionable vapors. 

With the preceding examples of the vapors associated with the 
heating of tellurium in mind, it seems safe to assume that the core 
and molten iron are separated by a film of gas. Two methods of in- 
troducing the tellurium from the corewash into the iron now suggest 
themselves. Elemental atoms of tellurium may diffuse into the iron, 
or the diffusion of the vapors themselves may be instrumental in 
uniting the two metals. Conclusive evidence is lacking for either 
argument, but after observing the gases associated with every experi- 
ment conducted upon this metal, the author favors the vapor diffusion 
hypothesis. 

In either event, once the tellurium becomes incorporated as an 
alloying agent within the iron, the carbides are completely stabilized 
for a uniform depth on the surface of the casting. The depth of 





‘W. E. Milligan, loc. cit. 
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chilled area depends only upon the amount of tellurium present in 
the wash, and can be varied to suit the dictates of the job. 

Tellurium corewashes seem particularly successful in preventing 
shrinks, The hypothesis advanced by some foundrymen to explain 
this property is that the viscosity of the metal is raised at the mold- 
metal interface. It is equally probable, however, that the diffusion of 
tellurium increases the crystallization velocity of the melt and thereby 
causes it to solidify more quickly under the same molding conditions. 


CONCLUSIONS 


Tellurium-base corewashes offer a very useful tool to the gray 
iron foundryman, but they must be used with discretion and care. 
The mechanism of entry into the metal from the corewash appears 
to be a diffusion action of either tellurium or tellurium oxide vapor 
which stabilizes the iron carbide at the core-metal interface. 

The ease of ignition of tellurium, and the high volatility of tel- 
lurium oxide, indicates that the generation of tellurium vapors is re- 
sponsible for defects caused by overapplication of tellurium-base 
corewashes. 

Tellurium corewashes have been very successful in preventing 
shrinks in many different castings, and it is hoped that others will 
find it profitable to experiment with these washes to alleviate their 
own particular problems. It is not a cure-all, but properly used such 
a wash will save many castings from relegation to the scrap pile. 
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DISCUSSION 


P. T. Srroup:5 Mr. Vadeboncoeur’s mention of “tellurium breath” should 
be given serious consideration. I was among a group of men at the University 
of Wisconsin who worked on tellurium and selenium compounds, and it was just 
a matter of time before all of us had tellurium breath, of which his description is 
rather mild. It is reminiscent not of garlic, but of very ripe garlic. I can recall that 
whenever one of us would go to a movie there would soon be a complete circle 


5Chief, Process Metallurgy Division, Aluminum Company of America, New Kensington, 
Pa, 
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of empty seats around that person and he was completely socially ostracized. I 
can readily imagine the reaction of the wives, families and friends of a laborer in 
the foundry when he developed that condition. 

C. R. Wurtremore :* I should like to ask if the author used tellurium core- 


washes when sand casting nonferrous metals, such as nickel and cobalt-chromium- 
tungsten alloys? 


Author’s Reply 


Replying to Dr. Stroup, the Caterpillar Tractor Company is reported to 
have been forced to discontinue the use of tellurium alloy iron because of com- 
plaints of laborers working with the molten metal.” 

In answer to Mr. Whittemore, our foundry pours only gray iron castings, 
but it is my understanding that tellurium corewashes have been used for cast 
steel. Reports indicate that this application met with little or no success. It would 
indeed be interesting to experiment on the alloys mentioned by Mr. Whittemore 
to see what effect the tellurium corewash would have on their structures. 


®*Metallurgist, Deloro Smelting & Refining Co., Ltd., Deloro, Ont., Canada. 
TLoc. cit. 











GAS EVOLUTION FROM CAST STEEL 
AT ROOM TEMPERATURE 


By H. H. Jonnson, L. H. Arner anp H. A. Schwartz 


Abstract 


The composition and rate of evolution of gas, evolv- 
ing from freshly cast steel at or near room temperature, 
have been studied. The gases consist mainly of CO, N, 
and H,. Electric intermediate manganese steels differ lit- 
tle among themselves in the total of the two former gases 
evolved per unit weight of steel but vary greatly in the 
amount of hydrogen. 

The amount of gas evolved and the rate of evolution 
increases with temperature. Neither varies significantly 
with the ratio of surface to volume of the specimen. The 
rate of evolution varies with the partial pressure of the 
evolved gases in the ambient atmosphere, but the amount 
varies but little. 

The volume of gas evolved is related to time by the 
equation of the “first order’ reaction or by the sum of 
several such equations. Only a small portion of the H, 
and N, recoverable by combustion or by wet analysis re- 
spectively is evolved at roqm temperature. 


INTRODUCTION 


HE Research Department of the National Malleable and Steel 

Castings Company has, for some years, been interested in the 
amount of the normally gaseous elements occurring in iron, loosely 
called “gas content.” Some portions of these investigations have 
been previously published.” ? 

We are quite aware that the materials previously analyzed re- 
main constant in hydrogen content indefinitely, but all these mate- 
rials are weeks, months or even years old when first analyzed. It 





_ 3H, A. Schwartz and G. M. Guiler, “Hydrogen in Solid White Cast Iron,” Transac- 
tions, American Foundrymen’s Association, Vol. XLVII, 1939, p. 742. 


2H. A. Schwartz, G. M. Guiler and M. K. Barnett, “The Significance of Hydrogen in 
the Metallurgy of Malleable Cast Iron,”” Transactions, American Society for Metals, Vol. 
28, 1940, p. 811. 


A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. Of the authors, H. H. John- 
son is metallurgist, Sharon Works, L. H. Arner is chief chemist, Sharon 
Works, and H. A. Schwartz is manager of research, Cleveland, National Mal- 
leable and Steel Castings Co. Manuscript received May 21, 1945. 
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does not necessarily follow that our first (combustion) analysis cor- 
responded to the hydrogen content as cast. 

Furthermore, some of the explanations given for aging phe- 
nomena in cast steels assume that hydrogen escapes from solid iron 
at temperatures close to room temperature. There is, therefore, 
apparently some need for quantitative information as to the evolu- 
tion of gas at relatively low temperatures. It would be desirable to 
have some knowledge as to the composition of this gas—the constit- 
uents are quite commonly believed to be H,, N, and CO. 

The present paper attempts to answer the first question with 
some precision and furnish some information with regard to the 
second. In view of the small amounts of gas available for analysis, 
considerable difficulties have arisen with respect to the latter investi- 
gation and our results are offered mainly as a guide to future work. 


EXPERIMENTAL METHOD 


The experimentation was exceedingly simple. Specimens of 
steel were poured, without addition of aluminum, in the well known 
“Carbometer” mold, and pieces weighing approximately 100 grams 
were inserted into Bunsen eudiometer tubes filled with mercury, fit- 
ted with electrodes to permit explosion (Fig. 1). The specimens 
were kept completely immersed in mercury by wires holding them 
down and preventing their floating. Readings of the gas volume 
were taken at suitable intervals. The volumes were not, in general, 
reduced to 760 millimeters of mercury and 0 degrees Cent. Obvi- 
ously this and correction for mass and surface area of the sample 
would have added to the elegance of the work. For most purposes 
the increased accuracy was considered unimportant, although where 
gas evolution at two different temperatures was to be compared, a 
correction for the differences in temperature was made. For the pur- 
pose of investigating the shape of the time-volume curve, or where 
gas analyses were involved, corrections to standard temperature and 
pressure conditions were made. The total volume of gas evolved, 
measured at standard conditions, was thus usually known. If, calcu- 
lations for weight percentages of hydrogen were to be made, the 
weight of the sample was also brought into the calculation. It is not 
likely that differences in size of sample (the diameter was constant ) 
could introduce errors of significant magnitude compared with those 
involved in reading the volumes of gas. In several trials with hydro- 
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gen stored over mercury, no decrease in volume with time was noted. 

Gas analyses were made by introducing a drop of water above 
the mercury in the eudiometer tube to saturate the gas and noting 
the volume. An excess of oxygen was added and the mixture ex- 
ploded, the' volume after explosion being again observed. A little 
NaOH was introduced and the volume after absorption recorded. 





Fig. 1—Apparatus for the Collection and Analysis of Gas. 


The several volumes were corrected for temperature, pressure and 
vapor pressure of water. By the well known methods of gas analysis 
the volumes of H,, CO and N, can then be calculated if only these 
gases were present. 

The steels used, unless otherwise indicated, were of the medium 
manganese type containing about 0.30 per cent carbon and about 
1.35 per cent manganese. A few open-hearth heats were investigated, 
of the same type unless otherwise indicated. The exceptions were a 
very few plain carbon steels containing approximately the conven- 
tional 0.60 per cent manganese and somewhat less than 0.30 per cent 
carbon. 


Although hydrogen determinations by combustion are highly 
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satisfactory, it was impracticable to execute the number of combus- 
tions required at the specified times when they were required. Also, 
recognition was to be taken of the presence of other gases besides 
hydrogen. 

For these reasons the collection and analysis of the evolved gas 
seem much the best choice. 





Hours 
Fig. 2—Comparisons of Duplicate Observations of 


Volume of Gas Evolved in Various Times from Iden- 
tical Steel. 


EXPERIMENTAL DATA 


Most of the data can be most clearly and concisely presented in 
the form of graphs with explanatory captions, as in Figs. 2 to 10 
inclusive. 

Certain data as to the total amount of gas evolved and its com- 
position are best given in tabular form. In these tables the volume 
of gas is to be understood as the measured amount, corrected to 760 
millimeters of mercury and O degrees Cent., liberated when the reac- 
tion was approximately complete. No extrapolation to infinite time, 
as will be described later, has been here attempted. Throughout 
these tables the analyses are reported as they were obtained. There 
is, of course, no opportunity for duplicate analyses. Some of the 
results, especially for CO, seem suspicious. Nitrogen is, in any case, 
calculated to make the sum of H,, CO and N,, 100. Gas analyses 
are, of course, reported by volume. The hydrogen evolved is also 
calculated to per cent of sample weight. 

In Table I the results of various cooling rates of the specimen 
after removal from the carbometer mold are compared. 








1946 GASES IN CAST STEEL 313 


In other cases sand-cooled or sand-cast and sand-cooled speci- 
mens evolved no measurable volume of gas, even though the quenched 
specimen evolved 3.69 cubic centimeters, equivalent to 0.00025 per 
cent H,. 


In Table II a comparison of gas evolved at room temperature 
and at 200 degrees Cent. is made. 


5 


MLIOC-lAtm) 





Hours 


Fig. 3—Volume of Gas Evolved from Two Different 
Steels in Various Times. (Volumes corrected to standard 
conditions. ) 








Table I 
Gas Content and Composition of Specimens Cooled at Varicus Rates 
Volume, He co N2 Weight Per Cent 
Cooling Conditions Ml Per Cent Per Cent Per Cent 2 Ne 
Water-Quenched 2.91 82 4 14 0.00020 0.0005 
In Still Air 1.02 56 27 17 0.00005 0.0002 
In Sand 1.02 40 22 38 0.000035 0.0005 
Cast and Cooled in Sand 1.47 54 10 36 0.00007 0.0006 
Table Il 
Volume and Composition of Gas Evolved at Room Temperature and at 200 Degrees Cent. 
Volume, He co Ne Weight Per Cent 
Temperature MI Per Cent Per Cent Per Cent He Ne 
Room 0.27 37 0 63 0.00001 0.0002 
200 Degrees Cent. 1.41 61 0 39 0.0001 0.0008 
Room 1.49 
200 Degrees Cent. 3.55 
Room 1.44 86 0 14 0.00011 0.0003 
200 Degrees Cent. 1.60 94 0 6 0.00013 0.0001 


The first two pairs of results are from carbon open-hearth steels, 
the third from an intermediate manganese electric heat. 
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Specimens previously heated at 200 degrees Cent. evolved no 
further measurable volume of gas at room temperature. 
In Table III are recorded the data of gas evolved at room 


temperature and on subsequent exposure of the same sample at 200 
degrees Cent. 











| arlema Fectation? | | | 
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Hours 

_ _ Fig. 4—Volume of Gas Evolved from Iden- 
tical Samples in Various Times at Different 


Temperatures. (Volumes corrected to room tem- 
perature and pressure.) 


ML.(Roam Temp) 
% 
\ 





Table Ill 


Volume and ees of Gas Evolved at Room Temperature and on Subsequent 
Exposure at 200 Degrees Cent. (3 Heats) 





Volume, He co Nz Weight Per Cent 
Temperature MI Per Cent Per Cent Per Cent He Nz 
Room 2.53 77.5 19.0 3.5 0.00018 0.0001 
200 Degrees Cent. 0.59 13.5 61.0 25.5 0.000007 0.0003 
Room 1.46 52.8 21.9 25.3 0.00007 0.0004 
200 Degrees Cent. 0.82 42.6 54.9 2.5 0.00003 0.0000 
Room 1.97 60.0 12.0 28.0 0.00013 0.0008 
200 Degrees Cent. 1.21 48.0 54.0 ? 


0.00005 ? 





The last analysis is evidently in error since the sum of H, and 
CO exceeds 100. However, since we are analyzing only about 1 
cubic centimeter of gas in every case in any of these tables and read- 
ings of volume to 0.1 cubic centimeter are all that can be expected, 
not too much must be expected of any of the analytical values. If 
they are right to 10 per cent of their own values, that is about all 
‘that can be expected. The error accumulated in CO and H, i is, of 
course, all transferred to the N,. 
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Table IV records the total volume of gas evolved and its chem- 
ical composition from samples taken at various stages of the same 
heat ; six heats being represented. As in Table III these are again 
some impossible values. 





Fig. 5—Volume of Gas Evolved from Five Basic 
Open-Hearth Steels in Various Times. (Curves marked 
“C” are plain carbon steels; the others intermediate 
manganese steels.) 





Fig. 6—Volume of Gas Evolved from Seven Acid Electric 
Steels in Various Times. (All intermediate manganese steels.) 


Table V presents comparisons of the evolved and retained hy- 
drogen in two heats made with electrolytic manganese whose rates 
of gas evolution are described in Figs. 8 and 9. 

Samples were taken at various stages of the melting operation. 
The analyses for retained hydrogen represent the results of com- 
bustions on samples which had been stored long enough to cease los- 
ing hydrogen to the air. 
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We are indebted to G. M. Guiler of the Research Department 
of the National Malleable and Steel Castings Company for these and 
other determinations of hydrogen by combustion which are referred 
to in this paper. The U. S. Bureau of Mines kindly furnished the 
manganese for these experiments. 


Table V 
Evolved and Retained Hydrogen in Steels Made With Electrolytic Manganese 
Fig. see ee RO oO EE 
Evolved He Retained He Evolved Hz Rétained Hz 
Stage of Heat Per Cent Per Cent Per Cent Per Cent 
Before adding pig, ferrosilicon 
and manganese 0.00004 0.00060 0.00003 0.00028 
After additions of pig, ferro- 
silicon and manganese 0.00003 0.00037 
After addition of manganese, 
ferrosilicon and pig iron 0.00016 0.00037 
In ladle in foundry after ladle 
additions of manganese 0.00015 0.00070 
In ladle in foundry 0.00010 0.00070 














0 2s 50 75 100 12s 
Hours 

Fig. 7—Comparison of Volume of Gas Evolved in 

Various Times from a Single Piece and from 10 Pieces 


of Similar Weight. (Circles—single piece; dots—10 
pieces.) 


Table VI 
Hydrogen by Combustion at Various Times After Casting 
Cooling Time after He 
Rate Pouring, Hours Per Cent 
Air-Cooled 6 : 0.0007 
Air-Cooled 86 0.0005 


Sand-Cooled 36 0 00055 
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The hydrogen, by combustion in the second of the heats, i.e., 
made with electrolytic manganese, Fig. 9, determined on samples 
taken from the ladle in fhe foundry, is recorded in Table VI. 

The evolution of gas was, in all other cases, into an atmosphere 
where composition is the average of the evolved gas. To determine 
the effect of the partial pressure of the several constituents, two sam- 
ples of each of two steels were introduced into the usual apparatus 





Fig. 8—Volume of Gas Evolved in Various Times from Sam- 
les Taken at Various Stages of an Acid Electric Heat Using 
lectrolytic Manganese as Ladle Addition. 


a 


———— After Alloy Additions lo 





Fig. 9—Volume of Gas Evolved in Various Times from Samples 
Taken at Various Stages of an Acid Electric Heat Using Electrolytic 
Manganese as a Furnace Addition. 


but to one sample of each steel a drop of water and sufficient oxygen 
to burn any reasonable amount of evolved gas were added. These 
two tubes were sparked at each time after a volume was read off 
with the idea of eliminating at least the CO and H, from the gas in 
the eudiometer. Obviously a correction must be made to all volumes 
of moist gas for the vapor pressure of water at room temperature. 
The data are summarized in Table VII. 
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DISCUSSION OF DATA 





The problem has at least three aspects of some importance. One 
wishes to know something as to the principles of this gas evolution, 
of the composition and amount of gas evolved from various steels, 
and of the degree of completion of the elimination. 











Sm @ 2 sx 
Days 


Fig. 10—-Volume of Gas Evolved in Various Times in Long Holding. 


Table VII 





Effect of Partial Pressure on Gas Evolution 
Gas Evolved into O2 Gas Evolved 
Time Corrected for Vapor 
Hours Total Pressure of H2O No Initial Gas 
Experiment 1 
53 1.1 1.03 0.4 
101 0.2 0.20 0.4 
168 0.3 0.30 0.2 
219 0.1 0.10 0.0 
267 0.0 0.00 0.1 
Total 1.7 1.63 1.1 
Experiment 2 
25 1.8 1.7 0.7 
76 0.5 0.4 0.7 
123 0.2 0.2 0.5 
170 0.2 0.2 0.4 
Total a 2.5 2.3 








With regard to the first of the above subjects, we begin by 
consulting Fig. 2 in order to obtain some idea of the reproducibility 
of results. Although the gas volumes are not reduced to standard 
temperature and pressure, these variables are the same, at any given 
time, for both experiments which were conducted side by side. One 
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notes that the curves suggested by the dots and circles for the two 
supposedly identical experiments seem slightly, but systematically, dif- 
ferent, crossing about midway of their course. The greatest departure 
of either curve from the average (by inspection) is about 0.4 milli- 
liter, which is two times the equivalent of a scale division on the 
measuring tube and four times the amount to which we attempted to 
read volumes (by inspection). The experiment is reproducible to a 


MLIO%.-/Atm) 





Fig. 11—Curves Fitted to Observations of Fig. 3. 


degree such that the readings depart from the average, often by 
amounts explicable by the error of observation, but occasionally de- 
part more than can be so accounted for. For what it may be worth, 
the standard deviation from the trend line (drawn by inspection 
only) is 0.175 milliliter. 

The form of the curve relating the volume of gas evolved with 
time is of interest both for the direct information it gives and as a 
basis for interpreting the mechanism of the process. Fig. 3 records 
the gas evolved from samples from two different heats as a func- 
tion of time. The volumes are reduced to the standard state to ex- 
clude variations due to changes in the ambient conditions. The two 
arrays of points fall as near together as duplicate experiments on the 
same steel would, according to Fig. 2. It, therefore, seems advisable 
to study their meaning in the light of the averages for the two 
experiments. 

In Fig. 11 the average values for each time are shown as open 
circles and a solid line is drawn representing what seemed by inspec- 
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tion to be the best possible fit. It seems scarcely worth while to go 
to elaborate probability calculations in the present state of our knowl- 
edge in this problem and the curve here plotted was then analyzed 
as follows. The curve is evidently of a type which becomes horizon- 
tal at very long time. 

It can be shown that one of the simplest and most probable rela- 
tions representing the points in Fig. 11 is represented by the equation 


In V’ = In (V.’— V) = In V.’ — aT (1) 


where V is the volume of gas evolved in time T; V’ is the amount 
of gas which can be evolved which remains in the steel at time T 
and V,’ is the amount of evolvable gas initially present in the steel. 
The values of V’ and V,’ and a can be simply computed from the 
rates of evolution by methods considered to be too lengthy for inclu- 
sion in this paper. One cannot insist, however, that because this 
equation fits satisfactorily in its present form, or with suitable later 
corrections, the observed array of dots, the underlying chemistry 
(that of the first order reaction) is, therefore, demonstrated to exist. 

The result is the dotted line of Fig. 11 which is in general co- 
incident with the solid lines but diverges upward at the beginning 
and downward at the end. The latter divergence is small and may 
represent an observational errdr. The former is large, representing 
an evolution of an additional 1.15 milliliters of gas, mostly near the 
beginning and nearly all in the first 25 hours. 

The amount of this unaccounted for gas can be treated mathe- 
matically just as the total amount was first treated and a curve best 
relating its volume to time on the assumption that the relation is of 
the form of equation (1) computed. Its locus is shown by the 
dashed line of Fig. 11 beginning at zero time and volume and level- 
ing off near 50 hours. The sum of the two dotted curves is shown 
by the dot and dash lines of the figure and very nearly accounts 
for the observed curve. No further correction has been attempted 
but the form of the solid and dot and dash loci suggest the addition 
of a third term of the same form as the others. It will presently 
be shown that in some instances a single curve of the form of (1) 
may satisfy the observations. 

Fig. 10 includes data on two heats of steel in which the collec- 
tion of gas was continued for 143 days. The slope of the upper 
curve in the range from 14 to 21 days is 0.057 milliliter per day, 
and in the range from 89 to 143 days is 0.0037 milliliter per day. 
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Since the slope of the line is proportional to the evolvable gas re- 
maining in the metal, representing this volume by X, then 


A239 Gis 


X—43~ 00037 24 


X = 4.4 milliliters. That is to say the reaction will stop when a 
total of 4.4 milliliters of gas have evolved. Except insofar as there 
may be slight errors of reading volumes, the evolution should not 
continue visibly after 143 days. At 116 days there then remains 0.1 
milliliter of evolvable gas and at 17.5 days, 1.5 milliliters. The 
logarithm of the. evolvable gas, therefore, decreases at the rate of 
0.01195 per day, which indicates that the logarithmic curve would 
intersect the zero time ordinate at 2 milliliters. This volume would 
be evolved by other mechanisms, probably within the first 20 hours 
or so. 

A similar calculation applying to the lower curve indicates that 
the total evolvable amount of gas would be 2.84 milliliters, leaving 
a very little gas unevolved in 143 hours. The intersection of the 
curve with the zero time ordinate would be about 1.3 milliliters. 

The amount of evolvable gas and the rate of evolution vary 
with the temperature. Fig. 4 is a representation of the volume 
temperature relation for samples of the same steel evolving gas at 
room temperature and at 200 degrees Cent. The volume evolved 
at 200 degrees Cent: has been converted into the volume at room 
temperature (about 300 degrees Kelvin). The points on the “room 
temperature” curve are well represented by the equation 


log (2.06 — V) = log 2.06 — 0.0059 T (log 2.06 = 0.3139) 


This curve fits the observations at 36 hours and 186 hours and 
passes through the origin without further correction. It differs in 
that respect from the conclusions derived from Fig. 2. There are 
too few points on the 200 degree Cent. curve, some erratic points 
being omitted to produce as good a check, but apparently the equa- 
tion 

log (4.5 — V) = log 4.5 — 0.0192 T (log 4.5 = 0.6532) 


can be applied throughout. These equations are equivalent to saying 
that the maximum gas evolvable at room temperature is 2.06 milli- 
liters and at 200 degrees Cent. is 4.5 milliliters. The rate of gas 
evolution at room temperature is 0.01355 V’ milliliter per hour and 
that at 200 degrees Cent. is 0.0442 V’ milliliter per hour where V’ 
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designates the amount of gas as yet unevolved which is equal to 
(2.06 — V) milliliters at room temperature and (4.5 — V) mil- 
liliters at 200 degrees Cent., V being the gas already evolved (meas- 
ured at room temperature). 

The second heat of Table II is that from which Fig. 4 was 
derived. The differences in volume in the table and graph are ac- 
counted for by the fact that in the graph only a correction of the 
200 degree Cent. volume to average room temperature was made, 
whereas in the table the final volumes only were corrected to 760 
minutes and O degrees Cent. Unfortunately the analyses were not 
made, through oversight, but the absence of CO in the comparison 
analyses should be noted. 

The statement that samples which have ceased to evolve gas at 
200 degrees Cent. evolve none on additional holding at room tem- 
perature leaves a possibility that gas may evolve at high tempera- 
ture which cannot be removed at lower. Samples exhausted at room 
temperature do evolve additional gas at 200 degrees Cent. Although 
the tables were prepared mainly as a basis of discussion of chemical 
composition, we point here to the very considerable variations, shown 
in Tables II and III, with regard to the relation of gas evolved at 
room temperature and at 200 degrees Cent. Presumably the total 
gas evolved at 200 degrees Cent. would be that evolved at room 
temperature plus that evolved subsequently at 200 degrees Cent., but 
no positive proof for this assumption was attempted. 

Amplifying the earlier statement that in some cases the entire 
time-volume curve could be represented by a single locus of the 
‘form appropriate to (1) which was already exemplified in the pre- 
ceding discussion of the effect of temperature on gas evolution, we 
may turn to Figs. 8 and 9. Curves of the above form were fitted 
to certain observations there recorded at two points on the assump- 
tion that: 


= Vv’ ¥e=-¥ 
— ——-=aV’=a(V,'— 
AT ( ) 


ry 
j 


Choosing two points, two pairs of values of A and V can be ob- 


AT 
tained and the values of a and V’ calculated. The values so calcu- 
lated in each case lead to the result that (V,.’ — V) — V,’ when 
T = 0; hence the curves pass through the origin. The values of 
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V.’ (the evolvable gas) and a for certain of the curves in Fig. 9 
are assembled in Table VIII. 


Table Vill 
Values of Constants in Equation In (Vo’ — V) = In Vo’ — aT. 
Additions of Manganese Furnace Ladle 
Stage of Heat Vo’ a Vo’ a 
Before Mn addition 0.80 0.015 1.19 0.0052 
After Mn addition 3.32 0.012 
In Foundry 1.93 0.018 3.07 0.017 


The points chosen for fitting were in each case near the upper 
and lower ends of the curves and it will be observed that the values 
of V,’ are near the final values plotted, when equilibrium was 
thought to be attained. 

Four of the five values of a are very similat, suggesting a 
general rule, but the fifth is very different. This is not an effect of 
temperature for all the experiments were conducted side by side. 

There is other evidence that no single value of a has entirely 
general significance. In Figs. 5 and 6 some of the lines cross and 
others would cross if sufficiently extended, which argues a variation 
in a or else the need of including one or two correcting terms as 
shown, when beginning the discussion of data. 

The data summarized in Table VII were obtained in order to 
learn whether the evolution of gas was influenced by the partial 
pressure of the constituents of the evolved mixture in the atmos- 
phere. It is quite plain that both samples initially evolved gas much 
more rapidly into an atmosphere consisting largely of O, and H,O 
than into an atmosphere of their own composition. One sample 
evolved 0.5 milliliter and the other 0.2 milliliter more gas into an 
atmosphere low in its own constituents than into one of its own 
composition. Apparently the ambient atmosphere affects both the 
rate of evolution and the amount. The initial rate of evolution is 
accelerated much more in proportion to the amount of gas which 
can evolve. 

From Fig. 7 one sees that the gas is evolved from a single 
piece a very little faster (considerably faster at the beginning) than 
from several pieces of the same weight. The specimens in the fig- 
ure consisted in one case of ten pieces, 0.495 inch in diameter and 
3.56 inches long in the aggregate, and in the other of a single speci- 
men of the same diameter and 3.25 inches long. The single piece 
weighed 88.85 grams; tie several pieces 96.99 grams. The areas 
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were thus 5.44 square inches and 9.43 square inches respectively, 
or in the ratio of 1.73 to 1. This ratio is not as great as might be 
desired but is limited by consideration of the time and temperature 
involved in reducing the samples to smaller sizes. Any interpreta- 
tion which can be made does not support any large effect of the ratio 
of surface to volume on the rate of gas evolution. 

The problem of the relation of the composition and volume of 
the evolved gases at first seems exceedingly confusing on reading 
the first four tables. Some clarification may be obtained from Fig. 
12 plotted from Table IV. Here, gas volumes (corrected to stand- 
ard conditions) are abscissae and volume per cent H, in the gas and 
calculated equivalent per cent of N, and H, in the iron are the 
ordinate. The volume per cent of the H, rises with the amount of 
evolvable gas. The relation shown by the dotted line is that the 
product of evolvable gas by the difference between 100 per cent and 
the per cent of H, is 60. The relation is purely empirical but seems 
to fit the facts. The equivalent per cent of H., by weight evolvable 
from the steel, is then the product of the evolvable volume times 
the concentration of H, calculated as above and the weight of 1 
milliliter of H,, all divided by the weight of sample (about 100 
grams). This relation, shown by the solid line at the bottom of the 
figure, fits the observations well except for one point. The nitrogen 
weight per cent is entirely erratic. 

Table IV does not permit of reliable conclusions as to any 
systematic changes in volume or composition of the evolved gas 
from samples taken at various stages of the heat. The least amount 
of gas is usually evolved from steel taken just after the boil. Addi- 
tions often increase the evolution, and in standing in the ladle the 
steel may gain or lose evolvable gas. 

Table II gives at least some support for the assumption that 
as the temperature of evolution is increased the H, concentration in 
the gas rises. In Table III, however, the gas evolved at 200 degrees 
Cent. is consistently lower in hydrogen than that which had escaped, 
to equilibrium, at room temperature. It is our belief that any con- 
clusions as to gas composition should be deferred until micro meth- 
ods for gas analysis are perfected. The degree of reproducibility of 
analyses may be judged to some extent from the analyses of the gas 
evolved from one and several pieces, just described. Presumably 
these should be identical. Actually H, was 73 and 75 per cent; 
CO, 19 and 19 per cent; N,, 18 and 16 per cent. 
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Table V furnishes ample evidence that the amount of evolvable 
gas is but a rather small fraction of that recoverable by combustion, 
a matter further supported by Table VI. The H, lost in the inter- 
val between 6 and 82 hours after pouring is here shown to be 0.0002 
percent. The graph in Fig. 8 for the metal as it reached the foundry 
in the crane ladle shows an evolution of 1.35 — 0.25 milliliter in this 


WT % Of Metal x/0* 





0 / 2 3 4 
ML(O%C:-1Atm) 
Fig. 12—Relation of Amounts of 


Various Gases Evolved from Steel at 
Completion of the Process. 


time interval. This amounts to a loss of about 0.00008 per cent by 
weight of H, from the metal, which is probably as good:an agree- 
ment as might be expected. 

As indicative of certain relations applicable particularly to steel 
to which no material rich in hydrogen was added, one may select, 
from data obtained by G. M. Guiler in another research, the results 
of combustion hydrogen and wet method nitrogen determinations in 
a typical group of 12 Sharon electric furnace steels. Their average 
hydrogen was 0.00022 per cent, standard deviation 0.00005 per cent ; 
average nitrogen 0.0050 per cent and standard deviation 0.0012 per 
cent. The correlation coefficient of the two concentrations was 
—0.20, which is not statistically significant, being less than its own 
standard error. The ratio of the average hydrogen and nitrogen 
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concentrations is about 0.04. The average volume composition of 
gas evolved from steel at tap and later for the six heats in Table IV 
is 66.2 per cent hydrogen and 19.1 per cent nitrogen. This is a 
weight ratio of H, to N, of nearly 0.24. The evolved gas is obvi- 
ously relatively much poorer in N, as compared with H, than is the 
parent metal. 


INTERPRETATION OF RESULTS 


The recorded data have a certain value merely as a factual 
record. They would be more valuable if, from them, definite prin- 
ciples could be deduced. Unfortunately there remain many contra- 
dictions. The line correlating hydrogen concentration with total 
volume of evolved gas in Fig. 12 is precisely that to be expected 
if all steels evolved 0.6 milliliter of gas other than hydrogen from 
a sample of the size here used and differed among themselves only 
in the evolvable hydrogen. This was not realized when the curve 
was plotted but caused its retention even though one with a sharper 
knee might by inspection have fitted the points somewhat better. An 
interpretation is that such steels as are here considered differ very 
much more in the amount of evolvable hydrogen than in the amount 
of other evolvable gases. 

The observations that the time-volume relation can be repre- 
sented by one or the sum of several logarithmic curves suggests 
that we are confronted with several gases all evolving at different 
rates and in different amounts. 

The form of this equation is that of a first order or mono- 
molecular reaction characterized by the dissociation of a molecule 
into its constituent. If the locus is to be explained in this way then 
there must be an assumption that diffusion of the dissociation prod- 
ucts is so rapid as not to retard the reactions. Rapid diffusion of 
molecular nitrogen or CO seems a doubtful assumption and even 
the rapid diffusion of atomic nitrogen is not too probable. The chem- 
ical reactions, if they exist, are slow, so that the assumption of a 
“high” diffusion rate may be less improbable than one assumes at 
first glance. 

No relation of evolvable to retained H, is apparent. 

The same quantitative relation of time and volume would result 
from the evolution of a gas from the surface of any body at a rate 
proportional to the concentration in the metal of the evolving gas. 
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Here we must assume a constant concentration of the evolving sub- 
stance throughout the metal section and a diffusion rate rapid enough 
to produce only insignificant retardation is again required. 

The fact that gas evolution was not accelerated by increasing 
the surface of the specimen speaks against the latter explanation but 
would have been more convincing had we been able to increase the 
surface much more greatly. 

As has already been emphasized, the fact that a series of ob- 
servations fall in a relation characteristic of a particular mechanism, 
here a “first order” reaction, does not prove that the assumption of 
that mechanism is justified. The solution of the equations for the 
rate of diffusion of a substance from an indefinitely long rod origi- 
nally of uniform concentration in the diffusing substance whose sur- 
face is maintained at a constant and lower concentration presents 
considerable difficulties. 

An approximate graphic solution by the so-called “Schmidt” 
analysis is easy and has been worked out by one of the authors in 
the present connection. The results are also indistinguishable from 
those predicted from the theory of a monomolecular reaction, thus 
permitting an explanation based on diffusion alone. 

The acceleration of the gas evolution accompanying a reduction 
in the partial pressure of the evolved gas in the atmosphere might 
be consistent with the chemical monomolecular reaction if the fugac- 
ity of the evolving gas be very small or with the idea of a surface 
phenomenon because of an increased activity gradient. 

A single pair of observations at 27 and 200 degrees Cent., even 
though typical of several others, is no basis at all for deciding upon 
the thermal coefficient of the process. One may, however, carry 
through a pilot calculation based on the well known equation: 


moe ee 
k R \T, T: 


In our single experiment this becomes 


0.01355 Q ( Po4 ) 
In nn 
0.0442 1.98 \ 473 300 





whence Q = 233 cal/gm-molecule (about). 

This is a very small number indeed to be the heat of formation of 
any chemical compound. It is more likely to be a heat of solution 
or of activation. 
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The fact that the amount of gas which can be evolved increases 
with the temperature suggests a matter of solubility rather than the 
presence of a compound. The absence of an increase in rate of 
evolution when the surface is increased, which was confirmed by 
other experiments than that whose results are reported, speaks in 
favor of a chemical explanation and against an interpretation involv- 
ing diffusion rate or a surface condition unless the latter pertains to 
an original cast surface and not a total surface. 

Since the gas evolvable at room temperature is but a minor frac- 
tion of the corresponding elements present, at least for H, and N,, 
there should be a considerable solubility of these elements near room 
temperature. Such an explanation would require that the H, or N, 
content of all steel should be nearly constant after sufficient aging, 
except to the extent that changes of composition modify solubility. 
There are, however, difficulties in the concept of hydrogen as such 
being retained in solution in equilibrium with air in which hydrogen 
exists only as water vapor. 


CONCLUSIONS 


Although our experimentation does not yet permit setting up 
any well supported theory as to how the elements evolving from 
metal as gases exist in the parent alloy, we can come to certain con- 
crete practical conclusions, as follows: 

1. All steels evolve mixtures of CO, N,, and H, on standing 
at room temperature. 

2. The rate of evolution is increased by decreasing the partial 
pressure of the evolved gases in the surrounding atmosphere. 

3. The rate and amount of evolution increase with tempera- 
ture, for a given steel. 

4. Neither the rate nor the amount increases with small in- 
creases of the ratio of surface to volume. 

5. The sum of CO and N, evolvable from different steels is 
somewhat constant but the evolvable H, varies considerably. 

6. The relation of volume of gas evolved to time can be ex- 
pressed as the sum of one or more equations of the form: 

V..-—-V 


log —————- = — aT 
V 


where V,’ is the volume of evolvable gas, and V the volume evolved 
in time T. Alpha is a constant which varies with temperature and 
sometimes with the particular steels. 
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All conclusions are limited to evolution at or near room temper- 
atures and to acid electric furnace steels of the intermediate man- 


ganese type. 

We have tentatively adopted the theory «hat the gas evolution 
is best interpreted as a diffusion phenomenon and are not satisfied 
to accept the proportion of the total gas evolving at room tempera- 
ture as sufficient explanation for significant differences in. properties. 
Attention is directed to two papers published by the British Iron 
and Steel Institute since this paper was written: “A Preliminary 
Investigation of the Constitution of Mild Steel Arc-Weld Depos- 
its,” by H. A. Sloman, T. E. Rooney and T. H. Scofield and “The 
Relation Between the Hydrogen Content of Weld Metal and Its 
Oxygen Content,” by L. Reeve. Both are preprints, July, 1945. 


DISCUSSION 


Written Discussion: By H. A. Sloman, National Physical Laboratory, 
Teddington, England. 

Having been engaged for a long time on research connected with the effect 
and determination of gases in metals, I have read this paper with very great 
interest and am very glad of the opportunity to make a small contribution to 
the discussion. 

The effect of hydrogen on the properties of metals, both ferrous and non- 
ferrous, has been increasingly recognized of recent years. Particular attention 
has been paid to its effect on steel and in Britain as well as in other countries 
much work has been done on the development of methods for determining the 
amounts of hydrogen which are present in both liquid and solid steel at various 
stages of its life history. It is now accepted that this gas is continuously evolved 
from steel from the moment of tapping the furnace, and the quantities present 
during and immediately after casting are probahly of much greater significance 
than are, those which remain after prolonged aging at room temperature. The 
present paper, which deals with the amounts of hydrogen in steel immediately 
after casting, is thus most welcome. 

Considering the simplicity of the apparatus employed, the results shown in 
Fig. 2, which may presumably be taken as indicative of the degree of reproduci- 
bility normally obtained from duplicate samples, are extremely encouraging. As 
the authors point out, however, the use of simple apparatus and relatively small 
specimens restricts the accuracy of the measurements of volumes of gas evolved 
and determinations of its composition. In the present work the analysis of the 
gas samples appears to be considerably less reliable than does the measurement 
of total volume. For work of a similar nature in the laboratory, I have always 
used larger samples—500 to 600 grams—as compared with the present weight of 


about 100 grams, and have allowed the gas to be evolved into a continuously 


evacuated system. If no errors .are introduced, the collection of the gas over 
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mercury obviously has many advantages, particularly where a high degree of 
accuracy is not required. Such errors could perhaps arise as a result of evolution 
of gas from the mercury itself or from the fact that the gas is evolved into an 
atmosphere of approximately the same composition as the extracted gas itself. 
The authors have been aware, particularly of the latter possible source of error, 
since they carried out experiments designed to examine the effect. Unfortunately, 
the results of their experiments described on page 318 and summarized in Table 
VII are not conclusive, since in one case an appreciable difference was found 
between the amounts of gas evolved under two different sets of conditions, 
while in the other, the difference was negligible. Any further information which 
the authors may have would be most acceptable. 

Turning now to a consideration of the composition of the gas evolved at 
room temperature (or at 200 degrees Cent.), I cannot avoid expressing some 
doubt about the relatively large percentages of carbon monoxide and nitrogen 
reported. These results are quite contrary to my experience with many types of 
ferrous materials examined at various temperatures. For example, in the 2nd 
Report of the Oxygen Sub-Committee,* I put forward a method for the determina- 
tion of hydrogen in steel, which has become generally known in Britain as the 
Vacuum Heating Method, and which consists essentially of holding a steel speci- 
men in a high vacuum (10-5 mm. mercury) at 600 to 700 degrees Cent. (1110 to 
1290 degrees Fahr.), and arranging for the collection and analysis of the gas 
evolved. This method gives the total hydrogen in the specimen, and analyses of 
the evolved gas from a very large number of specimens of many types of ferrous 
materials, both at the National Physical Laboratory and elsewhere, have shown 
that the hydrogen never contains more than traces of other gases except occa- 
sionally water vapor. This occurs only in cases of specimens containing a large 
amount of reducible oxide and is probably formed by a reaction with hydrogen on 
or very near the surface of the specimen. Similarly, in an investigation into the 
causes of porosity in certain samples of high silicon (14 to 16 per cent iron), the 
results of which are to be published shortly, fairly conclusive evidence was 
obtained that the cavities in the metal contained hydrogen and carbon monoxide 
in appreciable quantity, together probably with some nitrogen, yet determinations 
of hydrogen by the vacuum heating method at 650 degrees Cent. (1200 degrees 
Fahr.) did not result in any simultaneous evolution of carbon monoxide and 
nitrogen. If, therefore, these gases are not extracted in a high vacuum at 600 to 
700 degrees Cent. (1110 to 1290 degrees Fahr.), the present results at room 
temperature appear the more strange. In a recent publication by my colleagues 
and myself,* to which the authors have drawn attention in the present paper, the 
evolution of gas from mild steel weld deposits at room temperature was studied 
and again this gas was found to consist of hydrogen with traces only of other 
constituents. 

In one of their conclusions the authors remark that while the hydrogen 
evolved from different steels varied considerably, the amounts of carbon monoxide 
and nitrogen tended to be constant. This constancy is surely somewhat unexpected 


°H. A. Sloman, 8th Report of the Heterogeneity of Steel Ingots Committee, Iron and 
Steel Institute Special Report No. 25, 1939, p. 50. 


‘H. A. Sloman, T. E. Rooney and T. H. Schofield, “A Preliminary Investigation of 
the Constitution of Mild Steel Arc Weld Deposits,” Iron and Steel Institute, Advance 
Copy—July 1945, 
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and one is immediately led to inquire whether these gases did not arise from some 
extraneous source which, under the more or less standard conditions employed 
throughout the investigation, gave rise to a constant error. On theoretical 
grounds it is very difficult to see how a large molecule like that of carbon mon- 
oxide can diffuse through the iron lattice, and at room temperature any surface 
reaction between carbon and oxide to give carbon monoxide appears most im- 
probable. In the case of nitrogen, it is generally accepted that this element exists 
in steel as a nitride and even if it is postulated that a small proportion is present 
as ionic nitrogen, the rate of diffusion of this gas in the ionic condition through 
iron at room temperature is very slow—some investigators go so far as to main- 
tain that the rate is, in fact, negligible. Ionic hydrogen on the other hand can 
and does diffuse through iron quite rapidly even at room temperature. 

I am particularly interested in the authors’ findings with regard to the total 
volume of hydrogen evolved at room temperature compared with the amount 
which can be extracted at about 200 degrees Cent. (390 degrees Fahr.). Although 
I have never conducted experiments at this latter: temperature, results obtained at 
400 degrees Cent. (750 degrees Fahr.) compared with those at room tempera- 
ture led me to the view that as the temperature at which extraction is conducted 
is increased, so is a larger proportion of the total contained hydrogen evolved, 
until at 500 to 600 degrees Cent. (930 to 1110 degrees Fahr.) the whole of the 
hydrogen within the specimen can be extracted. The present results have given 
direct confirmation of this view. In this connection there is one point upon 
which I should be glad to have further information. It is not clear from Fig. 1, 
or from the text, what modifications were made to the apparatus to enable the 
specimens to be held at 200 degrees Cent. (390 degrees Fahr.), nor is it stated 
how closely this temperature was maintained. 

The results given in Table IV refer to hydrogen (and other gases) evolved 
in the cold from samples taken at different stages of a steel heat, six separate 
heats being examined. Are these six different heats of steel of the same com- 
position or do they represent different steels? Also, have the authors any figures 
for the retained hydrogen on some or all of these particular samples? A com- 
parison between the proportions retained and those evolved might prove very 
informative. In this connection it is noted that comparative results for two other 
steels are given in Table V. At each of the stages examined of the heats, the 
retained hydrogen was considerably higher than the amount evolved in the cold. 
Ratios as high as 15 to 1 were obtained in some cases. This effect might be 
expected from samples taken at any time prior to the final stage of a heat, since 
such samples, representing, as they do, steel which has not received the complete 
deoxidizing and finishing treatment, tend to be porous and can, therefore, retain 
large amounts of hydrogen trapped in cavities. The finished steel, however, is 
usually completely sound and free from porosity. It should, therefore, not be 
capable of retaining appreciably more hydrogen than corresponds to the solubility 
limit at room temperature. After sufficiently long aging at room temperature this 
is usually found to be the case. The retained hydrogen measured at increasing 


times after casting falls to a more or less constant value of about 1 milliliter per 


100 grams which persists indefinitely in ferritic steels. In the case of austenitic 
steels, where the solid solubility of hydrogen is greater, the amount permanently 
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retained is correspondingly greater. It is for this reason that results for residual 
hydrogen on the samples in Table IV, particularly those representing the 
finished steel, would be valuable. 

On page 311, the authors mention determinations of hydrogen by a combus- 
tion method. Is this one of the well-known methods such, for example, as the 
vacuum fusion'method or the vacuum heating method referred to above? If not, 
details of the method or a reference to published work thereon would be appre- 
ciated. 

In conclusion, I should like to congratulate the authors on a very useful 
contribution to our knowledge of the behavior of gases in steel and to express the 
hope that they will continue to interest themselves in this very important field. 

Written Discussion: By Michael B. Bever, assistant professor, and Carl 
F. Floe, associate professor, Department of Metallurgy, Massachusetts Institute 
of Technology, Cambridge, Mass. 

The subject of gas occlusion and evolution is an important metallurgical 
topic. However, before many aspects of the role played by gases in metallurgy 
can be understood, additional laboratory and plant data will be needed. 

The gas content of the samples used by the authors of this paper was affected 
by so many factors as to make their results not truly comparable. Some of these 
factors are considered in the paper, such as differences in the gas content at 
different stages of the heat (Tables IV and V) and the effect of cooling condi- 
tions (Table I). However, variations may also have been caused by accidental 
differences in sampling procedure and in the process of solidification. In fact, it 
is not improbable that different sections taken from the same sample varied in 
gas content. The two pieces of steel referred to as identical in Fig. 2 may have 
contained different amounts of gases, or the kinds of gases present or mode of 
their occurrence may have differed. 

All of these differences must have introduced concealed variables into the 
attempted correlations. For instance, the lack of positive correlation of gas 
evolution with surface area (Fig. 7) can be explained by the fact that the sam- 
ples may not have contained the same amount of gas, although the authors state 
that other experiments not reported confirm the lack of correlation. 

Most studies of the behavior of gases in metals are best carried out in vacuum 
equipment which permits a much higher degree of accuracy than is possible with 
small amounts of gas at atmospheric pressure. The authors state that in their 
procedure the specimens were kept completely immersed in mercury. This intro- 
duced such special and unfavorable conditions for the evolution of gas as to 
reduce the value of the results obtained. The presence of mercury required bubble 
formation instead of the desorption which is characteristic of ordinary evolution 
from a solid into a vacuum or the atmosphere. This may have conferred an im- 
portance to the condition of the surface of the samples which is out of proportion 
to the effects of surface in ordinary desorption. In any event; the presence of 
mercury must have tended to reduce the rate of gas evolution. 

The authors found that the rate of evolution increases as the partial pressures 
of the evolved gases are reduced. Unless the description of their experimental 
procedure is misunderstood, it would seem that a sample which is immersed under 
mercury and the bubbles forming along its surface cannot be affected by condi- 
tions prevailing in another part of the system. 
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The acceleration of the gas evolution with temperature agrees with a general 
principle of kinetics. Objections must be raised to the statement of the authors 
that “the fact that the amount of gas which can be evolved increases with 
the temperature suggests a matter of solubility . . .” Solubility data for iron 
indicate that except for nitrogen in gamma iron an increase in temperature causes 
an increase in the solubility of nitrogen and hydrogen in all allotropic modifications 
of solid iron as well as in liquid iron. The presence of moderate amounts of such 
elements as manganese or carbon does not appreciably affect the solubility of 
these gases in liquid iron and probably causes no fundamental change in their 
solubility pattern in solid iron. 

The reluctance of the authors to rely on their analyses of the evolved gases 
is probably well advised, although the example cited at the bottom of page 325 
actually shows very good reproducibility. Granting the accuracy of the analyses 
it is doubtful whether the comparison of the hydrogen-nitrogen ratio in the gases 
evolved in the present investigation with the ratio for the solid samples made 
under different conditions is justified. In fact, a qualitative conclusion which 
would be expected from general principles and is supported by the cumulative 
evidence of this paper is that hydrogen evolves faster than the other gases 
present in steel. 

The authors recognize that their results comprise contradictions and cannot 
be explained by a consistent theory. For instance, they discount the value of 
the heat effect calculated and suggest that it may be a heat of solution or activa- 
tion. However, the heat of lattice diffusion of gases in metals is usually greater 
by a hundredfold than the values found by them. Evidently the mechanism of gas 
evolution from steel is too complex for any simple analysis and more data are 
needed before the true nature of gas occlusion and evolution can be determined. 
This will require particularly an evaluation of the relative importance of lattice 
and rift occlusion and of the effects of structural features on diffusion. 


Oral Discussion 


R. E. Cramer:® This subject of hydrogen in steel has, of course, been 
studied for a number of years afd we have been interested in it due to the 
formation of shatter cracks in railroad rails and it has been proved very definitely 
that if you do introduce hydrogen into steel and roll it into rails, those rails will 
crack upon cooling normally in air, but if the rails are cooled slowly in a box 
the cracks do not occur. I am wondering whether the authors have ever observed 


cracks in castings, materials that are not rolled but may contain a large amount 
of hydrogen. 


Authors’ Reply 


We are indebted to Professors Bever and Floe for calling attention to an 
error of interpretation in connection with the effect of the partial pressure of 
the evolved gases on the evolution rate. After reading their discussion it is quite 
evident that our results cast no light upon this subject. 

These discussers have made a number of comments as to what may have 


5Special research associate professor of engineering materials, University of Illinois, 
Urbana, Ill. ‘ 
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happened. For example, they feel that the two specimens represented by Fig. 2 
may have contained different amounts of gas. It would seem that they are, in 
many of these cases, ignoring the experimental evidence. The degree by which the 
two samples differed is evident from Fig. 2 and these differences approach the 
precision with which readings can be made. The assumption that they may have 
been materially different seems to be pure speculation. Nor can we follow their 
reasoning when they suggest that in connection with the experiments on the 
effect of surface area the difference might be due to inherent differences in the 
quality of the steel, even though our paper reports that these results were con- 
firmed by other observations. It would seem that Professors Bever and Floe wish 
to substitute their own interpretation for our observations. 

It may be that the presence of mercury must tend to reduce the rate of gas 
evolution. We, ourselves, would object to the word “must” for we know no rea- 
son why this must be so, but cannot prove that it may not be so. 

Our critics seem also to have been under a misapprehension when they raise 
objections to the statement that if the amount of gas evolved varies with the tem- 
perature, a matter of solubility is suggested. We are quite familiar with the work 
of Sieverts and others showing that hydrogen, for example, is more soluble at 
high temperature than at low. We do not say that the explanation could be 
found in the facts known about solubility but it is not very clear to us in what 
form hydrogen can be held in the metal in an amount varying with temperature 
unless some solubility phenomenon is involved. We are quite familiar with some 
of the high vacuum, high temperature methods for extracting hydrogen. It is an 
admirable method if one wishes to approach the total hydrogen content of a 
specimen. The extremely elaborate and extensive equipment involved makes it 
quite prohibitive for an investigation at room temperature over a considerable 
time period, which is the problem in which we were interested. Incidentally, 
despite the theoretical advantages of the high vacuum method, the technique is 
not so simple but that errors can be encountered by this method also. 

Replying to Dr. Sloman’s inquiry, the 200 degree Cent. (390 degree Fahr.) 
temperature is approximate only. It is certainly right within about 10 degrees and 
probably closer. It was found that heating the mercury on a hot plate and 
reasonably shielding the tubes from air currents produced a constant tempera- 
ture in the ambient air near the top of the gas tubes within about this tempera- 
ture range. This result is, no doubt, in large part due to the high thermal con- 
ductivity of the metal bath. 

We are not unmindful of the unlikelihood of the migration of carbon mon- 
oxide in iron and are familiar with the usually accepted explanation that when 
CO is found in the gases removed by a high vacuum at high temperature, this gas 
has resulted from the chemical reaction of the carbon of the steel and its oxygen, 
the latter in the form of an oxide film. We assume that such a reaction is im- 
possible at room temperature. It is not at all impossible that the carbon monoxide, 
and perhaps the nitrogen, is in some way adsorbed on the surface of the metal. 
We get a somewhat constant amount and our samples have a somewhat constant 
aréa except in one series of experiments. In that series the area of the original 
“as-cast” surface is still constant. We have found nitrogen and carbon monoxide 
so regularly that we feel constrained to report these results even though we are 
unable to furnish an explanation of the mechanism by which these gases leave 
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the iron. It may be pointed out that our analytical procedure assumes that there 
are no hydrocarbons. The same observational results could have been had if there 
were, for example, methane instead of carbon monoxide. As we understand the 
subject, the presence of hydrocarbon would be even more unlikely than the 
presence of carbon monoxide, and the migration of the methane molecule is no 
more plausible than that of carbon monoxide molecule. 

Considerable refinements have been made since the paper was written and 
it is hoped that the new apparatus which is to be used in the investigation of 
the effect of heat treatment on the evolvable gases will permit of more precise 
measurements. The principle will remain the same but the apparatus has been so 
modified as to permit much greater precision in measuring gas volumes and in 
analyzing the evolvable gases. 

Replying to Professor Cramer’s inquiry, it may be said that fissures are 
found in cast steel objects which are at least supposed to represent the effect of 
hydrogen. They are bright areas not so different in texture from the shatter 
cracks in rolled products, but generally much smaller. Usually, but not always, 
these areas have at their center a small blowhole or a small slag inclusion. They 
are sometimes referred to as “bird’s eyes” or “fish eyes”. It has so far, in the 
authors’ experience, been impossible to correlate closely the existence of these 
faults with hydrogen content, a difficulty which we believe has been experienced 
also by those dealing with rolled products. Very possibly the reason is twofold. 
First, the hydrogen observed in a defective steel may not be the original hydro- 
gen which caused the damage, and second, the distribution of the hydrogen may 
be more important than its total amount. The existence of such faults and the 
possible existence of stresses due to hydrogen, even when no mechanical fault is 
produced, are among the phenomena which motivated the present investigation. 








CRITICAL POINTS OF S.A.E. 4340 STEEL AS DETER- 
MINED BY THE DILATOMETRIC METHOD 


By D. NIcoNoFF 


Abstract 


As determined by the dilatometric method, the posi- 
tion of the critical points observed on heating S.A.E. 4340 
steel depends upon the prior structure of the steel as well 
as upon the heating rate employed. The corresponding 
critical temperatures obtained on cooling are affected by 
the time and temperature of soaking preceding the cooling 


operation, but even more so by the variation in cooling 
rates. 


ECAUSE the concept of the critical points of metals originated 

in the days of constitutional diagrams, there was a tendency on 

the part of metallurgists to consider these values from the static view- 

point. Every steel was expected to have a very definite if not con- 

stant set of the Ac and Ar temperatures at which the allotropic trans- 

formation occurred, and the fact that these temperatures, particularly 

the ones obtained on cooling, weré appreciably affected by the rates of 
temperature change, was not sufficiently emphasized. 

After publication of the epoch-making work of Bain and Daven- 
port (1),? the concept of critical temperatures acquired a somewhat 
more dynamic aspect. However, the fact that isothermal conditions 
are seldom encountered in the usual heat treating practice prevented 
direct use of the S-curve data for precise determination of the critical 
points. 

It was left to Grange and Kiefer (2) to correlate the mechanics 
of transformation of austenite at constant temperatures with that 
occurring under conditions of continuous cooling, and also to develop 
a method for calculating the data for continuous cooling from the 
conventional S-curves. But for one who wants to know the critical 
points of S.A.E. 4340 steel and who has neither time nor inclination 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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to learn the use of this ingenious method for their calculation, it 
would be necessary to resort to the following data given in the 
A.S.M. Handbook (3) for conditions of slow cooling: 


Ac: Acs Ars Ar: 
1350° Fahr. 1425° Fahr. 1220° Fahr. 725° Fahr. 


These data were obtained by the quenching cycle method. 

It was with the object of determining the effect of variation in 
rates of temperature change as well as of some other less evident 
factors that this investigation was undertaken. The dilatometric 
method was employed here exclusively instead of the metallographic 
methods which are commonly used in this type of work. 

The material used in this investigation was a hot-rolled 1-inch 
round of S.A.E. 4340 steel of the following analysis: 


» Mn P S Si Ni Cr Mo 
0.382 0.65 0.019 0.019 0.22 1.79 0.79 0.26 


The austenitic grain size of this material, as revealed by the Mc- 
Quaid-Ehn test, was 7-6 on the A.S.T.M. scale. The bar was cut and 
machined into a number of 34-inch round by 3-inch specimens having 
a %-inch hole drilled longitudinally to a depth of 1% inch for in- 
sertion of the hot junction of the thermocouple. 

The specimens were chromium plated electrolytically to prevent 
their scaling during subsequent heating to elevated temperatures. 
After plating, they were uniformly subjected to a preliminary nor- 
malizing treatment consisting of heating to 1600 degrees Fahr. (870 
degrees Cent.) for 1 hour and air cooling. On heating, the specimens 
became coated with a tightly adhering green layer of chromium oxide 
which prevented them from further oxidation and scaling under con- 
ditions of temperature and time involved in these tests. 

The dilatometer consisted of an electric furnace of the resistor 
type having a heating chamber 3 inches in diameter and 12 inches 
long. The furnace was split in halves and hinged so as to permit its 
opening and closing about the vertical axis. 

The specimen was supported in the middle of the furnace by a 
thin disk of austenitic steel resting upon the upper end of a 1%-inch 
O.D. fused quartz tube, which entered the furnace axially from be- 
low. A chromel-alumel thermocouple extended through the quartz 
tube and disk into the specimen. The true temperature of the latter, 
measured by the thermocouple, was indicated by Micromax recording 
potentiometer. 
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The rate of temperature change within the furnace was regu- 
lated by an L and N program control unit having the range from 1 to 
400 degrees Fahr. (0.6 to 220 degrees Cent.) per hour. A second 
chromel-alumel thermocouple was provided for operation of the pro- 
gram control. By placing the hot junction of this thermocouple near 
the heating element of the furnace, the temperature oscillation within 
the specimen could be kept at a minimum during both heating and 
cooling. 

The thermal dilation of a specimen along its longitudinal axis 
was transmitted by means of a 54-inch O.D. fused quartz tubing to 
a Federal gage calibrated in 0.0001 inch. The tube was sealed and 
rounded off at the lower end resting upon the specimen, while its 
opposite end was fitted with a steel sleeve having a 34-inch screw 
passing longitudinally through the top. By turning this screw, the 
overall length of the transmission member could be adjusted so as to 
permit engaging or disengaging of the gage. To overcome sluggish- 
ness and sticking of the gage in case of minute differences between 
the adjacent readings, an electrically operated “buzzer’’ was mounted 
upon the back of the gage. It was turned on for a brief period of 
time shortly before taking gage readings. 

The readings were taken manually in case of short duration 
tests, but when the testing extended over considerable time, the re- 
sults were recorded photographically by means of a 16-mm. movie 
camera. By providing the Micromax potentiometer with a series of 
contacts operating through an electronic relay, single frame exposures 
could be made either every 10 degrees Fahr. (5.6 degrees Cent.) of 
temperature change within the specimen in case of tests conducted 
under conditions of varying temperature, or every 15 minutes when 
isothermal studies were involved. 

By frequent checking of the control and the recording Micro- 
max units against each other and also against a portable potenti- 
ometer, the accuracy of temperature measurements was kept within 
5 degrees Fahr. (2.8 degrees Cent.). : 

The dilatometer was operated by setting the specimen upon the 
quartz stool, placing the transmission rod upon the specimen and ad- 
justing it to bring in contact with the gage. Then the hinged halves 
of the furnace were closed, care being taken that the transmission rod 
did not rub against the sides of the furnace. 

When the Ac, and Ac, points were to be determined, the pro- 
gram control was set upon the desired rate of heating, and the tem- 
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perature and gage readings were recorded every 10 degrees Fahr. 
(5.6 degrees Cent.) of temperature rise, until the upper critical point 
was reached and exceeded by about 150 degrees Fahr. (83 degrees 
Cent.). 

If the Ar critical points were sought, the specimen was heated 
rapidly to 1550 degrees Fahr. (840 degrees Cent.) and soaked at this 
temperature for 30 minutes to promote dissolution of carbides. Then 
it was furnace-cooled to 1400 degrees Fahr. (760 degrees Cent.) 
which corresponds to the Ac, point obtained under conditions of slow 
heating. Only below this temperature the controlled cooling was 
applied. This was done largely to save time in case of tests which 
called for cooling at very slow rates. The cooling was continued 
until the sample was completely transformed. 

To ascertain the effect of variation in heating rate upon the po- 
sition of Ac, and Ac, critical points, six specimens were heated at 
constant rates varying from 10 to 400 degrees Fahr. (5.6 to 222 de- 
grees Cent.) per hour, and one specimen was also heated at the maxi- 
mum rate attainable with the furnace. Under the latter conditions 
the rate of heating was variable, changing from 6540 degrees Fahr. 
(3630 degrees Cent.) per hour or 109 degrees Fahr. (60 degrees 
Cent.) per minute through the 600 degree Fahr. (315 degree Cent.) 
range, to 3250 degrees Fahr. (1800 degrees Cent.) per hour or 54 
degrees Fahr. (30 degrees Cent.) per minute when the steel was 
heated through the 1300 degree Fahr. (704 degree Cent.) range. 

As the results listed in Table I indicate, accelerated heating 
caused first a gradual increase in the Ac, temperature ; but with fur- 


~-——_— 





Table | 
Effect of Variation in Rate of Heating Upon the Position of Ac, and Ac, Critical Points 
of S.A.E. 4340 Steel 


Critical Points, Degrees Fahr. 


Heating Rate, Degrees Fahr. Per Hour Ac; Cs 
10 1300 1410 

50 1325 1430 

100 1340 1435 

200 1345 1430 

300 1340 1425 

400 1340 1405 

Fast, at varying rate 1340 1405 





ther increase in the heating rate, the Ac, point remained practically 
unchanged. This could be expected because of increased hysteresis 
of the transformation reactions occurring on faster heating. How- 
ever, the Ac, temperature was affected somewhat differently, showing 
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Fig. 1—Dilatometric Curves Obtained for Different Heating Rates. 
The temperature scale at the bottom refers to the curve reproduced at 
extreme right. For each succeeding curve the scale is shifted 200 de- 
grees Fahr. to the left. 


a marked drop for high rates of heating after a slight increase for the 
intermediate rates. 

The same data were also presented graphically in Fig. 1. To 
facilitate comparison of the magnitude of the relative dilation, the 
curves obtained for different rates were plotted adjacent to each 
other, so as to bring their apexes to the same level. The temperature 
scale reproduced at the bottom of the diagram refers to the specimen 
which had been heated at the maximum rate; and to accommodate 
the remaining curves on the same diagram, it was necessary to shift 
the temperature scale by 200 degrees Fahr. to the left for each suc- 
ceeding specimen. 

The results depicted above were obtained for the specimens 
which had been subjected previously to a normalizing treatment. To 
determine the effect of prior structure, two specimens were water- 
quenched after 1 hour at 1550 degrees Fahr. (840 degrees Cent.), 
and two others were spheroidized by heating for 4 hours at 1300 de- 
grees Fahr. (705 degrees Cent.). Their critical points were deter- 
mined under conditions of heating at 100 degrees Fahr. (56 degrees 
Cent.) per hour and at the maximum rate respectively. The results 
reproduced in Table II indicate that the spheroidized structure pos- 
sessed slightly higher critical temperatures, especially on fast heating. 
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Fig. 2—Effect of Previous Heat Treatment Upon the Position 
of Ac; and Acs Points of S.A.E. 4340. 


This obviously was due to the time factor invulved in the dissolution 
of coarse particles of cementite. 


Table ll 
. Effect of Previous Heat Treatment Upon the Position of Ac, and Ac, Points 
of S.A.E. 4340 











Critical Points, Degrees Fahr. 








) Heated at 
j 100 Degrees Fahr. Per Hour -——Heated Fast—, 
: Previous Treatment Ac; Acs Cy Acs 
; Notmalized 1335 1435 1340 1405 
Water-Quenched 1305 1415 1330 1400 
| Spheroidized 1335 1440 1355 1425 
. The quenched structure was characterized by the lowest critical tem- 
peratures for the same reason, that is, the rate of carbide dissolution. 


In this case, however, the greatest depression of the critical 
i values was observed for slow heating rates. On plotting the above 
data in Fig. 2, the presence of intermediate points was revealed. 
These points are characterized by deflection of the heating curve from 
by straight line and are associated with tempering of unstable structures. 
| The greatest tempering was naturally observed with the quenched 
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Fig. 3—Effect of Soaking Temperature and of Duration of 


nouns Upon the Position of Ars and Ar, Points of S.A.E. 4340 
Steel. 


specimens and extended from about 500 to 750 degrees Fahr. (260 
to 400 degrees Cent.). Fast heating caused shifting of this tempera- 
ture range upward. A slight tempering effect was also observed in 
the normalized specimen, but this was rather weak and poorly de- 
fined. 

The Ar critical points were determined by heating normalized 
specimens to 1550 degrees Fahr. (840 degrees Cent.) for 30 minutes, 
then furnace cooling them to 1400 degrees Fahr. (760 degrees Cent.) 
before commencing to cool at the predetermined rate. To estabiish 
the effect of the preliminary soaking, insofar as both the time and 
temperatures were concerned, one specimen was heated to 1550 de- 
grees Fahr. (840 degrees Cent.) for 11 hours instead of the usual 
30-minute period, and two others were soaked at temperatures 150 
degrees Fahr. (84 degrees Cent.) both above and below the generally 
employed temperature. In all instances the subsequent cooling was 
carried out at 100 degrees Fahr. (56 degrees Cent.) per hour. 

The results shown in Table III and plotted in Fig. 3 indicate 
that extended soaking at 1550 degrees Fahr. (840 degrees Cent.) 
causes lowering of both Ar, and Ar, points; the same effect was also 
obtained when heating to 1700 degrees Fahr. (925 degrees Cent.) 
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Table Ill 


Effect of Scaking Temperature and of Duration of Soaking Upon the Position of Ar, and 
Ar; Critical Points of S.A.E. 4340 Steel 





Critical Points 


Soaking Temperature Soaking -~Degrees Fahr.— Hardness 
Degrees Fahr. Time, Hours Ars Ar Re 
1550 0.5 1265 1130 16.3 
1550 ll 1230 110 
1400 0.5 1290 1175 15. 2 
0.5 1260 1090 22.0 


was employed, while soaking at the temperature coinciding with the 
Ac, point resulted in appreciable increase in the critical values. 

The effect of variation in cooling rates upon the position of Ar 
points was determined by cooling a number of dilatometer test pieces 
at constant rates varying from 10 to 400 degrees Fahr. (5.6 to 220 
degrees Cent.) per hour. Because the maximum rate attainable with 
the available program control unit was insufficient to avoid entirely 
the pearlite zone, it was necessary to resort to cooling the specimens 
also at faster, but varying, rates. Accordingly, one was furnace- 
cooled by merely shutting off the power and allowing the specimen to 
come down together with the furnace. This resulted in a rate equal 
to 14 degrees Fahr. (7.8 degrees Cent.) per minute through the 1300 
degree Fahr. (705 degree Cent.) range, decreasing to 4 degrees 
Fahr. (2.2 degrees Cent.) per minute when the temperature dropped 
to 600 degrees Fahr. (315 degrees Cent.). Another test piece was 
air-cooled by turning off the current and opening the furnace halves 
wide apart. Because of the proximity of heated furnace walls, the 
tate of cooling under these conditions was only 220 degrees Fahr. 
(120 degrees Cent.) per minute at 1300 degrees Fahr. (705 degrees 
Cent.) and 35 degrees Fahr. (20 degrees Cent.) per minute for the 
600 degree Fahr. (315 degree Cent.) range. This corresponded to 
the theoretical cooling rate of about 250 degrees Fahr. (130 degrees 
Cent.) per minute calculated for similar section freely cooled in air 
through 1300 degrees Fahr. (705 degrees Cent.). All data pertinent 
to this series of tests are reproduced in Table IV and also plotted 
in Fig. 4. 

In the latter diagram an attempt was made to assemble ail cool- 
ing curves obtained for different rates, in order to facilitate compari- 
son of the relative magnitude of the dilations involved. To achieve 


this, it was necessary to shift to the left, by 200 degrees Fahr. for 


each succeeding curve, the ‘temperature scale given at the bottom of 
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Fig. 4—Effect of Cooling at Different Rates Upon the Posi- 
tion of the Ar Critical Points of S.A.E. 4340 Steel. The Temper- 
ature scale at the bottom refers to the curve for air-cooled speci- 


men which is reproduced at the extreme right. For each succeed- 
ing curve, the scale is shifted 200 degrees Fahr. to the left. 


the diagram and originally reférring to the air-cooled test. Again, 
the curves were plotted so as to bring to the same level the peaks of 
the Ar’, elevations corresponding to the end of the bainite reaction. 
The bottoms of the Ar depressions corresponding to the beginning 
of decomposition of austenite were likewise arranged among them- 
selves. 

Examination of the cooling curves reveals that in the majority 
of cases the transformation reaction sets in gradually and is charac- 
terized at first by only a slight deviation of the curve from the 
straight line. The maximum reaction rate, as indicated by complete 
reversion in the direction of the curves, usually occurs somewhat 
later on. It is obvious that, while in the former case only a slight 
change in physical properties could be expected as a result of such 
transformation, in the latter case the change in properties should be 
abrupt. To differentiate between these values, the critical tempera- 
tures reproduced in Table IV are shown in. parentheses when they 
indicate a weak reaction, and left open to show reversion in the trend 
of the curve. 

The same data were summarized also in the form of Payson’s 
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Table IV 





Vol. 37 


Effect of Cooling at Different Rates Upon the Position of the Critical Points 
of S.A.E. 4340 ‘ 


Cooling Rate Critical Temperatures, Degrees Fahr. 
Degrees Fahr. ———Pearlite Range———, -——-Bainite Range——, Hardness 
Per Hour Ars rT) Ar’s Ar’; Re 
10 (1340) 1280 Ss data c  4t TERE SREE LS Raakee’ 13.3 
20 (1310) 1270 Eee = eGo On: ae ee PO.” 6s eke de 14.0 
50 (1280) 1250 eae re er eee 14.9 
100 (1265) 1230 1150 (1130) (700) ... ... (630) 16.3 
200 (1255) 1210 1190 (1125) (890) 850 750 (650) 29.8 
300 (1230) .... ovee CEBGG) (900) 860 730 (650) 31.8 
400 (1200) .... (1185) (900) 880 730 (660) 33.6 
Furnace (1190) .... (1190) (925) 890 730 (670) 32.9 
ee... oe oa wee ka oa Yk oe eee (970) 900 34.8 


770 (690) 








TTT curve (4), plotted upon semi-logarithmic time-temperature co- 
ordinates. The most probable Ac, and Ac, points determined pre- 
viously were represented as horizontal straight lines. Cooling curves, 
characteristic of the rates employed, were drawn then in such a man- 
ner as to indicate controlled cooling below the Ac, temperature. 

Upon these curves, the corresponding critical temperatures were 
indicated as points. By connecting the adjacent points, two types of 
cooling curves were obtained; one drawn in solid line through the 
points representing intense reaction rates (Table IV), and delineating 
therefore the zone of energetic transformation; and another shown 
in broken lines outlining the region of sluggish reaction. 
instances the points plotted did not fit into the curves. 
were indicated individually. 

Examination of the resulting curves reveals that the critical 
temperatures in general are depressed by accelerated cooling rates. 
The upper (pearlite) zone becomes almost extinct at rates in excess 
of 200 degrees Fahr. (110 degrees Cent.) per hour, although a weak 
reaction/ (presumably precipitation of proeutectoid ferrite) is de- 
tectable at rates as high as 400 degrees Fahr. (220 degrees Cent.) 
per hour. 

Gradual reduction of the pearlite zone is accompanied by equally 
gradual appearance of the region where the residual austenite is 
transformed into bainite. The corresponding critical temperatures 
outlining the latter region, which in the present paper are referred 
to as Ar’ points, appear to be somewhat elevated by accelerated cool- 
ing rates. This, however, is true only of the extreme right end of 
the area which underlies the pearlite zone. The austenite undergoing 
decomposition at this end is of the residual character, and by this 
token it might be of a composition entirely different from the origi- 


In some 
Such values 
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nal analysis. At the left end of the bainite region, where bainite is 
formed as the original product, the curves appear to be more nearly 
parallel with the time axis. 

The presence of faintly defined points below the bainite region 
suggests the possibility of further retention of austenite and its sub- 
sequent conversion into martensite at lower temperature levels. This, 
however, should be considered only as a rough estimation of the Ar’’ 
temperature. Exact determination of these values could not be ac- 
complished because of inability with the present equipment of attain- 
ing cooling rates which would miss entirely the Ar’ or bainite region. 

The dilatometric changes occurring on cooling the specimens 
at different rates were also correlated with the corresponding changes 
in hardness and microstructure. For this reason the specimens were 
cross-sectioned through the middle and transverse hardness values 
were taken in steps of ;/; inch across the section. The average values 
are reproduced in the right-hand column of Table IV. 

On cooling at rates which permit complete transformation of 
austenite into pearlite (under 100 degrees Fahr. or 56 degrees Cent. 
per hour) the hardness varied between 13 and 15 Re. This small 
variation can be explained by the gradual increase in the fineness of 
the resulting pearlite with the increased rate of cooling as shown in 
Figs. 6A and 6B. When the cooling rate was increased to a point at 
which the split transformation occurred and consequently some 
bainite was formed, the corresponding hardness was immediately 
raised to about 30 Re where it remained practically unchanged in 
spite of wide variation in the structure. (Figs. 6C and 6D.) 

The diagram obtained by the dilatometric method and shown 
in Fig. 5 agrees essentially with the similar diagram depicting the 
transformation in $.A.E. 4340 steel on continuous cooling, which was 
developed by Grange and Kiefer by the metallographic method (2). 
The chief difference between these two diagrams lies in the fact that 
these workers used the Ae, temperature, reported equal to 1375 de- 
grees Fahr. (745 degrees Cent.) as the starting point for the cooling 
curves depicting precipitation of proeutectoid ferrite, and the Ae, 
temperature reported as 1300 degrees Fahr. (705 degrees Cent.) for 
beginning of the cooling curves for the pearlite reaction. 

They were also able to detect the beginning of formation of the 
proeutectoid ferrite at rates in excess of 550 degrees Fahr. (360 de- 
grees Cent.) per hour. In the present investigation, a faint dilation 
was also observed on the cooling curve representing the furnace- 
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Fig. 5—Effect of Cooling Rates Upon the Position of Critical 
Points a S.A.E. 4340 Steel. 
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cooled specimen as shown by an individual point in Fig. 5. The 
reason for not including this point into the broken line representing 
the region of sluggish transformation was the fact that this line was 
already found to be tangent to the 400 degree Fahr. (220 degree 
Cent.) per hour cooling curve, so that the transformation curve 
would have to assume the awkward shape of a long, narrow finger at 
its left end if both of these points were to be connected. 

To correlate the dilation and the corresponding structure ob- 
tained 6n continuous cooling with those resulting from isothermal 
treatment, a brief series of isothermal tests was undertaken. It con- 
sisted of heating the standard specimens in the dilatometer for 30 
minutes at 1550 degrees Fahr. (840 degrees Cent.), then furnace 
cooling until the desired temperature level was reached, and subse- 
quently holding at the temperature for about 20 hours. In this man- 
ner the temperature range extending from 1300 to 1100 degrees 
Fahr. (705 to 595 degrees Cent.) was explored in 25 degree Fahr. 
intervals. Two additional tests, one at 1310 degrees Fahr. (710 de- 
grees Cent.) and another at 1100 degrees Fahr. (595 degrees Cent.), 
were extended to 36 hours duration. 

The time elapsed during cooling from 1400 degrees Fahr. (760 
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Fig. 6—Structure of S.A.E. 4340 Obtained on Continuous Cooling. Etched in 2 


per cent nital. xX 1000. A—Cooled at 10 degrees Fahr. per hour. B—Cooled at 20 
degrees Fahr. per hour. C—Cooled at 200 degrees Fahr. per hour. D—Air-cooled. 


degrees Cent.) to the desired isotherm for each test is indicated in 
the left-hand side of Table V. It varied from about 5 to 25 minutes 
for the limiting levels. These intervals should be taken into consider- 
ation in determining the total time required for the transformation 
to set in. 

The variation in the longitudinal dimension of the specimen, as 
indicated by the gage reading, with the decreasing temperature was 
also recorded. Being a straight line function of temperature within 
the range investigated, these values are omitted here. But the dila- 
tion of specimens as a function of time of residence at different tem- 
perature levels is reproduced graphically in Fig. 7. To avoid crowd- 
ing of the curves, those representing increase in the dilation rates are 
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Fig. 7—Dilatometric Curves Obtained by Furnace 
Cooling Specimens of S.A.E. 4340 Steel to Different Tem- 
perature Levels and Holding Them at These Levels. 


grouped together in the upper part of the diagram, while the bottom 
part contains the curves indicating gradual decrease in the dilation 
rates. 

The curve for the 1200 degree Fahr. (650 degree Cent.) iso- 
therm indicating the maximum reaction rate is reproduced in both 
diagrams to serve as the reference for both families of curves. It 
represents apparently the position of the nose of the S-curve for 
S.A.E. 4340 steel on the temperature scale. 


Table V 


Time Required to Cool Specimens of S.A.E. 4340 from 1400 Degrees Fahr. to Different 
Temperature Levels and Hardness Obtained After Holding 20 Hours at These 
Temperatures and Water Quenching 


Time of Cooling Below 1400 
Degrees Fahr. to Different Temperature Levels 


Temperature Time Hardness 

Degrees Fahr. Minutes Re 
1400 0. Lest 
1300 5.7 46.3 
1275 7.3 42.6 
1250 9.1 9.4 
1225 11.1 11.9 
1200 13.1 12.6 
1175 15.2 14.4 
1150 17.8 17.5 
1125 21.3 18.1 
1100 25.1 19.6 














CRITICAL POINTS OF S.A.E. 4340 STEEL 


Fig. 8—Structures Obtained on Isothermal Treatment of S.A.E. 4340. Etched in 
2 per cent nital. x 1000. A—Treated at 1250 degrees Fahr. B—Treated at 1225 
degrees Fahr. C-—Treated at 1200 degrees Fahr. D—Treated at 1100 degrees Fahr. 


At the completion of each test the specimens were water- 
quenched and subsequently cross-sectioned for determination of the 
resulting hardness and microstructure. The average values of hard- 
ness traverses for different isotherms are listed in the right-hand 
column of Table V, and characteristic microstructures are illustrated 
in Fig. 8. 

The dilations occurring at temperatures above 1275 degrees 
Fahr. (690 degrees Cent.) were very gradual, never reaching the 
saturation values in the time intervals employed. In spite of its 
relative magnitude as compared with the dilations obtained at.lower 
isotherms, microexamination revealed that the transformation never 
extended beyond the proeutectoid ferrite stage. 
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Formation of lamellar and spheroidized pearlite (Fig. 8A) took 
place at 1250 degrees Fahr. (675 degrees Cent.) and the shape of 
the corresponding curve suggests that the reaction was largely com- 
pleted after the first 7 hours. With further lowering of the 
isotherms down to the critical temperature of 1200 degrees Fahr. 
(650 degrees Cent.) the rates of dilation gradually increased and the 
microstructure became more refined. (Figs. 8B and 8C.) 

The rate of transformation, as indicated by the slope of time- 
dilation curves, decreased slowly in the temperature range between 
1200 and 1100 degrees Fahr. (650 and 595 degrees Cent.), and the 
corresponding microstructure became finer (Fig. 8D). 


CONCLUSION 


The Ac critical points of S.A.E. 4340 steel are appreciably 
affected by the prior structure as well as the rate of heating of this 
steel. The effect of the prior structure is best noted under condi- 
tions of relatively slow cooling, when it reaches a difference of about 
30 degrees Fahr. (17 degrees Cent.) between the quenched and the 
spheroidized structures. 

Accelerated heating rates increase the Ac, temperature obtained 
for slow heating by as much as 40 degrees Fahr. (22 degrees Cent.). 
In case of the Ac, point, the maximum increase is obtained at inter- 
mediate rates ; heating at excessively high rates depresses this point to 
a value slightly lower than the original temperature. 

The Ar points are affected by variation in cooling rates even to 
a greater degree. The transformation of austenite to pearlite occurs 
at the 1340 to 1130 degree Fahr. (725 to 610 degree Cent.) range un- 
der conditions of cooling below 100 degree Fahr. (56 degree Cent.) 
per hour rates. When this rate is exceeded, the first evidence of the 
split transformation is obtained and bainite begins to appear. With 
still further increase in the cooling rates, the pearlite region rapidly 
diminishes and the bainite zone grows equally fast, extending at its 
maximum range from 970 to 690 degrees Fahr. (520 to 365 degrees 
Cent.) obtained for air-cooled specimens. Because of limitations in 
the experimental technique, the effect of faster cooling rates could not 
be determined. 

The soaking temperature and time also appear to be factors in 
determining the position of the critical points. Both of them work 
in the direction of dissolving residual cementite, thereby destroying 
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the nuclei and consequently depressing the transformation tempera- 
ture. Inasmuch as only one cooling rate was employed in this series 
of tests, the information obtained here must be regarded as incom- 
plete. 

By plotting the critical temperatures as obtained under condi- 
tions of uniform soaking upon the semi-logarithmic time-temperature 
co-ordinates, two zones were obtained in which the transformation of 
austenite takes place. These results appear to be in good agreement 
with the transformation diagram for continuous cooling of S.A.E. 
4340 steel developed by Grange and Kiefer. 

Correlation of the dilation with the accompanying change in 
structure under conditions of constant temperature shows that the 
reaction of precipitation of proeutectoid ferrite is accompanied by an 
appreciable change in linear dimension of the steel, and accounts for 
the greater part of the total dilation. The character of the resulting 


product of transformation is determined by the slope of the time-dila- 
tion curve. 
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DISCUSSION 


Written Discussion: By O. W. Ellis, director of Department of Engineer- 
ing and Metallurgy, Ontario Research Foundation, Toronto, Canada. 

Nearly 30 years have passed since Portevin and Garvin summarized their 
conclusions regarding the effect of the rate of cooling on the hardening of car- 
bon steels in a communication to the Academie des Sciences. A paper presented 
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to the Iron and Steel Institute (Great Britain) in 1919 (Journal of the Iron and 
Steel Institute, 1919, Vol. 99, pages 469-559) described in detail their work on 
this subject, and among other matters, stressed the fact that “If, in the case of 
the same steel and the same initial temperature of cooling, the rate of cooling 
be accelerated or, more correctly, the average rate of cooling, in accordance 
with the laws as to similar coolings, the lowering of the transformation point 
does not take place uniformly. There is a discontinuity, or at least a variation, 
in position of the transformation, which is not a gradual one. After having been 
gradually lowered the cooling anomaly shifts from the position Ar’ to the posi- 
tion Ar”, whence is derived the conception ‘gradual quenching rate.’ In reality 
this expression which the authors have adopted to describe the phenomenon 
they wish to draw attention to, although a simpler phrase, ought to be replaced 
by the description ‘critical zone of rate of quenching’ (or hardening), if the 
phenomenon of the doubling of the transformation point resulting in the pres- 
ence of troostite and martensite be taken into consideration.” I believe I am 
correct in assuming that Portevin and Garvin were the first to use the expres- 
sion “critical quenching rate” in this connection. 

However, even before Portevin and Garvin conducted their classical inves- 
tigation on the effect of cooling rate on the hardening of straight carbon steels 
“the phenomenon of the doubling of the point of transformation” (Portevin 
and Garvin) had been noted in the case of special steels. In fact, the French 
scientists remarked, in the paper already referred to, that this phenomenon “has 
for a long time past been known to occur.” Some point can be given to the last 
remark by a quotation from a paper published in 1920 (26 years ago), by 
Andrew, Rippon, Miller and Wragg, in which the statement is made that 
“Thermal data have shown that in many ternary, and most quaternary, steels, 
increase in initial temperature gives rise to a splitting up of the main point 
upon cooling into two or three distinct points, each occurring at a different 
temperature.” 

What I am attempting to couvey is that metallurgists can scarcely ever 
be said to have considered the critical points “from the static viewpoint” be- 
cause, ever since the turn of the century, the phenomenon of the doubling of the 
point of transformation has been a subject of their study. In their work on this 
subject they have used a wide variety of means for following the changes which 
occur in steel on cooling at various rates. For example, Andrew and his col- 
laborators (Journal of the Iron and Steel Institute, 1920, Vol. 101, pages 527- 
608) made cooling curves, dilatation curves, resistivity curves and magnetic 
curves in their attempt to explain the nature of the ubiquitous material so glibly 
referred to by all of us as “steel.” 

These remarks must not be construed as a criticism of the author’s paper, 
but rather as a comment on the view that metallurgists have tended to consider 
the critical points of steel from the static viewpoint. The importance of work 
such as that carried out by the author is recognized by all authorities. Such 
investigations, however, involve a considerable expenditure of time and energy 
and it is for this reason that so little has been accomplished in this field. An 
investigation such as the author has made should be one of many such inquiries. 
Attention should be directed not only to the effects of uniform rates of cooling 
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upen the structures and properties of steel, but to the effects of nonuniform 
rates of cooling, because there are indications that variations in cooling rates, 
i.e., nonuniform as compared with uniform, are important in their final effect 
upon the characteristics of steel. 

In 1933 the writer presented a paper on “The Structure and Constitution 
of an Alloy Steel” (S.A.E. 3130) before the 15th Annual Convention of the 
Society. His main object was to explain the appearance of the Widmanstatten 
structure which occurred in this steel under certain conditions of cooling. The 
results of his work were collated in a diagram, which is above reproduced, re- 
lating temperature to time of cooling. The writer would be interested to know 
whether in the course of his work on S.A.E. 4340 Mr. Niconoff observed 
structures similar to those noted by the writer in certain samples of S.A.E. 
3130 steel. That Widmanstatten structures of the type studied by the author 
can occur in a variety of steels under certain conditions of cooling is a matter 
of common observation. 

However, the question still persists “What are the exact conditions of cool- 
ing, etc., which result in the formation of the Widmanstatten structure?” The 
cooling rates of the S.A.E, 3130 steel investigated by the writer were not uni- 
form; had they been uniform, the diagram relating temperature to time of cool- 
ing might possibly have differed quite considerably from that shown here. 
Measurements of time of cooling are relatively easy to make. But what a vari- 
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ety of structures can obtain with the same time of cooling will be appreciated 
from a study of the diagram herewith. There is a wide field open for investiga- 
tion here. 

The writer was unable to produce Widmanstatten structures of the type 
now under discussion in carbon steels, but it seems probable that in such a steel 
as S.A.E. 4340 opportunity might be given for the Widmanstatten structure to 
form under certain conditions of cooling. Hence the writer’s interest in know- 
ing whether Mr. Niconoff had observed the Widmanstatten structure in any of 
the samples of the steel investigated by him. Two other questions arise in this 
connection; one, to what extent does carbon content affect the formation of the 
Widmanstatten structure, and two, to what extent is the formation of the 
Widmanstatten structure related to the isothermal transformation characteris- 
tics of the steel? 

Written Discussion: By J. O. Lord, associate professor in metallurgy, 
Ohio State University, Columbus, Ohio. 

Dr. Niconoff’s paper is illustrative of the tremendous energy with which 
he attacks a problem. Having been associated with the author in connection 
with his doctorate thesis at Ohio State University, we feel confident of his 
skill and the trustworthiness of his results. The accuracy of his measurements 
is probably higher than the smoothly drawn curves indicate. 

For this reason it seems likely that the subject matter could have justified 
a lengthier paper. Possibly it is his intention to develop this farther in a later 
publication but as it stands a few questions arise. 

In Table I, heating rates in excess of 100 degrees Fahr. per hour resulted 
in progressively lower values for Acs. No explanation of this is offered al- 
though it is quite contrary to what might be expected. The curves, as shown 
in Fig. 1, are not carried much above 1550 degrees Fahr. (845 degrees Cent.). 
Is it possible that the true Ac; point is higher than this, especially when the 
heating rate was rapid? Were microscopic tests made to determine the tem- 
perature of complete solution of the proeutectoid constituent, presumably ferrite? 

The plotting of the dilatation curves so as to bring their apexes to the same 
level seems to conceal some worthwhile information. If the beginning of the 
dilatation change on heating be shown to occur at greater absolute lengths of 
the test specimen as the rate of heating increases, the apparently greater con- 
traction at the higher heating rates would be more easily understood. 

A replotting of all the dilatometric curves to a single vertical temperature 
scale, with the dilatation scale repeated for each curve, would be helpful in clari- 
fying the effect of heating rate on temperature of transformation. 

In Fig. 4, we are not convinced that the maximum reaction rate is indi- 
cated by the reversion of direction of the dilatation curve. It must be remem- 
bered that the time co-ordinate is absent from these diagrams and, at least in the 
pearlitic zone of transformation, the greatest change in dimension takes place 
at almost constant temperature. 

The writer notes with interest the author’s reference, on page 347, to “faintly 
defined points” below the bainite region (Fig. 5), suggesting the “possibility of 


‘further retention of austenite and its subsequent conversion into martensite at 


lower temperature levels.” We.are convinced, from numerous subcritical trans- 
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formation studies of steels of the S.A.E. 4340 type, that the bainite reaction 
starts as the proeutectoid precipitation of ferrite in a Widmanstatten pattern. 
This occurs in an increasingly fine state of subdivision as the temperature of 
transformation is lowered. The remaining austenite, enmeshed in this Wid- 
manstatten pattern, does not transform immediately and may be changed to 
martensite in the water quench. These minute particles of martensite resemble, 
and may easily be mistaken for, spheroidized carbides. A longer sojourn at 
the subcritical transformation temperature pr tempering after the quench results 
in a blackening of these particles. This is the indication of the formation of 
submicroscopic carbides and of the completion of transformation. Such a 
mechanism is, of course, confined to hypoeutectoid steels. 

The author’s statement regarding faintly defined points below the bainite 
region is in keeping with the mechanism just outlined and suggests an extension 
of the use of the dilatometer to the study of this interesting two-step behavior 
in the formation of bainite. 

Written Discussion: By E. S. Rowland, metallurgical department, Tim- 
ken Roller Bearing Company, Steel and Tube Division, Canton, Ohio. 

The author is certainly to be congratulated on such a complete investiga- 
tion of the transformation temperatures in S.A.E. 4340 steel over a wide range 
of cooling rates. Publication of more work of this nature on other steels of 
equally sluggish transformation characteristics is badly needed. In the com- 
mercial treatment of these steels in the mill and forge shop much time is 
wasted in slow cooling because of lack of knowledge of such relationships. 

It has been our experience in sluggish steels of this character that it is 
sometimes helpful to plot the logarithm of the rate of temperature change versus 
the temperature of the transformation points. A straight line;through the cor- 
responding temperatures for a given point at several rates will afford a good 
approximation of the temperature at any cooling rate. The intersection of the 
lines representing’ the same transformation on both heating and cooling is a 
fair approximation, of the equilibrium temperature of the transformation. The 
Ac; temperature thus obtained is often of value in tempering operations. 


Author’s Reply 


The author wishes to thank all those who contributed their time and effort 
to the discussion of his work. 

The historical background ably outlined by Dr. O. W. Ellis is highly per- 
tinent and serves as an excellent introduction to this paper. Although it is 
fully appreciated that many leading metallurgists had been acquainted for a 
number of years with the phenomenon of split transformation and critical cool- 
ing rates, the fact remains that entirely too often there was a tendency to consider 
the critical points of steel as static values, independent of the corresponding 
rates of temperature change. More often than not one is likely to find in the 
literature the critical point values unaccompanied by cooling rates, and the lack 
of sufficient emphasis of the relation between these two factors is best illustrated 
by the scarcity of the published data on this subject. 

Such dearth of interest could hardly be explained by excessive time re- 
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quired for accumulation of pertinent data: A steel could be surveyed for the 
position of its critical points by carrying out some six dilatometric tests at 
various cooling rates. In our laboratory this task is done in 3 days when 
automatic recording by means of a movie camera is employed. In this manner 
we had determined the range of critical temperatures for a number of common 
types of steel which we hope to be able to publish in the near future. It is 
quite true that in this work the effect of nonuniform cooling rates should also 
be considered ultimately, but this phase of investigation would necessarily be of 
a more complicated nature. 

The Widmanstatten structure observed by Dr. Ellis in S.A.E. 3130 steel 
was not encountered in the present investigation. This was due probably to 
relatively low maximum temperature employed in our experiments. In con- 
formation with the generally accepted heat treating practice, the dilatometer 
test-pieces were soaked at a temperature only 150 degrees Fahr. above the Acs 
point, ie., at 1550 degrees Fahr. (845 degrees Cent.), which coincides with 
the lower boundary of the temperature range explored by Dr. Ellis. Because 
our maximum cooling rate was likewise lower, the proeutectoid ferrite was 
given an opportunity to separate in form of fine equiaxial grains, and the 
only acicular constituent observed here was bainite which was obtained on cool- 
ing at faster rates. 

It is generally agreed that the Widmanstatten structure is associated with 
increased depression of the transformation points through overheating and de- 
struction of the suitable nuclei about which the transformation reaction starts. 
And since the medium alloyed S.A.E. 4340 steel is rather sluggish in character, 
there is no reason why the Widmanstatten markings could not be developed 
provided the steel had been preliminarily heated to a sufficiently high tempera- 
ture before cooling. By the same token, the eutectoid carbon content would be 
expected to favor the formation of this structure because at this concentration 
of carbon the transformation reaction becomes most retarded, as evidenced 
by maximum displacement of the S-curve to the right under these conditions. 
As a corollary to the last statement, the S-curve could be expected to be 
shifted to the right when the steel is preliminarily heated to temperatures favor- 
ing formation of the Widmanstatten structure. 

In conducting these experiments, numerous secondary problems, were left 
unexplored because of the lack of time. Among them was the slight lowering 
of the Acs temperature observed on heating at rates in excess of 100 degrees 
Fahr. per hour, which came to the attention of Prof. J. O. Lord. While this fact 
appears to be unexplainable in the light of our present knowledge, at least 
it does not contradict the experience gained in induction heating of steel: That 
under conditions of extremely rapid heating the position of the Ac points is not 
altered appreciably from their normal values. 

The conventional method of presentation of the dilatometric data favored 
by Professor Lord is undeniably better suited for indicating the overall changes 
in the absolute length of the specimens; but inasmuch as we were interested 
largely in comparing the relative positions of the critical points as affected by 
variation in cooling rates, we found the method described within this paper 
somewhat more convenient. Ordinarily, the dilatometric curves were plotted 
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so as to bring the Ac: apexes to the same level on the elongation scale, using 
the same temperature scale as the abscissa for all specimens. In this manner 
identical curves were rendered coincident, and any deviation from normalcy on 
part of one of the member curves was easily noted; but this method called for 
the use of a large chart which could not be reduced conveniently in size for 
publication without sacrificing its clarity. For this reason the individual curves 
were separated by spacing them horizontally at uniform intervals. 

The position of critical temperatures upon the cooling curve should be con- 
sidered, theoretically, as the points at which the original, straight portion of the 
curve first suffers a deflection. The critical temperature range thus determined 
would include the marginal zones of very slow initial and final reaction rates, 
which are characterized by almost imperceptible changes in physical properties. 
In a search for more significant demarcation points, we chose the Ar; tempera- 
ture as that corresponding to the reversion of the original, downward slope of 
the curve, and the Ar; temperature as the one at which the downward trend is 
resumed again. Since the degree of deviation of cooling curve from the straight 
line is directly proportional to the intensity of the transformation reaction, the 
region contained between the points of minimum and maximum occurring on the 
cooling curve obviously corresponds to the temperature range of intense trans- 
formation. Although the actual time rates are not indicated in Fig. 4, they 
could be easily deduced from the corresponding rates of cooling. 

Although the weak transformation points characterized by slight deflection 
in the cooling curve were often considered insignificant and even disregarded 
by some investigators, there is a possibility that the relative importance of 
these points is entirely out of proportion to their magnitude. 

Such common and troublesome phenomena as low impact jresistance, poor 
machinability and flaking may oftentimes be directly related to the incipient or 
residual transformation indicated by these faintly defined points. In this re- 
spect, Professor Lord’s remarks upon retention of austenite in the mechanism 
of bainite formation are of great interest. 


The ingenious method used by Dr. Rowland for estimation of the extent 
of depression of the critical points by various cooling rates is applicable only 
for the region where the transformation product consists of pure pearlite. As 
soon as the phenomenon of split transformation is encountered, the straight 
line relation between the logarithm of rate of temperature change and the 
corresponding critical temperature ceases to exist and the method becomes 
invalid. 
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Abstract 


Experimental evidence of the effect of nickel (up to 
2 per cent) on thermal characteristics and physical prop- 
erties of steels containing 2.5 per cent chromium, 0.5 per 
cent molybdenum—up to 9 per cent chromium, 1.5 per 
Be hy cent molybdenum and 0.05 to 0.3 per cent carbon is pre- 
: sented. Nickel strengthens all of these steels, without 
undue reduction of ductility and wpact resistance. The 

effect of nickel is more pronounced in 2.5 and 5 per cent 

chromium steels than in those containing 7 and 9 per cent 

i chromium. Likewise, the effect of nickel 1s more pro- 

. nounced in these steels 1f the carbon content is held under 

0.15 per cent than when it is increased to 0.2 per cent or 
higher. 

Nickel increases thermal sluggishness of these steels, 
but to a lesser degree than carbon in amounts necessary 
43 to develop similar strength. 
| The addition of about 1.0 per cent nickel to low car- 

bon (0.10 per cent) steels of the above type produces 
physical properties similar to those of higher carbon (0.20 
per cent) steels. However, the hardness developed by 
) welding in low carbon nickel-bearing steels is less than 
. that obtained in higher carbon nickel-free steels of the 
same desired strength. 

Creep and corrosion resistance properties of these 
steels have not yet been studied. Hence, their behaviors 
in some specific corrosive environment or at high temper- 
atures are not yet known. 
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INTRODUCTION 


N our previous paper (1)? some of the results of investigations of 
the characteristics and properties of cast chromium-molybdenum 
steels containing chromium up to 9 per cent, molybdenum up to 1.5 


1The figures appearing in parentheses refer to the bibliography appended to this paper. 


A paper presented before the Twenty-seventh Annual Convention of the 
Society, held in Cleveland, February 4 to 8, 1946. Of the authors, N. A. Ziegler 
is research metallurgist, and W. L. Meinhart is assistant research metallurgist, 
Crane Co., Chicago. Manuscript received June 25, 1945, 
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per cent and carbon up to 0.3 per cent are presented. It was shown 
that the thermal sluggishness and hardenability of this group of steels 
increase in proportion to the percentage of carbon, chromium and/or 
molybdenum. If carbon in this group of steels does not exceed 0.07 
per cent, none of them, on slow cooling from the austenitic state (3.2 
degrees Cent. per minute or 5.8 degrees Fahr. per minute) develops 
any suppressed transformations, which means that all of them remain 
relatively soft after such heat treatment. Even on more rapid (air) 
cooling (50 degrees Cent. per minute or 90 degrees Fahr. per min- 
ute) the increase in thermal sluggishness and resultant hardness in 
these very low carbon steels is relatively small and is somewhat more 
pronounced only when the chromium content exceeds 5 per cent. 
With the carbon content increasing above 0.15 per cent, the thermal 
sluggishness and hardenability increase quite rapidly, even with the 
lowest percentages of chromium and molybdenum used. 

As previously pointed out (1) and (2) the weldability of a given 
steel may be evaluated by its thermal sluggishness and the resultant 
hardenability ; the more susceptible it is to suppressed transforma- 
tions, the more welding problems it may present. On the other hand, 
suppressed transformations in a given steel are responsible for its 
strength, so that a steel which has a low thermal sluggishness will 
always remain relatively weak after normalizing and can be strength- 
ened only by a liquid quench. In other words, a certain low carbon 
steel may be an excellent welding material, but in the normalized and 
drawn condition it may be too weak to meet engineering require- 
ments. One of the problems in improving weldability of a given steel 
thus is (a) to reduce its carbon content and (b) to add some alloy- 
ing element which will strengthen it and at the same time have a 
minimum effect on developing suppressed transformations. 

As can be judged from the available literature (see appended bib- 
liography) nickel is one of the elements which has a strengthening 
effect on chromium-molybdenum steels. However, complete infor- 
mation on the necessary percentage of nickel that should be added 
to a given low carbon chromium-molybdenum steel to meet certain 
engineering requirements has not been previously available. Nor has 
it been known how far it is possible to decrease the carbon content 
and get the desired strength by adding nickel. Likewise, more ac- 
curate investigations on the effect of nickel on thermal sluggishness 
have been desired. All this was particularly true regarding cast 
steels. 
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It thus was decided to thoroughly investigate the effect of nickel 
up to 2 per cent on thermal and physical properties of the entire 
family of cast chromium-molybdenum steels mentioned in the first 
paragraph. 


EXPERIMENTAL PROCEDURE 


A series of nickel-bearing chromium-molybdenum steels (listed 
in Table I) was prepared in a 200-pound basic lined high frequency 
induction furnace, using low carbon steel scrap as a raw material and 
conventional melting and deoxidizing technique. Each heat was 
killed by the addition of about 2.5 pounds of aluminum per ton, 
tapped into a ladle of 250 pounds capacity, and cast into keel coupon 
blocks, using green sand molds. Each coupon block was sectioned 
into convenient blanks, heat treated by normalizing from 1750 de- 
grees Fahr. (950 degrees Cent.), air quenching from 1550 degrees 
Fahr. (840 degrees Cent.), drawing at 1250 degrees Fahr. (675 de- 
grees Cent.) and tested for tensile properties? and Charpy impact 
resistance.*® 

The latter test was performed at (a) room temperature and (b) 
—25 degrees Fahr. (—31 degrees Cent.). All of these composi- 
tions were also subjected to thermal analysis using an optical differ- 
ential dilatometer. Test data thus accumulated are presented in 
Table I together with the chemical analysis of each heat. Figures 
representing physical data were averaged from two or more tests.‘ 
It may be noted that these compositions may be divided into four 
groups: those containing 2.5, 5, 7 and 9 per cent chromium. As 
has been previously pointed out (1) the effect of molybdenum up to 
about 1.0 or 1.5 per cent on physical properties of this type of steel 
is relatively small, and the main object of its presence is its bene- 
ficial influence on the high temperature creep resistance. In view of 
the fact that chromium has a negative effect on creep resistance, it is 
customary to increase the percentage of molybdenum proportionally 
to that of chromium. In steels containing 5 per cent chromium, the 
usual amount of molybdenum is about 0.5 per cent, whereas in those 
containing 9 per cent chromium, its percentage is usually inereased 
to 1.5 per cent. In the present set of experiments, it thus was de- 


2Standard 0.505-inch diameter 2-inch gage test bar. 
®Standard Charpy test bar with a keyhole notch. 


‘Variations in the test results represented by each figure come within normal limits 
of experimental error. 
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cided to maintain molybdenum constant for each chromium content: 
0.5 per cent molybdenum in the groups containing 2.5 and 5 per cent 
chromium, 1.0 per cent molybdenum in that containing 7 per cent 
chromium, and 1.5 per cent molybdenum in one containing 9 per cent 
chromium. 

Each of the above four groups of steels is subdivided into three 
subgroups: those containing about 0.05, 0.15 and 0.30 per cent car- 
bon. Each subgroup -is composed of three steels containing 0.5, 1 
and 2 per cent mickel. Silicon, manganese, sulphur and phosphorus 
vary within the usual specification limits for 4 to 6 per cent chromi- 
um, 0.5 per cent molybdenum and 8 to 10 per cent chromium, 1.5 per 
cent molybdenum steels, except that a few heats are slightly too high 
in manganese. 

Analyses of chosen variable elements (chromium, nickel and 
carbon) are reasonably uniform, and thus permit drawing certain 
conclusions. 

Supplementary welding experiments will be discussed under a 
separate heading. 


THERMAL ANALYSIS AND MICROEXAMINATION 


All of the compositions presénted in Table I were subjected to 
thermal analysis by means of a differential, photographically record- 
ing dilatometer. In each case a specimen (50 millimeters long and 
4 millimeters in diameter) was heated in vacuum to about 1000 de- 
grees Cent. (1830 degrees Fahr.) in 2 hours, and then cooled to room 
temperature at an average rate of (a) 3.2 degrees Cent. per minute 
(5.8 degrees Fahr. per minute) and (b) 50 degrees Cent. per minute 
(90 degrees Fahr. per minute). Each composition was thus sub- 
jected to thermal analysis by cooling two specimens from 1000 de- 
grees Cent. (1830 degrees Fahr.), one at a slow and the other at a 
more rapid rate. Representative dilatometer curves are reproduced 
in Figs. 1 to 6. The chemical analysis and the final Vickers hardness 
are given adjacent to each curve. Figs. 1 and 2 represent the low 
carbon (0.03 to 0.07 per cent carbon) steels, Figs. 3 and 4—the inter- 
mediate (0.08 to 0.18 per cent carbon), and Figs. 5 and 6—the high 
(0.22 to 0.31 per cent carbon). Moreover, Figs. 1, 3 and 5 illustrate 
the slow cooling rate (3.2 degrees Cent. per minute or 5.8 degrees 
Fahr. per minute) and Figs. 2, 4 and 6—the more rapid cooling (50 
degrees Cent. per minute or 90 degrees Fahr. per minute). In each 
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Fig. 1—Thermal Cooling Curves of Chromium-Molybdenum-Nickel Steels Con- 
taining 0.03 to 0.07 Per Cent Carbon and Various Amounts of Chromium, Molyb- 
denum and Nickel. (Slow cooling rate.) 


figure, thermal curves are arranged into four groups: steels contain- 
ing 2.5 per cent chromium with 0.5 per cent molybdenum, 5 per cent 
chromium with 0.5 per cent molybdenum, 7 per cent chromium with 1 
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_ Fig. 2—Thermal Cooling Curves of Chromium-Molybdenum-Nickel Steels Con- 
taining 0.03 to 0.07 Per Cent Carbon and Various Amounts of Chtemium, Molyb- 
denum and Nickel. (Rapid cooling rate.) 


per cent molybdenum, and 9 per cent chromium with 1.5 per cent mo- 
lybdenum. Within each group they represent steels containing 0.5, 1 
and 2 per cent nickel. Curves obtained from steels containing 0.5 per 
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Fig. 3—Thermal Cooling Curves of Chromium-Molybdenum-Nickel Steels Con- 
taining 0.08 to 0.18 Per Cent Carbon and Varying Amounts of Chromium, Molyb- 


denum and Nickel. (Slow cooling rate.) 


cent nickel (the top curves within each group) have been drawn 


with heating as well as cooling branches. The remainder (for the 
sake of space economy) have only the cooling branches reproduced. 


It should be noted, however, that increase of nickel content to about 


2 per cent in all of these steels suppresses the beginning of the trans- 
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Fig. 4—Thermal Cooling Curves of Chromium-Molybdenum-Nickel Steels 
Containing 0.08 to 0.18 Per Cent Carbon and Varying Amounts of Chromium, 
Molybdenum and Nickel. (Rapid cooling rate.) 


formation on heating to about 700 to 750 degrees Cent. (1290 to 1380 
degrees Fahr.). Moreover, in the higher nickel steels, transforma- 
tions on heating are more sluggish, less abrupt and are spread over a 
wider temperature range. This thermal sluggishness of the trans- 
formations on heating becomes more pronounced with the increase in 
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Fig. 5—Thermal Cooling Curves of Chromium-Molybdenum-Nickel Steels 
Containing 0.22 to 0.31 Per Cent Carbon and Various Amounts of Chromium, 
Molybdenum and Nickel. (Slow cooling rate.) 


chromium and molybdenum contents. All of these curves are’ trac- 
ings of the original photographically recorded dilatometer curves. 
Every dilatometer specimen, after the run, was tested for Vickers 
hardness and microexamined. Some of the photomicrographs are 
presented in Figs. 7 to 21. 
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Fig. 6—Thermal Cooling Curves of Chromium-Molyb- 
denum-Nickel Steels Containing 0.22 to 0.31 Per Cent Car- 
bon and Various Amounts of Chromium, Molybdenum and 
Nickel. (Rapid cooling rate.) 


In general, the present results check with those given in our pre- 
vious paper (1), namely, that on uniform cooling from the austenitic 
state, steels of this type transform either at temperatures over 650 
degrees Cent. (1200 degrees Fahr.), resulting in ferrito-pearlitic 
structures, or below 450 degrees Cent. (840 degrees Fahr.), resulting 
in martensito-bainitic structures. In the intermediate temperature 
range, transformations are extremely slow. Moreover, the tendency 
for the transformations to be suppressed to the low temperature 
range is promoted by the increase in the amount of carbon and alloy- 
ing elements as well as by the increase in the cooling rate. On the 
other hand, when the amount of alloying elements such as chromium 
and molybdenum, which tend to close the gamma loop, is increased to 
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Fig. 7—Serial No. 1. 0.05 per cent carbon, 0.57 per cent molybdenum, 2.78 per 
cent chromium, 0.68 per cent nickel. VPN 219, xX 500. Cooled from 1000 degrees 
Cent. at 50 degrees Cent. per minute. Slight suppressed transformation. 

Fig. 8—Serial No. 11. 0.07 per cent carbon, 0.57 per cent molybdenum, 5.3! per 
cent chromium, 1.06 per cent nickel. VPN 280, K 500. Cooled from 1000 degrees Cent. 
at 3.2 degrees Cent. per minute. About one-half of the transformation suppressed. 

Fig. 9—Serial No. 19. 0.06 per cent carbon, 1.08 per cent molybdenum, 6.86 per 
cent chromium, 0.56 per cent nickel. VPN 322, x 500. Cooled from 1000 degrees 
Cent. at 3.2 degrees Cent. per minute. Transformation almost completely suppressed. 

Above specimens etched in Picral-HCl solution. 

Low (0.03 to 0.07 per cent) carbon steels. 
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Fig. 10—Serial No. 21. 0.06 per cent carbon, 1.03 per cent molybdenum, 6.70 per 
cent chromium, 1.98 per cent nickel. VPN 394, x 500. Cooled from 1000 degrees 
Cent. at 50 degrees Cent. per minute. Transformation suppressed completely. 

Fig. 11—Serial No. 28. 0.05 per cent carbon, 1.73 per cent molybdenum, 8.54 
per cent chromium, 0.67 per cent nickel. VPN 466, X 150. Cooled from 1000 degrees 
Cent. at 3.2 degrees Cent. per minute. Almost completely suppressed transformation, 
untransformed excess ferrite. 

Both imens etched in Picral-HC1 solution. 

Low (0.03 to 0.08 per cent) carbon steels. 

Fig. 12—Serial No. 5. 0.10 per cent carbon, 0.54 per cent molybdenum, 2.72 per 
cent chromium, 1.30 per cent nickel. VPN 369, x 200. Cooled from 1000 degrees 
Cent. at 3.2 degrees Cent. per minute. Split transformation. 

Fig. 13—Serial No. 4. 0.08 per cent carbon, 0.50 per cent molybdenum, 2.85 per 
cent chromium, 0.75 per cent nickel. VPN 397, X 500. Cooled from 1000 degrees 
Cent. at 50 degrees Cent. per minute. Completely suppressed transformation. 

Both specimens etched in Picral-HCl solution. 

Intermediate (0.08 to 0.18 per cent) carbon steels. 
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Fig. 14—Serial No. 6. 0.09 per cent carbon, 0.60 per cent molybdenum, 2.81 per 
cent chromium, 2.00 per cent nickel. VPN 413, x 150. Cooled from 1000 degrees Cent. 
at 50 degrees Cent. per minute. Completely suppressed transformation. 

Fig. 15—Serial No. 23. 0.12 per cent carbon, 0.94 per cent molybdenum, 7.16 per 
cent chromium, 1.18 per cent nickel. VPN 471, X 500. Cooled from 1000 degrees 
Cent. at 50 degrees Cent. per minute. Completely suppressed transformation. 

Both specimens etched in Picral-HCl solution. 

Intermediate (0.08 to 0.18 per cent) carbon steels. 

Fig. 16—Serial No. 9. 0.22 per cent carbon, 0.58 per cent molybdenum, 2.99 per 
cent chromium, 2.59 per cent nickel. VPN 505, x 500. Cooled from 1000 degrees 
Cent. at 3.2 degrees Cent. per minute. Completely suppressed transformation. 

Fig. 17—Serial No. 34. 0.27 per cent carbon, 1.72 per cent molybdenum, 9.31 
per cent chromium, 0.55 per cent nickel. VPN 421, * 500. Cooled from 1000 degrees 
Cent. at 3.2 degrees Cent. per minute. Almost completely suppressed transformation. 
Some untransformed residual ferrite. 

Both specimens etched in Picral-HC1 solution. 

High (0.22 to 0.31 per cent) carbon steels. 








Fig. 18—Serial No. 27. 0.31 per cent carbon, 1.18 per cent molybdenum, 7.02 per 
cent chromium, 2.00 per“cent nickel. VPN 641, cooled from 1000 degrees Cent. at 3.2 
degrees Cent. per minute. Transformation suppressed completely. Etched in Picral- 
HC! solution. (A)—X 300. (B)—x 2000. 
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Fig. 19—Serial No. 27. 0.31 per cent carbon, 1.18 per cent molybdenum, 7.02 per 
cent chromium, 2.00 per cent nickel. As-cast. x 300. Etched in Picral-HCi solution. 


a certain point, some residual ferrite will coexist with austenite at 
the heat treating temperature. Such steels become thermally less 
sluggish than those with a lower alloy content, because the residual 
ferrite acts as nuclei for the transformation of austenite, thus facili- 
tating this. reaction. 

Nickel, in this respect, behaves differently. As is well known, it 
tends to Open the gamma loop (1. e., to promote the austenitic state), 
thus acting in the opposite direction from that of chromium and 
molybdenum, and in the same way as carbon. Moreover, at least up 
to a certain percentage, it increases the thermal sluggishness of this 
type of steel. Our previous work (1) showed that none of the 
nickel-free steels similar to those represented in Fig. 1 have fully de- 
veloped suppressed transformations on slow cooling, provided their 
carbon contents do not exceed 0.08 per cent. Even on rapid cooling 
(1), a fully developed suppressed transformation was displayed by 
one steel only (0.08 per cent carbon, 0 per cent molybdenum, 6.65 
per cent chromium). 

In the present set of low carbon steels (0.03 to 0.07 per cent 
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Fig. 21— 


< 300. Etched in Picral-HCl solution. 
per minute. 


at 3.2 degrees Cent. 


20 and 21—Serial No. 28. 0.05 per cent carbon, 1.73 per cent molybdenum, 


8.54 per cent chromium, 0.67 per cent nickel. 


Fig. 20—Cooled from 1000 degrees Cent. 


Figs. 


s-cast. 
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carbon) even on slow cooling only one steel (Fig. 1, Serial No. 1, 
0.05 per cent carbon, 0.57 per cent molybdenum, 2.78 per cent chro- 
mium, 0.68 per cent nickel) did not have any suppressed transforma- 
tions. The rest of them have their transformations suppressed, 
either partially or completely. On rapid cooling (Fig. 2), even steel 
Serial No. 1 has its transformation split and the rest have them com- 
pletely suppressed. 

Fig. 7 illustrates the structure of a low carbon steel when only a 
slight portion of its transformation has been suppressed (Fig. 2, 
Serial No. 1). It is composed of ferrite, upper bainite and some 
lower bainite. The latter is the product of the suppressed transfor- 
mation. When the transformation is split into two about equal parts 
(Fig. 1, Serial No. 11), the resultant structure (Fig. 8) is about 
equally divided between ferrite and lower bainite. Fig. 9 shows a 
structure composed predominantly of lower bainite and small 
amounts of ferrite. It represents the case in which most of the trans- 
formation is suppressed (Fig. 1, Serial No. 19). When the trans- 
formation is completely suppressed (Fig. 2, Serial No. 21), the en- 
tire resultant structure (Fig. 10) is composed of lower bainite and 
martensite. Finally, when the percentage of chromium and molyb- 
denum increases to a certain point and the composition is brought 
beyond the nose of the gamma loop (in spite of the counteracting 
influence of nickel), such a steel never becomes fully austenitic and 
contains certain amounts of the residual alpha ferrite (Fig. 1, Serial 
No. 28) as is illustrated by Fig. 11. This structure is composed of 
martensite and lower bainite, formed at the suppressed transforma- 
tion, and of the residual ferrite. The amount of this residual alpha 
ferrite decreases with increasing nickel, so that in the steel Serial 
No. 30 (Figs. 1 and 2) there are only small traces of it present. 

Passing over to the steels containing 0.08 to 0.18 per cent carbon 
(Figs. 3 and 4), it may be noted that on slow cooling (Fig. 3) only 
two of them (Serial No. 4 and 5, containing 2.5 per cent chromium, 
0.5 per cent molybdenum and 0.5 and 1.0 per cent nickel respectively ) 
have their transformations split. In all other steels transformations 
are completely suppressed. On rapid cooling (Fig. 4) transforma- 
tions are completely suppressed in all cases. 

The structure of the steel passing through a split transformation 
(Fig. 3, Serial No. 5) is illustrated in Fig. 12. It is composed of (a) 
ferrite and upper bainite, formed in the upper transformation range, 
and (b) lower bainite, formed at the suppressed transformation 
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range. All structures formed through a completely suppressed trans- 
formation (on slow as well as on rapid cooling) may be composed 
of lower bainite only, bainite and martensite, or martensite. It may 
be noted that the lower bainite predominates in steels with lower 
chromium content, such as illustrated by Fig. 13 (Fig. 4, Serial No. 
4). Incteasing nickel leaves the structure basically bainitic but tends 
to promote dendritic segregations, as can be seen from Fig. 14 (Fig. 
4, Serial No. 6). Increase in chromium content reduces suppressed 
transformations to still lower temperatures, which in turn cause the 
resultant structures to become harder and more and more martensitic, 
as shown in Fig. 15 (Fig. 4, Serial No. 23). Steels containing 9 per 
cent chromium, 1.5 per cent molybdenum and increasing amounts of 
nickel (Figs. 3 and 4, Serial Nos. 31, 32 and 33) display in their struc- 
tures small amounts (Serial No. 31) to a trace (Serial No. 33) of 
residual ferrite, which demonstrates that these three compositions are 
located slightly beyond the nose of the gamma loop in the constitu- 
tional diagram. As should be expected, in these three compositions 
the amount of excess ferrite decreases considerably with increasing 
percentage of nickel. 

Finally, in the group of steels containing 0.22 to 0.31 per cent 
carbon, suppressed transformations are developed in all cases even 
on slow cooling (Fig. 5) except for steel Serial No. 16° and the 
group containing 9 per cent chromium and 1.5 pet cent molybdenum. 
In the latter case, steel Serial No. 34, containing 0.5 per cent nickel, 
displays a slight transformation at the upper temperature range, in 
all probability due to the presence of small amounts of residual fer- 
rite. With increasing nickel (Serial No. 35 and 36), the amount of 
the residual ferrite disappears, and so do the upper temperature 
transformations. On rapid cooling, all of these steels have their 
transformations completely suppressed (Fig. 6). 

The structural characteristics of all cases where the transforma- 
tion is completely suppressed are illustrated by Fig. 16. The struc- 
tures are composed of martensite associated with darker etching low- 
er bainite. With more rapid cooling, a higher percentage of marten- 
site is present. Fig. 17 presents the structure of a high chromium 
low nickel steel (Serial No. 34) which indicates the presence of very 
small amounts of residual ferrite, around which appears to be upper 





5This low thermal sluggishness of steel No. 16 (5 per cent chromium, 0.5 per cent 


molybdenum, 0.30 per cent carbon, 0.5 per cent nickel) is not fully understood. Check 
analyses of the dilatometer specimens have shown that their carbon content is about 0.40 
to 0.41 per cent, probably due to segregation. Molybdenum content of this steel is lower 
(0.43 per cent) than in the other steels. 
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bainite (and some troostite) that was formed in the upper transfor- 
mation temperature range. 

Figs. 18-A and B present at two magnifications the structure of 
Serial No. 27, containing 0.31 per cent carbon, 1.18 per cent molybde- 
num, 7.02 per cent chromium and 2.00 per cent nickel obtained by 
slow cooling from 1000 degrees Cent. (1830 degrees Fahr.). It is 
composed of two distinct structures: one—rather typical martensite- 
bainite, and the other—impregnated with spheroidal carbides. The 
difference between the two can be better seen at a higher magnifica- 
tion (Fig. 18-B). A microhardness survey® was made on this spec- 
imen (Fig. 18-A) which indicates that the hardness of the marten- 
site-proper ranges between V.P.N. 508 and 597, while that of the 
spheroidal structure ranges between V.P.N. 597 and 665. In other 
words, the spheroidal carbide structure is harder than the martensite- 
proper, which is a good indication that its background is also basically 
composed of martensite. This is substantiated by careful high mag- 
nification microexamination (Fig. 18-B). On rapid (50 degrees 
Cent. per minute or 90 degrees Fahr. per minute) cooling of the 
same steel from 1000 degrees Cent. (1830 degrees Fahr.) the result- 
ant structure is practically identical to the one just discussed. 

To get a more complete understanding of this structure, a micro- 
hardness study was performed on the same steel in the “as-cast” con- 
dition (Fig. 19). It may be noted that in this condition this steel is 
composed of hard martensite and a lighter constituent, which shows 
somewhat lower hardness. 

The tentative interpretation of these observations is that this 
steel, upon its solidification, passes through a peritectic reaction, which 
results in a constitutent high in carbon and nickel (darker etching 
constituent in Fig. 19). Upon reheating to 1000 degrees Cent. (1830 
degrees Fahr.) this steel becomes austenitic, but the dark constituent 
(Fig. 19) is so rich in stable carbides that at that temperature they 
are not all taken into solid solution. Consequently, the excess car- 
bides assume the shape of spheroidal particles imbedded in the aus- 
tenitic matrix. On cooling down to room temperature, austenite is 
converted to martensite and the resultant structure is as it appears, in 
Fig. 18-A and B. 

For the sake of comparison, a microhardness survey is pre- 
sented in Fig. 20 of steel Serial No. 28, containing 0.05 per cent car- 
bon, 1.73 per cent molybdenum, 8.54 per cent chromium and 0.6 per 
~ @Eberbach Microhardness Tester. 
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cent nickel, cooled from 1000 degrees Cent. (1830 degrees Fahr.) 
at 3.2 degrees Cent. per minute (5.8 degrees Fahr. per minute) and 
Fig. 21 gives a similar survey on the same steel in the “as-cast” con- 
dition. Structure of this steel cooled from 1000 degrees Cent. (1830 
degrees Fahr.) at a more rapid rate, i.e., 50 degrees Cent. per min- 
ute (90 degrees Fahr. per minute) is quite similar to that of Fig. 20. 
This steel in the “as-cast” condition (Fig. 21) is composed of typical 
martensite and of a light constituent which is softer than martensite. 
The latter, apparently, at least to a considerable extent, is composed 
of delta-ferrite, which never was fully austenitic. On reheating to 
1000 degrees Cent. (1830 degrees Fahr.) and cooling to room tem- 
perature (Fig. 20) the newly formed martensite has nearly the same 
hardness as before. The light constituent, on the other hand, be- 
comes softer, which is a good indication that, at the latter tempera- 
ture, it does not become austenitic even in part and that whatever 
martensite it contained was tempcred, thus accounting for the re- 
duced hardness. 

Before leaving the subject of the thermal characteristics of these 
steels, it may be noted that, in several cases, an increase in nickel 
from 0.5 to 1.0 per cent increases the thermal sluggishness, but that a 
subsequent increase to 2.0 per cent nickel reduces it. This can be 
observed in connection with; for example, Serial Nos. 19, 20 and 21 
(Figs. 1 and 2) or Serial Nos. 16, 17 and 18 (Figs. 5 and 6). In 
each case the decrease of the thermal sluggishness, produced by rais- 
ing nickel to 2 per cent, is associated with the decrease in the final 
hardness. Apparently the effect of nickel in these amounts is rather 
complex. Generally speaking, it increases the thermal sluggishness 
of these types of steels. However, when added to some particular 
combinations of chromium, molybdenum and carbon in steel, thermal 
sluggishness may be reduced somewhat. The latter effect results in 
promoting bainitic in preference to martensitic structure, and checks 
with the observations by Zmeskal presented as a discussion of our 
preceding paper (1). 


PHYSICAL PROPERTIES 


Variations in physical properties listed in Table I can be con- 
sidered from three viewpoints: 

1. Effect of carbon (constant chromium and nickel) 

2. Effect of chromium (constant carbon and nickel) 

3. Effect of nickel (constant chromium and carbon). 
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Vickers Hardness (VPN) 
Impact Resistance, Ft-Lbs. 





Strength, 1000 Psi. 








: Proportional Lint; Breaking 





Elongation; Reduction of Area, % 
t; 


Tensile Strength; Yield Poin. 
Yield Ratio (¥P/TS) 


Fig. 22—Effect of Nickel on Physical Properties of Normalized 
and Drawn Steels Containing 2.5 Per Cent Chromium, 0.5 Per Cent 
Molybdenum and Various Amounts of Carbon. 


For the sake of space economy, only the latter are graphically repre- 
sented in Figs. 22 (2.5 per cent chromium, 0.5 per cent molybde- 
num), 23 (5 per cent chromium, 0.5 per cent molybdenum), 24 (7 
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Fig. 23—-Effect of Nickel on Physical Prop- 
erties of Normalized and Drawn Steels Contain- 
ing 5 Per Cent Chromium, 0.5 Per Cent Molyb- 
denum and Various Amounts of Carbon. 


per cent chromium, 1 per cent molybdenum) and 25 (9 per cent 
chromium, 1.5 per cent molybdenum). In each one of these figures, 
charts A, B and C represent steels with 0.05, 0.15 and 0.30 per cent 
nominal carbon respectively. All curves are extrapolated to 0 per 
cent nickel, using some of our earlier data (1). 

Generally speaking, nickel up to 2 per cent increases the 
strength, yield point, proportional limit and hardness. Elongation, 
reduction of area and impact resistance, on the other hand, decrease. 
These effects are more pronounced in 2.5 and 5 per cent chromium 
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steels (Figs. 22 and 23) than in those containing 7 and 9 per cent 
chromium (Figs. 24 and 25). An exception to this trend is in 
the 2.5 per cent chromium, 0.05 per cent carbon group (Fig. 
22A) in which increasing nickel above about 1.5 per cent reverses 
the above effect. Otherwise, in low carbon steels (Figs. 22A, 
23A, 24A and 25A), the effect of nickel is more pronounced 
than in the higher carbon steels. In steels containing 2.5 and 5 per 
cent chromium (Figs. 22 and 23), the effect of 1 per cent nickel 
appears to be equivalent to raising carbon by about 0.15 per cent. 
In higher chromium steels (Figs. 24 and 25), the effect of nickel is 
less and less pronounced particularly when the carbon content also 
increases. The strength and:hardness of steels containing 7 (Fig. 
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24) or 9 per cent chromium (Fig. 25) and 2 per cent nickel are very 
much alike, regardless of carbon content, even though the ductility 
decreases with increasing carbon. The breaking strength in one case 
(Fig. 24C) decreased with increasing nickel content. From a study 
of these curves, it may be concluded that by adding about 1 per cent 
nickel to a steel containing, say, 5 per cent chromium, 0.5 per cent 
molybdenum and under 0.1 per cent carbon (Fig. 23A), it is possible 
to obtain a tensile strength well over 100,000 pounds per square inch, 
such as is found in similar but nickel-free steels containing at least 
0.15 per cent carbon. At the same time, such low carbon nickel- 
bearing steel has superior elongation, reduction of area and impact 
resistance, associated with a relatively low hardness, as compared to 
a nickel-free steel, in which a similar strength is developed by virtue 





386 TRANSACTIONS OF THE A. S. M. Vol. 37 


of higher carbon (Fig. 23B). The same observation applies to steels 
with other contents of chromium. In steels containing higher car- 
bon (i.e., of the order of 0.3 per cent), raising nickel content 
up to about 2 per cent results in remarkably high strengths, well over 
140,000 pounds per square inch, associated at the same time with fair 
ductility and impact resistance (Figs. 22C and 23C). Increasing 
chromium to over 7 per cent (Figs. 24C and 25C) tends to reduce 
tensile strength somewhat. 


WELDING EXPERIMENTS 


On the strength of the results thus obtained, it was decided to 
subject some similar steels to actual welding experiments. A series 
of new steels, listed together with their chemical analyses in Table II, 
was prepared, heat treated, tested and subjected to dilatometric anal- 








Fig. 26—Experimental Casting (Pattern Dimension). 


ysis, in the same manner as previously described. However, in addi- 
tion to the coupon blocks made from each of the present heats, a spe- 
cial 2-inch bore flanged “tee”, illustrated in Fig. 26 [similar to the one 
described in one of our previous publications (1)], was also’ cast. 
All of these tees were heat treated together with the coupons, cut 
longitudinally, deep etched and examined. They were found to be 
quite sound and reasonably free of various defects frequently ob- 
served in steel castings. After that, a welding test piece was cut 
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Fig. 27—Welds, 4 to 6 Per Cent Chromium, 0.5 Per Cent Molybdenum Steels. 
(A)—No. 1, high carbon, nickel-free steel, 0.20 per cent carbon, 5.22 per cent chro- 
mium, 0.62 per cent molybdenum, 0.02 per cent nickel. (B)—No. 6, low carbon, nickel- 
free steel, 0.09 ‘a cent carbon, 4.39 per cent chromium, 0.51 per cent molybdenum, 
- (C)—No. 7, low carbon, nickel-bearing steel, 0.09 per cent carbon, 


0 per cent nicke : 
4.68 per cent chromium, 0.48 per cent molybdenum, 1.30 per cent nickel. 
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the Affected Zone in Nickel-Free and Nickel- Bearing Chro- 
mium-Molybdenum Steels. i 


from each half of each casting as shown in Fig. 26. The original 
contact surfaces from the two halves were machined off, forming a 
“V”’ groove, and then were arc welded together in the original shape, 
using standard chromium-molybdenum electrodes of the following 
nominal composition : 


Cr Mo Si P S 
0.1 max. 46 0.4-0.6 0. 73, aie 0.75 max. 0.03max. 0.03 max. 


Each resultant “trough” was cut transversely into two halves and one 
set of halves was stress relieved at 1300 degrees Fahr. (700 degrees 
Cent.). From the middle part of each half (as welded, as well as 
stress relieved), a cross-sectional U-shaped test piece about % inch 
thick was cut out and roughly polished. A hardness survey was 
made over each of these tests pieces, using a Vickers hardness tester 
with 30-kilogram load and readings taken at about %-inch intervals 
across the weld and the affected zone, as shown in three representa- 
tive samples in Fig. 27. 
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Fig. 29—-Effect of Nickel on Physical Proper- 
ties of Specially Heat Treated Steels Containing 
2.5 Per Cent Chromium, 0.5 Per Cent Molybde- 
num, and Various Amounts of Carbon. 


Referring to Table II, it may be noted that the first steel on the 
list (Serial No. 1) is a standard 4 to 6 per cent chromium, 0.5 per 
cent molybdenum steel containing about 0.2 per cent carbon. Its phys- 
ical properties are normal for this type of steel. The rest of the steels 
are all low carbon, i.e., containing about 0.1 per cent carbon. Their 
chromium contents are about 1.5, 2.5, 5, 7 and 9 per cent. Two 
steels are listed for each chromium content, one nickel-free and the 





1946 CAST CHROMIUM-MOLYBDENUM STEELS 391 


Vickers Hardness (VPN) 


Pei 








— 
ao 


S - 
Q 


Flongatior:; Reduction of Area, % 
Tensile Strength; Yield Point; Proportional Lint; Breaking Strength, / 


eg 8 
Yih Ratio (¥P/T8) 





se + a So oe 
Ni, Per Cent 

Fig. 30—Effect of Nickel on Physical Prop- 

erties of Specially Heat Treated Steels Contain- 


ing 5 Per Cent Chromium, 0.5 Per Cent Molyb- 
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other containing about 1 per cent nickel. All nickel-free steels have 
rather low tensile strengths. Even though the strength increases with 
increasing chromium, the highest value still is only 88,200 pounds 
per square inch for the steel containing 9 per cent chromium (Serial 
No. 10). In each case, addition of 1 per cent nickel markedly in- 
creases the strength, without any appreciable reduction in ductility 
and impact resistance. Nevertheless, values of 100,000 pounds per 
square inch or higher are obtained only when the chromium content 
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Fig. 31—Effect of Nickel on Physical 
Properties of Specially Heat Treated Steels 
Containing 7 Per Cent Chromium, 1 Per Cent 
Molybdenum and Various Amounts of Carbon. 


increases to about 5 per cent. In general, these new test data check 
fairly well with those given in Table I and Figs. 22, 23, 24 and 25. 
The Vickers hardness distribution across the weld and the 
affected zone is graphically represented in Fig. 28 for each weided 
specimen. This figure consists of 10 separate charts for each of five 
chromium contents before and after stress relieving. In each chart, 
the hardness distribution in the standard 5 per cent chromium, 0.5 
per cent molybdenum steel, containing 0.2 per cent carbon, is also 
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plotted. The point of interest is that none of the low carbon steels 
develop hardnesses in their affected zones nearly as high as in the 
standard steel. After stress relieving, all hardness values are re- 
duced to rather low figures. Nevertheless, the standard steel in all 
cases is the hardest. Moreover, addition of 1 per cent nickel affects 
the hardness distribution only to a small extent. On the other hand, 
steels Serials No. 7, 9 and 11, all containing 1 per cent nickel (Fig. 
28), have practically the same properties as the standard nickel-free 
steel Serial No. 1. 

rade s+, 

SUMMARY 


This paper presents experimental evidence of the effect of vari- 
ous amounts of nickel, up to 2 per cent, on thermal characteristics 
and physical properties of cast chromium-molybdenum steels, rang- 
ing in composition between 2.5 per cent chromium and 0.5 per cent 
molybdenum to 9 per cent chromium and 1.5 per cent molybdenum. 
Carbon in each case varies between about 0.05 and 0.3 per cent. It 
has been found that nickel has a rather pronounced strengthening 
effect on these types of steels, without reducing to any appreciable 
extent the ductility and impact resistance. In steels containfng 0.05 
and 0.15 per cent carbon and up to and including 5 per cent chro- 
mium, the strengthening effect of 1 per cent nickel is about equal to 
an increase of 0.15 per cent in the carbon content, but its effect on 
reducing ductility and impact resistance is much less. When the per- 
centage of chromium is increased beyond 5 per cent, and up to 9 
per cent, the effect of nickel becomes less pronounced. Likewise, 
the effect of nickel is stronger in “low” carbon steels (i.e., under 
0.15 per cent carbon) than in those with “high” carbon (i.e., over 
0.15 per cent carbon). 

It has been shown that nickel contributes to the thermal slug- 
gishness of these types of steels. This effect, however, is quite 
complex and considerably less than that resulting from the addition 
of carbon necessary to develop the same desired strength. 

A. series of welding experiments demonstrates that the level of 
the hardness distribution curves across the weld and the affected 
zone in low carbon chromium-molybdenum steels, containing nickel, 
is much lower than in a similar steel, free from nickel, but contain- 
ing higher carbon, in amounts necessary to develop the desired 


strength. 
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This paper presents some metallurgical data on chromium-mo- 
lybdenum-nickel steels, which may be of interest to the engineering 
profession in general. No claims are being made that the informa- 
tion given here is complete in its entirety. For example, creep or 
corrosion resistance tests have not as yet been performed. Conse- 
quently, recommendations or suggestions for any specific application 
of these steels for service at high temperatures or in corrosive en- 
vironments cannot at present be made. 
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ADDENDUM 


In view of the extreme thermal sluggishness of steels of this 
type as revealed by dilatometric evidence, it was decided that it would 
be of interest to find out what happens to their properties when they 
are cooled at a very slow rate from the austenitic state. 

All steels listed in Table I were subjected to a very slow furnace 
cooling treatment (or annealing) from 1750 degrees Fahr. (950 de- 
grees Cent.) and tested for tensile properties and Charpy impact re- 
sistance. , The resultant physical properties are listed in Table III, 
and graphically represented in Figs. 29, 30, 31 and 32 as functions 
of nickel content (for each given chromium, molybdenum and carbon 
content). Hardnesses of the dilatometer specimens, slowly and 
rapidly cooled (taken from Table I), are also included in these 
charts. It is interesting to note that the higher nickel steels, in most 
cases, develop extremely high strengths, in several cases exceeding 
200,000 pounds per square inch. The ductility and impact resistance, 
at the same time, are still quite fair. For example, steels containing 
5 per cent chromium, 0.5 per cent molybdenum, 0.15 per cent carbon 
and 1.2 to 2.0 per cent nickel (Fig. 30B) have over 200,000 pounds 
per square inch tensile strength, about 6 per cent elongation and over 
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Fig. 32—Effect of Nickel on Physical Prop- 
erties of Specially Heat Treated Steels Contain- 
ing 9 Per Cent romium, 1.5 Per Cent Molyb- 
denum and Various Amounts of Carbon. 


10 foot-pounds room temperature Charpy impact resistance. The 
high strength of these steels no doubt is due to their extreme ther- 
mal sluggishness previously discussed in connection with their ther- 
mal curves. Apparently, even on a slow annealing treatment, they 
do not pass through pearlitic transformations. Instead of that, they 
have their transformations suppressed and form bainito-martensitic 
structures. As a result of this exaggerated thermal sluggishness, 
these steels (particularly with higher nickel and carbon contents) 
cannot be softened by the usual treatment. The only way to make 
them soft is by drawing, i. e., by breaking up their martensito-bainitic 
structure. 
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DISCUSSION 


Written Discussion: By Otto Zmeskal, director of research, Universal- 
Cyclops Steel Corp., Bridgeville, Pa. 

The authors are to be congratulated for another fine contribution to the 
metallurgical knowledge of chromium steels. The transformation data pre- 
sented are applicable to wrought steels, as well as to cast steels. Likewise, 
the data on welding should have the same dual application. The further work 
contemplated by the authors on creep and corrosion resistance properties of 
these steels will be awaited with great interest. 


Oral Discussion 


V. N. Krivosox :* The vast amount of extremely interesting and carefully 
planned work such as has been presented by Ziegler and Meinhart is most wel- 
comed. I should like to comment upon the fact that these systematic studies 
of series of alloys, only some of which are commercially important, have 
been carried on in the research laboratories of a busy commercial company. 





7Chief metallurgist, The International Nickel Co., New York. 
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A number of questions have occurred to me during diligent studies of the 
paper. 

Insofar as the presented data on mechanical properties are concerned they 
are interesting and of much value for the purpose of checking theoretical 
principles of critical transformations. The dilatometric data reveal features 
that lead to a few questions. For example, let us study Fig. 1 on page 366 
which shows the influence of various amounts of chromium, molybdenum and 
nickel on critical transformations at the slow cooling rate. A group of 
alloys, Serial Nos. 10, 11 and 12, representing the composition of 5 per cent 
chromium and 0.5 per cent molybdenum with variable nickel content, show 
that with the lowest nickel in these series there is an indication of a split 
transformation. As the nickel is increased the split transformation becomes 
considerably more pronounced, while with further increase of nickel, split 
transformation seems to have disappeared. The interesting observation is that 
it is with the intermediate nickel content the split transformation takes place 
and, furthermore, that this observation is confined only to the above-mentioned 
series of alloys. While the mechanism of transformation in these complex al- 
loys may indeed be dependent on the relative amounts of alloying elements 
present and thus the above-described anomaly in the dilatometric behavior can 
be explained, yet one circumstance which becomes evident from metallographic 
studies, shown later in the paper, must be taken into consideration. In fact, 
it may be the explanation for the above-mentioned anomaly. This reference is 
to the pronounced segregation in the alloys under study. 

From the description of the experimental procedure I surmise that no 
homogenizing treatment has been given to these alloys prior to taking of the 
dilatometric curves. This is in no sense a criticism of the paper, since the 
voluminous data obtained by studies of these series of alloys obviously will 
need to be continued. The reference to the possible influence of segregation 
is merely a suggestion to investigate the dilatometric characteristics of these 
series in thoroughly homogenized condition. I hasten to add that since the 
study was undertaken on the alloys in the as-cast condition, the data which 
are presented are of utmost practical value and a suggestion concerning homo- 
genization is merely for the purpose of enriching our knowledge of the theo- 
retical aspects of the transformations in these alloys. 

An additional suggestion which I permit myself to make is that this paper, 
together with the previous paper by Messrs. Lyman and Troiano and with 
the very enlightening remarks of Captain Hollomon, represents a very thorough 
approach to the studies of complex metallic systems. One cannot refrain from 
wishing that the methods of studies and the experimental procedure were cor- 
related so that the thorough and voluminous data could be made continuous. 
For example, since the rate of cooling obviously has a profound effect on 
critical transformations, it would have been so useful if the study of the 3 per 
cent chromium alloys with varying carbon content and the alloys of chromium- 
molybdenum-nickel types had been carried out under the same experimental 
conditions. 

The paper by Ziegler and Meinhart is a most valuable contribution to our 
knowledge and literature. It provides many important data and, furthermore, 
plenty of opportunity for careful thinking. 








1946 DISCUSSION—CAST CR-MO STEELS 401 
Authors’ Reply 


We appreciate the comments offered on this paper by Dr. Zmeskal and 
Dr. Krivobok. 

Concerning the effect of molybdenum on these steels, it may be pointed 
out that this was given in a previous paper presented by the authors (1). 
In general, an increase in the molybdenum content up to about 1 per cent in 
the 2.5 to 5 per cent chromium steel increases the thermal sluggishness, strength 
and hardness, but decreases ductility. The same effect occurs to a lesser extent 
in the 7 to 9 per cent chromium steels. If molybdenum is increased to 1.5 
per cent or higher, particularly in the low carbon higher chromium steels, 
residual or untransformed ferrite is obtained which reduces the thermal slug- 
gishness and hardenability. 

Increasing the aluminum content up to about 0.25 per cent in any one of 
the chromium-molybdenum steels does not have any noticeable effect on any 
of these properties. The effect of greater percentages of aluminum on the 
transformation of these steels has not been determined. 

According to the data presented in this paper, there is a definite correlation 
between weldability and the transformation on cooling. As compositional 
changes suppress this transformation to lower temperatures on air or a slower 
rate of cooling, the formation of cracks during welding is more likely to occur 
unless proper precautions are taken. 

We thank Dr. Krivobok for calling attention to the discrepancy in the 
results between Serials No. 10 and 11 of Fig. 1. Normally, the latter steel 
with a higher nickel (1.06 per cent) content would be expected to have its 
transformation suppressed more than the former containing 0.56 per cent nickel. 
It is quite possible that in this particular case the opposite results were due to 
segregations to which nickel-bearing steel seems to be susceptible. This will 
be verified by further experimentation. 

All the dilatometer samples discussed in this paper were normalized from 
1750 degrees Fahr. (950 degrees Cent.), air-quenched fromi 1550 degrees Fahr. 
(840 degrees Cent.) and drawn at 1250 degrees Fahr. (675 degrees Cent.) 
before testing, which is similar to that usually given a steel of this type for 
commercial use. No other homogenizing treatments were tried. 





INFLUENCE OF CARBON CONTENT UPON THE 
TRANSFORMATIONS IN 3 PER CENT 
CHROMIUM STEEL 


By TAytor LyMAN AND ALEXANDER R. TROIANO 


Abstract 


Transformations in seven 3 per cent chromium steels 
with carbon contents of 9.08 to 1.28 per cent have been 
investigated as functions of time and temperature using 
microscope, dilatometer and X-ray diffraction. Isother- 
mal transformation diagrams are presented. | 

Increasing carbon content increases the rate of the 
pearlite reaction. The structure of pearlite formed below | 
the temperature of maximum reaction rate has been | 
shown to change in a discontinuous fashion at about 0.4 
per cent carbon. | 

Increasing carbon content lowers the martensite . 
range more than it lowers the intermediate range. The 
intermediate reaction can go to completion below about 
325 degrees Cent. when the carbon content ts greater than 
about 0.4 per cent. 

The gamma phase can be retained at room tempera- 

; ture after partial transformation of an alloy of tron plus 
3 per cent chromium and 3 per cent chromium steels of 
all carbon contents. 

The structures of the carbides in these steels have 
been studied as functions of time, temperature and carbon 
content. Each of the seven steels can contain both 
(Fe,Cr),C and (Cr,Fe),C, after certain isothermal treat- 
ments although only the 0.69 per cent carbon steel con- 
tains both carbide phases following treatments designed to 
produce equilibrium at high subcritical temperatures. The 
previous structure has a marked influence upon the rate 
of formation of (Cr,Fe),C, from alpha plus (Fe,Cr),C. 

Hardnesses of some of the steels after partial and 
complete transformation of austenite have been considered. 


Much of the material presented in this pore has been abstracted from a dissertation 
submitted by Taylor Lyman in partial fulfillment of the requirements for the degree of 
Doctor of Philosophy, University of Notre Dame, October 1944. 


A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. Of the authors, Taylor Lyman 
was formerly instructor in metallurgy, University of Notre Dame, Notre Dame, 
Ind., and is now associated with the American Society for Metals as secretary 
of the Metals Handbook Committee; and Alexander R. Troiano is associate 


professor of metallurgy, University of Notre Dame, Notre Dame, Ind. Manu- 
script received July 3, 1945. 
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INCE the work of Davenport and Bain (1)? it has been gener- 
ally recognized that most of the processes involved in the heat 
treatment of steel can be most fully comprehended if the transfor- 
mations in solid steel are studied as functions of time at constant 
temperatures. If the hardenability of steel is to be related to the 
chemical composition of the transforming austenite in more than an 
empirical way, the kinetics of the reactions must also be studied 
systematically as functions of the individual composition variables. 
The phase diagram for the system iron-carbon-chromium is bet- 

ter established than most of the other ternary diagrams based on the 
iron-carbon system. For this reason and because of the importance 
of chromium as an alloying element in commercial steels, the iron- 
carbon-chromium system is a particularly suitable one in which to 
study the transformation kinetics of alloyed austenite. This paper is 
the fourth in a series (2), (3), (4) dealing with the transformations 
in chromium steels. In the present work the transformations in 3 per 
cent chromium steels have been investigated as functions of time, 


temperature and carbon content, using the isothermal method of 
study. 


MATERIALS AND METHODS 


The compositions of the steels investigated are given in Table I. 
These alloys were obtained thfough the co-operation of the Carpenter 
Steel Company, the Union Carbide and Carbon Research Laboratory 
and the Timken Roller Bearing Company. 

Specimens were austenitized to obtain complete solution of car- 
bon and chromium and (in the metallographic specimens) a grain 
size larger than A.S.T.M. No. 1. These solution treatments are 
listed in Table IT. 


Table | 


Composition of Steels 
Steel 
Per Cent C Cr Mn Si P Ss 

0.01 3.22 0.46 0.34 a 

0.08 2.93 0.26 0.13 a 

0.15 2.91 0.24 0.12 pe 

0.26 3.11 0.31 0.23 0.014 0.028 
0.38 2.98 0.20 0.18 0.018 0.013 
0.69 3.00 0.22 0.12 0.022 0.011 
1.02 2.9 0.33 0.35 0.020 0.012 
1.28 2.9 0.29 0.37 0.019 0.017 





es a 





The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I! 
Austenitizing Treatments 
Metallographic Dilatometric X-ray 
Temp., Temp., Temp., 
Steel Degrees Time, Degrees Time, Degrees Time, 

Per Cent C Cent. Hours Cent. Minutes Cent. Minutes 
0.01 ek as Wie roa 1200 30 
0.08 1350 lo 1200 4 1350 5 
0.15 1350 lg 1200 4 1350 5 
0.26 1350 ly 1200 4 a 
0.38 1200 ly hens a oy a 
0.69 1200 2 1200 4 a, b 
1.02 1200 2 c a, b 
1.28 1200 2 d a, b 

a X-ray slivers cut from metallographic specimens. 

b 1200 degrees Cent. (2190 degrees Fahr.), 3 minutes after previously austenitizing in vacuo 
at 1200 degrees Cent. (2190 degrees Fahr.), 2 hours and water quenching. 

c See Ref. 3. ; 

d 1200 degrees Cent. (2190 degrees Fahr.), 2 hours in purified nitrogen atmosphere, oil-quenched, 


surface-ground below possible decarburization, re-austenitized 1200 degrees Cent. (2190 
degrees Fahr.), 3 minutes. 


The transformations were studied with microscope, dilatometer 
and X-ray diffraction using the same general methods previously de- 
scribed (3). Certain details of the experimental procedure will be 
noted as the results are presented. 


THE IRon CORNER OF THE SYSTEM [RON-CARBON-CHROMIUM 


A vertical section at 3 per cent chromium through the ternary 
space model for the iron-carbon-chromium system (5), (6) shows a 
gamma field similar in shape, but not in extent, to that in the iron- 
carbon system. The addition of 3 per cent of chromium to iron-car- 
bon alloys causes the appearance of the trigonal carbide Cr,C, as a 
stable phase? at certain temperatures and compositions. 

The temperature and composition limits within which Cr,C, is 
stable are not accurately known. The most recent and most extensive 
work on/this problem is that of Crafts and Offenhauer (7) who in- 
vestigated the carbide structures present after quenching and tem- 
pering at subcritical temperatures. Using a constant tempering time 
of 64 hours at all temperatures investigated, these authors found 
Fe,C at-low and Cr,C, at high subcritical temperatures over a rather 
wide composition range. The presence of Fe,C at low temperatures 
may be attributed either to an incomplete reaction or to a change in 
the equilibrium. 

In an attempt to determine the equilibrium phases in 3 per cent 
chromium steels at temperatures near that of maximum rate of for- 


2The trigonal and orthorhombic carbides will be designated Cr;C, and FesC, respec- 
tively, it being understood that these formulas dé not express the chemical compositions of 
the phases in iron-carbon-chromium alloys. 
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mation of pearlite the six steels of highest carbon content were trans- 
formed isothermally from austenite to pearlite and subsequently an- 
nealed for several days. (See Table III for treatment details.) 
These treatments were designed to avoid the formation of proeutec- 
toid phases where possible. The results (Table III) are in agree- 
ment with the data of Crafts and Offenhauer (7) for the highest 
tempering temperatures (600 and 650 degrees Cent.) they investi- 


gated. 
8 
at 
. 
§3 
2. 





0 
0 02 04 06 08 10 le 14 


Carbon, Per Cent 
Fig. 1—Phase Diagram for Chromium 
Steels at Temperatures Where Pearlite 


Formation is Most Rapid (600 to 720 de- 
grees Cent.) 


In obtaining these identifications (Table III) use was made of an 
electrolytic etching method which has been referred to previously (2, 
3). In this method a sliver specimen about 3; by #5 by ™% inch is 
etched in an electrolytic cell having as cathode a 44-inch diameter coil 
of platinum wire surrounding the anode, and witha 5 per cent aqueous 
solution of hydrochloric acid as electrolyte. At a cell voltage of about 
1, ferrite is dissolved and carbides are exposed on the surface of the 
specimen. With careful handling of the specimen after etching, the 
carbides do not fall away from the surface and reasonably good pat- 
terns may be obtained from specimens which yield very faint car- 
bide lines after ordinary metallographic etching. The time of elec- 
trolytic etching varies somewhat with the microstructure, being less 
than 5 minutes in nearly all cases. Under optimum conditions the 
sliver specimen can be cut from a heat treated metallographic speci- 
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men, shaped, etched and placed in the camera in less than 15 min- 
utes. 

The carbide results given in Table III, together with the results 
of Crafts and Offenhauer (7) for the highest temperatures they in- 
vestigated, are plotted on the concentration plane in Fig. 1. This 
figure may be considered as an approximate phase diagram for tem- 
peratures of 600 to 720 degrees Cent. (1110 to 1330 degrees-Fahr.). 





Carbide Structures After Treatments Designed to Produce Equilibrium 


Steel 

Per Cent Carbon Treatment 
0.15 A Cr7Cs; 
0.26 B Cr7Cz 
0.38 B Cr7C, 
0.69 B Fe,C Cr7Cs 
1.02 B Fe,C 
1.28 B 


Treatment A — Quenched from 1350 to 650 degrees Cent. (2460 to 1200 degrees Fahr.) and 
held for 6 days. 

Treatment B — Quenched from 1200 to 650 degrees Cent. (2190 to 1200 degrees Fahr.) and 
— > 4 2 days, 8 hours; then heated to 720 degrees Cent. (1330 degrees Fahr.) and held 
or ys. 


THE MARTENSITE TRANSFORMATION 


The upper temperature limit of the martensite range in 17 chro- 
mium steels has recently been reported by Klier and Troiano (4). 
The results of these microscopic determinations in 3 per cent chro- 
mium steels place the M, temperatures about 25 degrees Cent. higher 
than was previously reported by Wever and Jellinghaus (8) who 
used a magnetic method (Fig. 2). 

Specimens of the 0.26, 0.38 and 0.69 per cent carbon steels have 
been quenched into and below the martensite range, tempered briefly 
before cooling to room temperature and examined microscopically to 
determine the M; temperatures. The results are plotted in Fig. 2. 
The M, temperature for 3 per cent chromium steel appears to be 
more sensitive to changes in carbon content than does the M, tem- 
perature. 

It is of interest to compare the carbon dependence of the M, 
temperature in 3 per cent chromium steel with that in plain carbon 
steel. The data of Wever and Engel (9) on plain carbon steel have 
been used for this comparison since their results extend to below 
0.20 per cent carbon and were obtained by the same method used by 
Wever and Jellinghaus (8) in studying chromium steel. Accord- 


ie 
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ing to the results of these investigators (Fig. 2), 3 per cent chromi- 
um raises the M, temperature when the carbon content is below 0.3 
per cent while above 0.3 per cent carbon, M, is lowered by this 
amount of chromium. The data of Klier and Troiano (4) and of 
Rose and Fischer (10) also indicate that the M, surface in dilute 
iron-carbon-chromium alloys is not plane. 


The axial ratio (c/a) of tetragonal martensite is a linear func- 
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Fig. 2—Influence of Carbon Content Upon the Tem- 
perature Range of Martensite Formation in 3 Per Cent 
Chromium Steels. Wever and Engel’s data for plain car- 
bon steels are shown for comparison. 


-/00 


tion of the carbon content in the chromium steels of this investiga- 
tion on which measurements were possible. These axial ratios were 
measured as 1.032, 1.044 and 1.053 for carbon contents of 0.69, 1.02 
and 1.28 per cent, respectively. 


Tue TRANSFORMATION OF AUSTENITE ABOVE THE 
MARTENSITE RANGE 


Transformations on Continuous Cooling—The first detailed and 
systematic study of transformations in low-chromium steels was that 
of Wever and Jellinghaus (8), who investigated 56 steels with chro- 
mium contents below 5 per cent. The transformation of austenite in 
23 of these alloys, including five 3 per cent chromium steels, was 
studied magnetometrically as a function of cooling velocity. The 
influence of cooling velocity upon the transformation temperatures 
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Q 100 400 900 000 100 400 300 1600 
Cooling Velocity, C/SCC. 
Figs. 3 and 4—Influence of Cooling Velocity Upon the 


Transformation Temperatures in 3 Per Cent Chromium Steels. 
[Wever and Jellinghaus (8).] 





Cooling Velocity, C/ See. 


Figs. 5 to 7—Infiuence of Cooling Velocity U the Transformation Temperatures 
in 3 Per Cent Chromium Steels. [Wever and Jellinghaus (8).] 


of the 3 per cent chromium steels is shown in Figs. 3 to 7 ~ed\ trans- 
formation, designatedas- the “intermediate transformation”, was 
observed at temperatures between those where pearlite is fornied and 
the martensite-range. 

More recent work by Rose and Fischer (10) confirmed the main 
results of Wever and Jellinghaus. Among the 22 alloys’ studied 
by Rose and Fischer was a series of three steels containing 3.7 per 
cent chromium. These three steels were investigated dilatometrically 
using carefully controlled cooling velocities in the range 1 to 10 de- 
grees Cent. per second. “Increasing the carbon content from 0.24 to 
1.01 per cent in these steels increased the Critical cooling velocity® 
by a factor of ten (Figs. 8 to 10). This was attributed by the au- 
thors to the incomplete solution of carbides during austenitizing. In 
agreement with Wever and Jellinghaus’ results, the intermediate 
transformation was not observed during continuous cooling of the 
steel of highest carbon content. 


%Im this case, the cooling velocity necessary to suppress the pearlite reaction. 
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Isothermal Transformations—Both Wever and Jellinghaus (8) 
and Rose and Fischer (10) confirmed the presence of the intermedi- 
ate transformation during isothermal transformation of low chromi- 
um, medium carbon steels. It was noted that this reaction did not 
go to completion in the upper temperature range and that the micro- 
structure contained ferrite at certain of these temperatures. 

Dopfer and Wiester (11) studied the isothermal transforma- 
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Figs. 8 to 10—Influence of 
Cooling Velocity Upon the Trans- 
formation Temperatures in 3.7 Per 
Cent Chromium Steels. [Rose and 
Fischer (10).] 


tion of 3 per cent chromium steels containing 0.40, 0.72 and 1.00 
per cent carbon using a magnetic method. Their results showed that 


_ increasing carbon increased the time for beginning of the interme- 


diate reaction. 

Klier and Lyman (2) have presented an isothermal transforma- 
tion diagram for a 0.38 per cent carbon, 2.98 per cent chromium 
steel. Particular attention was given to the intermediate reaction 
in this steel. 

Lyman and Troiano (3) recently reported the results of an iso- 
thermal study of a 1.02 per cent carbon, 2.9 per cent chromium steel.‘ 


A gamma-to-Fe,C reaction, clearly distinguishable from the inter- 


*Also included in the present investigation. 
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Fig. 11—Isethermal Transformation Diagram for 
0.08 Per Cent Carbon, 2.93 Per Cent Chromium Steel. 
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Fig. 12—Isothermal Transformation Diagram for 
0.15 Per Cent Carbon, 2.91 Per Cent Chromium Steel. 
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| 
mediate reaction, was observed at temperatures below that of maxi- 
mum rate of pearlite formation. Near 400 degrees Cent. (750 de- 
grees Fahr.) in this steel, austenite decomposition was found to occur 
by separate carbide, ferrite and pearlite reactions which may proceed 
simultaneously. 
Isothermal Transformation Diagrams for 3 Per Cent Chromium 
Steels—The isothermal transformation diagrams (S-curves) for six 
of the 3 per cent chromium steels of this investigation are shown in 
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Figs. 11 to 16. These steels will be discussed in the order of in- 
creasing carbon content. 

1. Steel with 0.08 Per Cent Carbon—The microstructure of this 
steel after complete transformation of austenite at the temperature of 
most rapid pearlite formation is shown in Fig. 17. Below 700 de- 
grees Cent. (1290 degrees Fahr.) there is an increasing tendency for 
ferrite precipitation to occur within grains rather than at the grain 
boundaries (Fig. 18). Below 625 degrees Cent. (1155 degrees 
Fahr.) initial transformation is more rapid than at higher tempera- 
tures. Sliver specimens were used to determine the beginning line 
of the S-curve at these temperatures. 

The microstructure after partial transformation in this region 
is shown in Figs. 19 and 20. Since this product has the same crystal 
structure as alpha iron, it will be called ferrite, or alpha. This fer- 
rite forms very rapidly as is shown by the dilatometric data plotted 
on the S-curve.® After several hours’ continued holding at tempera- 
ture the remaining austenite begins to transform slowly to a dark- 
etching aggregate structure. Not shown by the S-curve is the im- 
portant experimental fact that the rate of the second reaction below 
600 degrees Cent. (1110 degrees Fahr.) is slower by a factor of ten 
thousand to a million than the maximum rate of alpha precipitation 
at the same temperature. 

Complete transformation of austenite was not ebserved below 
600 degrees Cent. (1110 degrees Fahr.). 

2. Steel with 0.15 Per Cent Carbon—Increasing the carbon con- 
tent from 0.08 to 0.15 per cent causes a large decrease in the amount 
of ferrite formed at the knee ‘of the S-curve (Cf. Figs. 17 and 21). 
Ferrite and pearlite formed at 650 degrees Cent. (1200 degrees 
Fahr.) are shown in Fig. 22. At 600 degrees Cent. (1110 degrees 
Fahr.) the S-curve shows a maximum time for the beginning of 
transformation. This is associated with a very low rate of ferrite 
formation. Below 575 degrees Cent. (1065 degrees Fahr.) the 
microstructures in this steel are very similar to those found in the 
0.08 per cent carbon steel at the same temperatures, but the amount 
of transformation occurring during the initial, rapid reaction is less 
in this steel than in the 0.08 per cent carbon steel at the same tem- 
peratures, | 


—— 


ene 


5On all of the transformation diagrams dilatometric data have been represented by 
drawing a horizontal line at the temperature of the run, the end points of the line corre- 


sponding to the times for 2 and 98 per cent of the expansion during the initial, rapid part 
of the intermediate transformaticn. = 5 
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Fig. 13—Isothermal Transformation Diagram for 
0. 26 Pe Per Cent Carbon, 3.11 Per Cent Chromium Steel. 
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Fig. 14—Iscthermal Transformation Diagram for 
0.69 Per Cent Carbon, 3.00 Per Cent Chromium Steel. 
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Fig. 15—-Isothermal Transformation Diagram 
for 1.02 Per Cent Carbon, 2.9 Per Cent Chromium 
Steel, After Lyman and Troiano (3). 





Fig. 16—Isothermal Transformation Diagram for 
1.28 Per Cent Carbon, 2.9 Per Cent Chromium Steel. 





Fig. 17—0.08 Per Cent Carbon, 3 Per Cent Chromium Steel. 


1000 seconds. Etched in nital. x 150 


Fig. 18—0.08 Per Cent Carbon, 3 Per Cent Chromium Steel. 


1000 seconds. Etched in nital. x 150. 


Fig. 19—0.08 Per Cent Carbon, 3 Per Cent Chromium Steel. 


100 seconds. Etched in nital. x 750 


Fig. 20—0.08 Per Cent Carbon, 3 Per Cent Chromium Steel. 


100 seconds. Etched in nital. x 1300. 
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720 degrees Cent.— 
650 degrees Cent.— 
575 degrees Cent.— 
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———— 





Fig. 21—0.15 Per Cent Carbon, 3 Per Cent Chromium Steel. 720 degrees Cent.— 
1500 seconds. Etched in nital. Xx 150. 

Fig. 22—0.15 Per Cent Carbon, 3 Per Cent Chromium Steel. 650 degrees Cent.— 
10,000 seconds. Etched in nital plus picral. x 150. 

Fig. 23—0.69 Per Cent Carbon, 3 Per Cent Chromium Steel. 447 degrees Cent.— 
70,000 seconds. Etched in nital. xX 800. 


DS 
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3. Steel with 0.26 Per Cent Carbon—The S-curve for this steel 
is very similar to that for the 0.38 per cent carbon, 2.98 per cent chro- 
mium steel previously reported by Klier and Lyman (2). The fer- 
rite line > merges with the pearlite beginning curve at about 650 de- 
grees Cent. a . and €merges at about 550 degrees Cent. (1020 degrees 
Fahr.). At temperatures between 650 and 550 degrees Cent. (1200 


and 1020 degrees Fahr.) only a small amotint of free ferrite forms 


during the course of the pearlite reaction, 

4. Steel with 0.69 Per Cent Carbon—Above 475 degrees Cent. 
(885 degrees Fahr.) decomposition goes to » completion by th the pearlite 
reaction. At 475 degrees Cont (885 d degrees Fahr.) ferrite precipi- «4— 
tates from austenite after the start of pearlite formation. The re- 
sulting microstructure is similar to that previously reported for the 
1.02 per cent carbon steel® with the exception that plate carbide is 
absent in the 0.69 per cent carbon steel. This ferrite reaction is con- 
tinuous with the upper intermediate structures in the same way as 
described for the 1.02 per cent carbon steel (3). 

Between 450 and 395 degrees Cent. (840 and 745 degrees Fahr.) 
a gamma-to-Fe,C reaction occurs after previous transformation of 
austenite to ferrite, or upper intermediate product. The first car- 
bide to form at 447 degrees Cent. (835 degrees Fahr.) appears in the 
microstructure near areas of the first reaction product (Fig. 23). 
Eventually carbide needles form in areas remote from the first prod- 
uct. This may be an indication of carbon-enrichment of austenite at 
this temperature by the first reaction. In a 1.02 per cent carbon, 2.9 
per cent chromium steel, enrichment at 384 degrees Cent. (725 de- 
grees Fahr.) has been shown by measurements of martensite axial 
ratios. The microstructures of the reaction products are the same 
at 384 degrees Cent. (725 degrees Fahr.) in the 1.02 per cent carbon 
steel as at 447 degrees Cent. (835 degrees Fahr.) in the 0.69 per 
cent carbon steel. These temperatures are at the top of the inter- 
mediate range for the two steels. Enrichment has also been shown 
in a 0.38 per cent carbon, 3 per cent chromium steel at the top of the 
intermediate range. 

The intermediate reaction goes to completion at 300 degrees 
Cent. (570 degrees Fahr.) and below. 

5. Steel with 1.02 Per Cent Carbon—Transformations in this 
steel have been described previously (3). 

6. Steel with 1.28 Per Cent Carbon—Comparison of the S- 





*Cf. Fig. 11 of Ref. 3. 
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curve for this alloy with that for the 1.02 per cent carbon steel re- 

veals a qualitative similarity. However, the experimental observa- 

tions indicate there are differences between the reactions in the two 

steels at temperatures near 300 degrees Cent. (570 degrees Fahr.). 
For all steels in this series containing 1.02 per cent carbon or 

less the total dilatometric expansion accompanying the initial, rapid 


60 





Total Expansion, 2000! Inches 


Temperature, °C. 


Fig. 24—Temperature Dependence of Total Dilatometrie Ex- 
pansion During Initial, Rapid Transformation in the Intermediate 
{ Range. All dilatometér specimens 1 inch long. 


| intermediate reaction has been found to increase continuously with 
| decreasing reaction temperature. As is shown in Fig. 24 this rela- 
| tion does not obtain for the 1.28 per cent carbon steel; subnormal 
expansions were obtained below 325 degrees Cent. (615 degrees 
Fahr.) in this steel. Correlation with the microstructures shows that 
i this effect is not associated with a decrease in the degree of advance- 
ment which the isothermal reaction attains." 

The microstructure of the 1.28 per cent carbon steel in the re- 
gion of the dilatometric anomaly is shown in Fig. 25. The structure 
is acicular during the early part of the transformation but the growth 
processes which carry the reaction nearly to completion obliterate 
the acicular pattern, as can be seen in those areas of the photomicro- 
graph which show the most transformation. 

A separate carbide reaction was observed at all temperatures 
from 630 to 345 degrees Cent. (1165 to 630 degrees Fahr.). The 


"The decrease of expansion with increasing temperature above 325 degrees Cent. in 
this steel is associated with the temperature dependence of the degree of advancement in 
the manner previously discussed (2, 3) for steels of lower carbon content. 
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Fig. 25—1.28 Per Cent Carbon, 3 Per Cent Chromium Steel. 321 degrees Cent.— 
6000 seconds. Etched in nital. x 750. 


Fig. 26—1.28 Per Cent Carbon, 3 Per Cent Chromium Steel. 360 degrees Cent.— 
85,000 seconds. Etched in nital. x 1000. 


rate at which this reaction decreases the carbon content of the matrix 
has been followed by measurements of the martensite axial ratios of 
specimens partially reacted at 425 degrees Cent. (800 degrees Fahr.). 
These results, listed in Table IV, show that the matrix reaches a car- 


Table IV 


Effect of oe 425 Degree Cent. Carbide Reaction in the 1.28 Per Cent 
Carbon Stee 1 Upon the Carbon Content Content of Untransformed Austenite 





Time in Seconds Martensite Cc ieaisaialiaiiess 


at 425 Degrees Cent. Axial Ratio Carbon Content* 
(As quenched) 1.053 1.28 
3,000 1.051 1.22 
10,000 1.045 1.05 
100,000 1.038 0.85 
200,000 1.035 0.78** 
600,000 1.034 0.75** 





*Based upon the linear relation between axial ratio and carbon content given on page 407. 
**Microstructure contains ferrite as well as carbide. 





bon content of 08 1 per cent in about two days. In the 1.02 per cent 
carbon steel, at 450 degrees Cent. (840 degrees Fahr.), where the 
reaction sequence is the same, the matrix was reduced to about 0.6 
per cent carbon in the same time (3). 
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Between 350 and 380 degrees Cent. (660 and 720 degrees 
Fahr.) the transformation behavior is the same as in the 1.02 per 
cent carbon steel (3) at corresponding temperatures. Formation of 


plate carbide follows the initial reaction which takes place in small 
amount (Fig. 26). 


THe RETENTION OF AUSTENITE IN HYPOEUTECTOID STEELS 


It is common knowledge that a low carbon, low alloy steel con- 
sists entirely of martensite after w ater quenching from above the A, 
temperature.* It was shown by Klier and Lyman (2), however, that 
it is possible to retain some austenite at room temperature in such 
steels if the cooling is interrupted to allow partial transformatien in 
the intermediate range. Other X-ray diffraction patterns showing 
the presence of austenite in a variety of low alloy steels after such 
treatments have been obtained in the University of Notre Dame labo- 
ratory during the past three years. 

It was of interest to determine to what extent this austenite_re- 


tention is dependent upon carbon content in_ the hy poeutectoid 3 

cent chromium steels of this investigation. Accordingly, ar ee. 
mens of the 0.08 and 0.15 per cent carbon steels were partially trans- 
formed isothermally at temperatures near M, and examined for the 
presente | of retained austenite by X-ray diffraction. The X-ray pat- 
terns ftirnished proof that austenite can be retained in these steels 


(Table V). 


The austenite lines in the best of these patterns were nearly as 


Table | v 


Retention of Austenite After Partial Transformation 
of Hypoeutectoid Steels 


Steel Transformation Transformation Austenite 
Per Cent Temperature, Time, Line 
Carbon Degrees Cent. Sec. Intensity* 
0.15 532-—— eet i > tk |g ea eae 
515 20 medium 
515 60 weak 
498 15 strong 
498 50 medium 
0.08 §32 Stites 2s. eee Ae 
532 ert eae 2S pe 
515 ‘ gh eh. POE eel ate ge alae 
498 15 medium 
85 s strong 
i 485 15 strong 


*Referred to strongest austenite lines which have been obtained. 





8For instance, according to the Mr line of Fig. 2, all steels of the present series con- 
taining less than 0.5 per cent carbon will be 100 per cent martensite after a direct quench, 


while those having more than 0.5 per cent carbon will contain austenite as well as mar- 
tensite. 
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strong as any which have been obtained in low alloy, hypoeutectoid 
steels and it was considered possible that the presence of carbon 
might not be necessary for the retention of the gamma phase in 3 
per cent chromium alloys. 

This possibility was tested with an alloy of iron plus 3.22 per 
cent chromium.® Gamma was retained after partial transformation 
of this alloy at four temperatures between 450 and 485 degrees Cent. 
(840 and 905 degrees Fahr.) (Table VI). 

The presence of gamma_ mixed with the chromium ferrite of 
this alloy at room temperature i is not due to carbon enrichment of 
the retained gamma for the carbon content of the material is negli- 
gibly small. The gamma retention must be considered as a “stabiliza- 
tion’’*° phenomenon (12), (4). ae 


om $e a 


Table VI 


Retention of Gamma After Partial Transformation 
of Alloy of tron Plus 3 Per Cent Chromium* 





Transformation Transformation Gamma 


Temperature, Time, Line 
Degrees Cent. Sec. Intensity 
545 12 
505 5 
505 12 See 
485 5 weak 
485 10 weak 
485 15 weak 
475 3 weak 
475 10 weak 
465 10 weak 
450 12 weak 


*Carbon content, appranamialy 0.01 per cent. 








Klier and Lyman (2) have proposed that carbon enrichment of 
austenite occurs in hypoeutectoid steels during transformation in the 
intermediate range. This proposal was based upon the retention of 
austenite in low alloy and plain carbon steels and upon the occurrence 
of a measurable martensite tetragonality in the 0.38 per cent carbon, 
2.98 per cent chromium steel after partial transformation at the top 
of the intermediate range. Since gamma has been retained in an 
iron-chromium alloy, stabilization cannot be presumed absent in hy- 
poeutectoid steels given similar treatments which result in austenite 
retention. The proposal regarding enrichment during decomposition 
in the intermediate range is therefore of uncertain—validity except 


*This alloy, containing approximately 0.01 per cent carbon, 0.46 per cent manganese 
was obtained through the courtesy of the Union Carbide and Carbon Research Laboratory. 
*WWhen austenite of unchanged composition has a lower Ms or forms less martensite 
during a slow or an interrupted quench‘ than on a direct quench, it is said to be “stabilized’’. 
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for those steels and transformation temperatures where an increase 
in the tetragonality of matrix martensite can be observed. 

It has been proved that carbon is not necessary for the reten- 
tion of gamma in 3 per cent chromium alloys. It was previously 
shown (2) tk that the pre presence e of chromium i is not necessary for reten- 
tion since the phenomenon exists in plain carbon and other steels 
which do not contain chromium. It is conceivable that gamma reten- 
tion after partial transformation near and somewhat above M, is in- 
dependent of the identity of the solute atoms in the gamma solution. 
Beyond some limiting dilution of an iron binary solution, however, 
the effect may not be observable, either because of the absence of 
the phenomenon in pure iron and its most dilute solutions or because 
of rapid transformation rates or experimental difficulties such as the 
limit of sensitivity of the X-ray method of phase detection. 


CARBIDES IN 3 PER CENT CHROMIUM STEELS 


It has been known for many years (6) that the structure of the 
carbides in chromium steel depends upon the composition. The he phase 
diagram of Fig. 1 shows this dependence for conditions believed to 
approximate equilibrium at high subcritical temperatures. Variation 
in the crystal structure of ‘carbide in certain chromium steels within 
the composition range of Fig. | has been observed on heating for dif- 
ferent times at constant temperature (7), (3) and at different tem- 
peratures for the same time (7). It was therefore considered desir- 
able to investigate the structure of carbides in 3.per_ cent chromium 
steels as a function of time, temperature and carbon content. 

Carbides in the 0.38 Per Cent Carbon S teel—According to Fig. 
1 the equilibrium carbide in the 0.38 per cent carbon steel near 700 
degrees Cent. (1290 degrees Fahr.) is Cr;,C,. Previous results (2), 
however, indicate that Fe,C forms from austenite during the pearlite 
reaction in this steel at at temperatures between 600 and 720 degrees 
Cent. (1110 and 1330 degrees Fahr.). X- -ray diffraction results have 
now been obtained (Table VII) which make possible the cor construction 
ofa time-temperature diagram for the transformation of Fe,C into 
the stable phase Cr,C, under the conditions which obtain during and 
after the transformation of austenite at constant subcritical tempera- 
ture. This information has been plotted on the S-curve of austenite 
decomposition in Fig. 27. 


It is to be noted in Fig. 27 that the time for complete conversion 
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/ 10? l04 108 108 
: 7ime, Seconds 
i Fig. 27—-Isothermal Transformation Diagram for 


0.38 Per Cent Carbon, 2.98 Per Cent Chromium Steel. 
Lines for transformation of austenite are after Klier 
and Lyman (2) except where plotted points are shown. 


Carbides in the 0.38 Per Cent Carbon Steel 
, 
Temperature Time 
Degrees Cent. Sec. Carbides 
[ 720 5,000 FesC 
: 720 20,000 FesC + CrzCy; 
720 90,000 CrzCg + FesC 
720 260,000 riU, 
675 10,000 CriCs + FesC (weak) 
i 675 30,000 CriCz + FesC (weak) 
: 675 100,000 CriCg 
; 625 3,000 FesC 
; 625 10,000 FesC + CriCz (weak) 
: 625 30,000 CriCg 
; : 625 100,000 CriCg 
565 500,000 CriCy 
: 51 1,000,000 FesC (weak) 
515 3,000,000 CrzCz (weak) 
515 10,000,000 CriCs 
515 35,000,000 CriCyg 
: 475 1,000,000 FeyC (?) 
| 475 3,000,000 FegC (weak) 
i 473 5,000,000 Fe.C 
475 7,000,000 FesC 
; 475 32,000,000 CriCy 
i 415 9,000,000 FesC 


415 32,000,000 FesC 


of Fe,C to Cr,C, decreases with decreasing temperature above 625 
degrees Cent.'' Below about 600 degrees Cent. (1110 degrees Fahr.) 


“The end-point for the reaction is the point where FesC lines are no longer discern- 
ible in the Debye patterns. This method, of course, does not give absolute results since the 
last small fraction of FesC to transform will not be detected by the X-ray method. 
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the time required for complete disappearance of Fe,C does not differ 
greatly from the time for complete decomposition of austenite. Tem- 
peratures where Fe,C was not detected after times shorter than that 
required for complete decomposition of austenite are those where 
ferrite,as well as the dark-etching “pearlite” aggregate, was observed 
to form during the late stages of austenite decomposition.** Below 
515 degrees Cent. (960 degrees Fahr.) the time duration of the last 
5 to 10 per cent of austenite decomposition is considerably greater 
relative to the total transformation time than for temperatures near 
the knee of the S-curve. It appears that in this period the formation ~ 
of Cr,C, from Fe,C is faster than the formation of Fe,C from aus- 
tenite; that is, the carbide reaction may be waiting for Fe,C to be 
supplied from austenite. 

Although the curve for zero Fe,C has a shape similar to that for 
zero gamma on the S-curve it is not concluded that there is an anal- 
ogy in the kinetics of the two reactions. Rather, it will be shown 
that variations in the initial alpha-plus-Fe,C microstructure are an 
important factor in determining the rate of the carbide reaction, oc- 
curring after isothermal transformation of austenite. In the deter- 
mination of the S-curve of austenite decomposition, initial micro- 
structure was not a variable. 

The Influence of Previous Structure Upon the Formation of 
Cr,C, in the 0.38 Per Cent Carbon Steel—The rate of the pearlite 
reaction is known to vary with the initial structure (as. determined 
by grain size and inhomogeneity) of the transforming austenite. 
The rate of the reverse reaction, ferrite-plus-carbide-to-austenite, has 
also been shown to depend upon initial structure (13). Micro- 
structural differences of kind and of degree occur among the alpha- 
plus-Fe,C aggregates which result from the transformation of aus- 
tenite in the 0.38 per cent carbon steel at different temperatures (2). 
It was anticipated that these different structures would transform at 
different rates when annealed at the same subcritical temperature to 
cause the transformation of Fe,C to the stable Cr,;C,. Such differ- 
ences have been observed (Table VIII). 

The results obtained on annealing fine and coarse pearlite at 720 
and 625 degrees Cent. (1330 and 1160 degrees Fahr.) have been ac- 
cepted as evidence that the variations in the structure of pearlite 


caused by changing the austenite-to-pearlite transformation tempera- 
ture play an important role in determining the slope of the zero-Fe,C 


#2Cf. page 404 of Ref. 2. 
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line above 625 degrees Cent. (1160 degrees Fahr.) in Fig. 27. 

The movement of chromium and/or carbon into the new phase 
is certainly an important step in the carbide-carbide transformation. 
One factor involved in this atom migration is the distance which 
atoms must travel through ferrite in order to reach reaction sites. 
These diffusion paths are determined by the size and distribution of 


Table VIII 


Influence of Previous Structure Upon the opeteen of 
Cr-Cs m the 0.38 Per Cent Carbon Stee 


Transformation 
Previous Previous Temperature, Time ; 
Treatment Structure “ie Sec. Carbides 
1200°C.-30 min. Austenite* > 720 5,000 _ Fe 
1200°C.-30 min. Austenite*: » 720 20,000 FesC + CriCq 
1200°C.-30 min. Austenite* » 720 90,000 Cr7zCs + Fey 
1200°C.-30 min. Austenite*. > L 720 260.000 rC 
Water Quench Martensite 720 3.000 FesC + Cr Cs 
Water Quench Martensite 720 30,000 CrzCg + FesC (weak) 
Water Quench Martensite 720 300,000 Cr:Cs 
625°C.-3000 sec. , Fine pearlite 720 30,000 CriCs 
(a + FexC) 
415°C.-9,000,000 sec. es 720 30,000 FesC + CriC, 
a 
720 310,000 CrzCs + FesC (weak) 
650°C.-200,000 sec. re 720 340,000 CriCs 
a rrUs 
1200°C.-30 min. Austenite”- 4 625 3,000 FesC 
1200°C.-30 min. Austenite”: 4 625 10,000 Fe,C + Cr;Cs (weak) 
1200°C.-30 min. Austenite”: 4 625 30,000 Cr-Cs 
son oe Austenite” ¢ e = oe . ore a’ 
ri Coarse pearlite 00,000 es r7Cs 
Cae CERES 


*Austenite transforms to coarse pearlite (a-+FesC) at 720 degrees Cent. 

»’Table VII. 

Table ITT. 

4Austenite transforms to fine pearlite (a+ FesC) at 625 degrees Cent. 

*Fe,C lines stronger, Cr;C, lines weaker than in pattern from specimen transformed 


qneraeey at 720 degrees Cent. and subsequently held for 90,000 seconds at 720 degrees 
ent. 


Fe,C particles in ferrite, that is, by the previous microstructure, 
which differs observably in the different ferrite-carbide aggregates.** 
Thus, coarse pearlite, in which the diffusion paths are relatively great, 
transforms more slowly than fine pearlite at the same temperature, — 
e. g., 625 degrees Cent. (1160 degrees Fahr.). eae 
Let us now consider the special conditions depicted in Fig. 27, 
that is, transformation of the carbide of each structure at the tem- 
perature of its formation from austenite. There are two principal 
variables which influence the rate of this carbide transformation: the 
previous structure (pearlite) within which the carbide reaction occurs 


eS --— 


and the mobili ity of atoms.** With decreasing temperature below 720 


Differences in the composition of FesC in the different aggregates may also exist and 
influence the rate of carbide conversion. The chemical data necessary for an evaluation of 
this factor are not available. 
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degrees Cent. (1330 degrees Fahr.) the accelerating influence due to 
increasing fineness of pearlite more than offsets the sluggishness im- 


posed by the lower atom mobility at iower temperature. There is 


no evident reason for considering this relation a general one for re- 
actions of this type ; conceivably, the zero-Fe,C line above the pearlite 
knee might slope upward to shorter times for a carbide conversion in 
some other steel having the pearlite reaction at lower temperatures. 

Below 600 degrees Cent. (1110 degrees Fahr.) the retardation 
in the formation of Fe,C (in pearlite) from austenite necessarily 
shifts the carbide conversion to longer times for the 0.38 per cent 
carbon steel. 

The results of annealing four different alpha-plus-Fe,C struc- 
tures at 720 degrees Cent. (1330 degrees Fahr.) indicate that the 
carbide conversion is most rapid when the initial structure is fine 
pearlite. Martensite and austenite placed at 720 degrees Cent. (1330 
degrees Fahr.) transform to alpha-plus-Fe,C aggregates which react 
to the stable phases more slowly than does fine pearlite. The rate 
of transformation of alpha plus Fe,C in bainite formed and tempered 
for 104 days at 415 degrees Cent. (780 degree Fahr.) was the slow- 
est of the four Striictures tested for Cr,;C, formation at 720 degrees 
Cent. (1330 degrees Fahr.). 

Carbides in 3 Per Cent Chromium Steels After Isothermal 
Transformation of Austenite—The results of X-ray diffraction 
identifications of carbides in the remaining six 3 per cent chromium 
steels after isothermal transformation of austenite are given in Table 
IX. 

Of the alloys containing 0.15 per cent or more of carbon which 
were thoroughly annealed at temperatures near 700 degrees Cent. 
(1290 degrees Fahr.) only the 0.69 per cent carbon steel contained 
both Fe,C and Cr,C, (Table III and Fig. 1). Table IX shows, how- 
ever, that each of the 3 per cent chromium steels can, after certain 
treatments, contain both the orthorhombic and trigonal carbides. The 
X-ray results of Table 1X, considered by themselves, can scarcely 
be rationalized. However, when they are considered in conjunction 
with the S-curves, microstructures, martensite axial ratios and influ- 
ence of previous structure already described, it is possible to arrive 
at a consistent and reasonable explanation of all of the diffraction 
patterns which have been obtained. 





“It is assumed that the energy difference between initial (alpha-plus-Fe;C) and final 
(alpha-plus-Cr;C,) states is a weak function of temperature. 
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Table IX 
Carbides in 3 Per Cent Chromium Steels After Isothermal 
Transformation of Austenite 
Steel Transformation Transformation 
Per Cent Temperature Time 
Carbon Degrees Cent. Seconds Carbides 
0.08 750 80,000 CrzCg + FesC (weak) 
0.08 675 340,000 Cr-;Cs + FesC 
0.08 650 520,000 CrzCs + FesC 
0.15 750 5,000 Cr7zCg + FesC 
0.15 750 80,000 Cr;Cs + FesC 
0.15 650 © 18,000” CriCs 
0.15 650 520,000 Cr7Cy, 
0.38 See Table VII and Fig. 27. 
0.69 720 20,000 FesC 
0.69 720 90,000 Fe;C + Cr;Cz 
0.69 720 340,000" Fe,C + Cr7C 
0.69 515 1,500,000 CriCs + Fes 
0.69 515 10,000,000 Cr7zCg + FesC (weak) 
0.69 475 1,500,000 FesC + Cr;Cs (weak) 
0.69 475 32,000,000 Cr7zCs + FesC 
0.69 415 32,000,000 €3 
1.02 775 35,000" FesC 
1.02 720 340,000" FesC 
1.02 650 300” FesC 
1.02 650 85,000 FesC 
1.02 565 900” FesC 
1.02 515 1,500,000" Fe,C + CrzCs (weak) 
1.02 515 17,000,000°¢ Fe,C + CrzCzs 
1.02 475 1,000,000 FesC 
1.02 475 25,000,000 FesC + Cr;Cz 
1.02 450 500,000» FesC 
1.02 415 7,000,000» FesC 
1.02 415 37,000,000 FesC 
1.02 384 1,000,000" FesC 
1.28 720 340,000" es 
1.28 515 10,000,000 FesC + Cr-Cs 
1.28 475 16,000,000 FesC + Cr;Cs; 
1.28 425 10,000 Fes 
1.28 360 85,000 Fe,C 


*After 200,000 seconds at 650 degrees Cent. 


>Reported in Ref. 3 


(Table III.) 


©Metallographic specimen from which this X-ray sliver was cut analyzed 1.00 per cent 


carbon after treatment. 











The approach to an alpha-plus-Cr,C, equilibrium state in the 








0.38 per cent carbon steel and in other steels (7, 3) has been shown 
to proceed through an alpha-plus-Fe,C state. This reaction sequence 


is indicated for all of the 3 per cent chromium steels containing less 
than 0.38 per cent carbon. 

Transformation of austenite in the 0.08 per cent carbon steel at 
temperatures near the knee of the S-curve gives rise to gross segre- 
gation in the microstructure. Transformation produces large vol- 
umes of carbon-poor ferrite surrounding smaller carbon-rich volumes 
of pearlite which contain Fe,C and possibly some Cr,C, (Fig. 17). 
In order for the entire structure to become alpha plus Cr,C,, the iso- 
lated volumes of pearlite must come into equilibrium with the much 
larger masses of ferrite. Whatever the exact mechanism of this 
change may be, it seems necessary that there be a considerable 
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amount of carbon and/or chromium movement through the large 
ferrite volumes. Thus the previous structure, already considered as 
an important variable in the carbide-carbide transformation in the 
0.38 per cent carbon steel, will influence even more markedly the 
time necessary to carry the carbide conversion to completion in a 
structtre containing large amounts of proeutectoid ferrite. 

‘A striking example of this extreme effect of previous structure 
is afforded by a comparison of the carbides in the 0.08 and 0.15 per 
cent carbon steels transformed at 650 degrees Cent. (1200 degrees 
Fahr.). Even after 520,000 seconds at this temperature, the 0.08 
per cent carbon steel contains untransformed Fe,C. In the 0.15 per 
cent carbon steel, the amount of proeutectoid ferrite in the structure is 
considerably less and no Fe,C is detectable after 18,000 seconds at 
650 degrees Cent. (1200-degrees Fahr.). 

The existence of Cr;C, in the 1.02 and 1.28 per cent carbon 
steels after certain treatments can be explained in a similar fashion. 
The matrix in these steels has been shown to be low in carbon (0.6 
to 0.8 per cent) following initial precipitation of Fe,C from austenite 
at temperatures near 450 degrees Cent. (840 degrees Fahr.) (Table 
IV; Cf. also Fig. 10 of Ref. 3). So far as the subsequent pearlite 
transformation is concerned this carbon-impoverished austenite will 
react in about the same wayas does austenite in the 0.69 per cent car- 
bon steel at the same temperature. Thus, both Fe,C and Cr,C, will 
appear and persist in those regions of the specimen which are of re- 
duced carbon content. Eventually the different parts of the micro- 
structure must come into equilibrium with each other but it is evident 
from the results obtained after annealing for 100 to 400 days at 515 
and 475 degrees Cent. (960 and 890 degrees Fahr.) that the segrega- 
tion produced in a few hours by initial precipitation of Fe,C from 
austenite will not be eliminated except after impractically long an- 
nealing at these temperatures. 

The application of these results to phase diagram studies is di- 
rect. Correlation of microscopic with X-ray. results can lead to a 
satisfactory interpretation of the structure and a differentiation be- 
tween purely kinetic and equilibrium phenomena in many cases where 
either of the two methods by itself would be inadequate. 


HARDNESS AFTER ISOTHERMAL TRANSFORMATION 


The Rockwell hardness values given on the S-curves were ob- 
tained from specimens held at temperature just long enough to com- 








ee mi 


Fi axl > 


oe eas 


De en eee To a 


428 TRANSACTIONS OF THE A. S. M. Vol. 37 


Rockwell C* Hardness 
& 8 & 


8 





Fig. 28—Infiuence of Time at 515 De- 
grees Cent. Upon the Hardness of 3 Per 
Cent Chromium Steels, Containing 0.38 to 
1.28 Per Cent Carbon. 


plete the transformation of austenite.** The trend of these hardness 
results is the same as reported by previous investigators (14). 

About 100 to 200 degrees Cent. below the temperature of maxi- 
mum rate of pearlite formation the hardness of the just-completely- 
transformed specimens decreases with decreasing reaction tempera- 
ture in most of the steels. In some cases this decrease can be associ- 
ated with increasing amounts of free ferrite in the microstructure. 
When the time for complete transformation of austenite is several 
weeks or months at temperatures of 400 to 500 degrees Cent. (750 to 
930 degrees Fahr.) there will be an appreciable tempering effect con- 
tributing to the lower hardness. 

The influence of prolonged tempering of the 515 degree Cent. 
(960 degree Fahr.) reaction product at the temperature of its for- 
mation is shown for four steels in Fig. 28. Appreciable softening of 
pearlite also occurs at higher temperatures when these steels are al- 
lowed to remain at the transformation temperature for times well 
beyond that required for the disappearance of austenite (Table X). 
The results demonstrate that time, as well as temperature, is an im- 
portant variable in determining the hardness of tempered pearlite. 
For instance, it is possible to soften the 0.38 per cent carbon steel to 
Rockwell C-20 at all temperatures between 720 and 515 degrees Cent. 


When the microstructure of the specimen held for the longest time at a temperature 
showed that transformation of austenite was not yet complete, the hardness of this specimen 
has been placed in parentheses. ' 
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(1330 and 960 degrees Fahr.) (and presumably at lower tempera- 
tures) by varying the time of heating. The mechanical properties of 
these aggregates therefore are not determined by the temperature 
level at which the transformation occurs. So far as practical soften- 
ing treatments are concerned, it is true that temperature will far out- 
weigh time as a factor in determining hardness. This, of course, is 
also true with respect to the tempering of a fully martensitic struc- 
ture. 


Influence of Time on the Hardness of 3 Per Cent Chromium Steels 

Steel Transformation Transformation 

Per Cent Temperature, Time, Hardness, 

Carbon Degrees Cent. Sec Re 
0.38 650 1,600 28 
0.38 650 200,000 17 
0.69 650 500 40 
0.69 650 200,000 24 
1.02 650 300 46 
1.02 650 200,000 31 
1.28 650 150 §2 
1.28 650 200,000 33 
0.38 625 3,000 32 
0.38 625 10,000 29 
0.38 625 30,000 27 
0.38 _ 625 100,000 23 
0.38 625 300,000 20 
0.38 720 2,000 21 
0.38 720 5,000 19 
0.38 720 10,000 15 
0.38 720 20,000 13 
0.38 720 . 60,000 6 
0.38 720 260,000 B85 
0.38 720 3,000 22* 
0.38 720 30,000 11* 
0.38 720 300,000 B90* 








*For tempering of martensite. 


Comparison of the hardnesses obtained after tempering martens- 
ite and pearlite at the same temperature (720 degrees Cent.) shows 
the previous structure to be less important than time in determining 
the hardness. 


THe INFLUENCE OF CARBON CONTENT 


In an alloy of iron plus 3 per cent chromium face-centered-cubic 
gamma transforms to body-centered-cubic alpha. The addition of 
carbon as a solute in this basis alloy changes the transformation char- 
acteristics of the face-centered-cubic solution profoundly. New 
phases become stable; new and more complicated reactions occur. 
Diffusion becomes a necessity for establishing the equilibrium phases. 
Finally, with carbon present in amounts close to the limit of its solu- 
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bility in austenite, little vestige remains of the transformation pattern 
of the original basis alloy. 

The influence of carbon, added as a solute to 3 per cent chro- 
mium gamma, can now be evaluated in terms of the isothermal trans- 
formation diagrams and related to the well-recognized reactions 
which take place in solid steel. The effect of carbon upon the tem- 
perature ranges in which these transformations (pearlite, intermedi- 
ate and martensite) occur is shown in Fig. 29. 

Austenite-to-Cementite—The first additions of carbon do not 
give rise to a simple precipitation of a carbide phase from austenite. 
Rather, carbide forms with ferrite in the pearlite aggregate. At some 
carbon content between 0.38 and 0.69 per cent an austenite-to-carbide 
reaction makes its first appearance. The carbide formed is cementite 
(Fe,C). The reaction occurs only at comparatively low tempera- 
tures (not in the familiar proeutectoid fashion just below A,) and 
there is reason to believe that the austenite from which this Fe,C 
forms is richer in carbon than is the steel as a whole. The enrich- 
ment is caused by a previous transformation of austenite to ferrite 
or a ferrite-rich product. The 0.69 per cent carbon steel typifies this 
transformation sequence (Fig. 14). 

As carbon is increased above 0.69°per cent the temperature range 
in. which simple precipitation of Fe,C takes place becomes wider in 
the low-temperature region and the reaction appears also at highest 
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subcritical temperatures. Further increases lead to the joining of the 
two regions of carbide precipitation at the temperature of most rapid 
pearlite formation and, in the 1.28 per cent carbon steel, the aus- 
tenite-to-cementite reaction occurs at all temperatures above 350 de- 
grees Cent. (660 degrees Fahr.). 

Austenite-to-Pearlite—The addition of a few hundredths of a 
per cent of carbon to the basis alloy causes the pearlite reaction to 
appear. Like the austenite-to-cementite precipitation, the pearlite 
transformation takes place, at lowest carbon contents, in an austenite 
which is enriched in carbon by ferrite precipitation. Also like the 
austenite-to-cementite precipitation, the reaction becomes more prom- 
inent and accounts for a larger proportion of the austenite trans- 
formation as the carbon content increases. 

As shown in Fig. 29 the temperature of maximum rate of the 
pearlite transformation is not changed greatly by increasing carbon _ 
content. Thus it is possible to compare the rates of pearlite forma- 
tion at the knee of the S-curve in the different steels without consid- 
ering the effect of temperature explicitly. This comparison, given in 
Fig. 31, shows that carbon increases the rate of the pearlite re- 
action.*® 

The transformation diagrams demand that the critical cooling 
velocity® increase with increasing carbon content above 0.26 per cent. 
The data of Rose and Fischer (10) for carefully controlled, low 
cooling velocities show this increase (Figs. 8 to 10). 

In a previous paper (3) it was shown that increasing the chro- 
mium content of 1 per cent carbon steels decreases the rate of the 
pearlite reaction in the manner shown in Fig. 30. It is to be noted 
that increasing chromium at 1 per cent carbon and decreasing carbon 
at 3 per cent chromium have the same effect upon the rate of the 
pearlite reaction at the knee of the S-curve.’’ This fact is considered 
as emphasizing the co-operative or mutual nature of the influence of 
the composition variables in this system. Thus Fig. 31 showing the 
influence of carbon in 3 per cent chromium steels represents the com- 
bined effects of chromium and carbon when the carbon content of 
3 per cent chromium steels is varied. 

The co-operative nature of the influence of carbon and chromi- 





“These rates were obtained by dividing the number of seconds-between beginning and 


end of reaction (as given on the transformation diagrams) into the percentage of rlite 
formed at the knee of the S-curve.-———"—"———-"—— 
“For instace the Change-im rate caused by the addition of 6 per cent of chromium to 


a 1 per cent carbon, 3 per cent chromium steel is the same as the change caused by the 
subtraction of 0.8 per cent of carbon from the same steel. 
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Fig. 30 (Left)—Influence of Chromium Content Upon the Reaction Rate of Austenite 
~ tn the Knee of the S-Curve) in 1.0 Per Cent Carbon Steels, After Lyman and 
roiano . 


j Fig. 31 (Right)—Infiuence of Carbon Content Upon the Reaction Rate of Austenite to 
"i Pearlite (at the Knee of the S-Curve) in 3 Per Cent Chromium Steels. 

; um upon the transformations in this system is particularly well in- 
: dicated in the phase diagram. The phase diagram (Fig. 1) shows 
: that either the addition of chromium to or the subtraction of carbon 


i from a 1 per cent carbon, 3 per cent chromium steel will change the 
equilibrium phases in the same direction, namely, from alpha plus 
P Fe,C to alpha plus Cr,C,. It is a conspicuous fact that, in these two 
series of chromium steels, aiterations in composition which affect the 
alpha-plus-carbide equilibrium in the above manner also change the 
rate of reaction of austenite directly into alpha plus carbide in the 
same direction and by approximately the same amount. 

According to Fig. 1 the 0,69 per cent carbon, 3 per cent chromi- 
um steel of this investigation and the 1.04 per cent carbon, 4 per cent 
chromium steel considered previously (3) are similar in that at equi- 
librium near 700 degrees Cent. (1290 degrees Fahr.) they both con- 
tain Fe,C and Cr,C, in about the same ratio. The rates at which 
these two steels transform to pearlite at the knee of the S-curve are 
nearly the same also. 

The 0.38 per cent carbon, 3 per cent chromium steel and the 
1.05 per cent carbon, 6 per cent chromium steel (3) appear also to be 
similar alloys in the sense that their compositions in the phase dia- 
gram of Fig. 1 are just outside the three-phase field. These steels 
, have been observed to transform in the same way near 700 degrees 
Cent. (1290 degrees Fahr.): austenite decomposes to alpha plus 
Fe,C which on continued holding reacts to give alpha plus Cr;Cy. 
The rates of the pearlite reactions in the two steels are nearly iden- 
tical near 700 degrees Cent: (1290 degrees Fahr.). 
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These facts lead directly to the idea of equivalent compositions, 
that is, various combinations of carbon and chromium which are ca- 
pable of producing the same effect upon the pearlite reaction at the 
knee of the S-curve. It is well recognized that such equivalence with 
respect to hardenability exists between and among the various alloy- 
ing elements in multi-component commercial steels for which quanti- 
tative hardenability data may be correlated with chemical composi- 
tion. It has not heretofore been possible to correlate a change in re- 
action rates in a series of relatively pure steels with a change in the 
low-temperature equilibrium. 

It has often been pointed out that the relations between equilibri- 
um data for a system and the rates of reaction in the same system are 
not simple and direct. There is no doubt but that in some cases purely 
kinetic factors (diffusion hindrances, nucleation difficulties, grain 
interface conditions, and so on) outweigh in importance the purely 
thermodynamic factors. It is possible, however, that in other cases, 
the kinetic factors will be of secondary importance and that the trans- 
formation of austenite to alpha plus carbide will proceed at a rate 
which depends primarily upon the amount of its instability at sub- 
critical temperature.” 

For example, let us consider the case of alloys, such as the chro- 
mium steels discussed above, having equivalent compositions with 
respect to their reaction rates to pearlite. If it could be shown that 
the austenites in such alloys are unstable by the same amount, with 
respect to the same equilibrium phases at the temperature of maxi- 
mum rate, the relations between equilibrium data and rates might well 
assume increased significance. 

The transformation diagrams show that the time for complete 
transformation of austenite near 700 degrees Cent. (1290 degrees 
Fahr.) decreases by a factor of ten with increasing carbon content. 


There is a thousand-fold decrease, however, at 565 degrees Cent. 


(1050 degrees Fahr.) as is shown in Fig. 32. 

Recent studies of pearlite have, for the most part, considered the 
pearlite reaction from the special point of view of the product formed 
between A, and a temperature about 150 degrees Cent. lower in plain 
carbon and low alloy steels of near-eutectoid composition. 

There is experimental evidence (3) that the transformation 
which occurs at all temperatures from A, (790) to 400 degrees Cent. 
(1455 to 750 degrees Fahr.) in a 1 per cent carbon, 9 per cent 





measure of this instability is an energy difference between austenite and the 


The 
stable phases (alpha plus carbide) at the temperature of the reaction. 
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Fig. 32—Influence of Carbon Content re the Time for 
Complete Transformation of Austenite in Per Cent Chro- 
mium Steels. 


f chromium steel is fundamentally the same and can be considered as 
dj a pearlite reaction over the entire range. This concept may be ap- 
' plied also to the dark-etching structures formed in 3 per cent chromi- 
: um steels immediately below the temperature of maximum rate of 
pearlite formation. 

Although the “lower pearlite”’® structures are not ordinarily 
observed in steels continuously cooled to room temperature, they are 
of interest in building up a general theory of pearlite formation. The 
influence of carbon content upon the microstructure of pearlite 
formed about 100 degrees Cent. below the temperature of maximum 
i rate is shown in Figs. 33 to 38. 

There are two general types of structures represented: in low 
carbon steels, a massive product similar to nodular pearlite formed 
at it the knee of the S-curve ; in higher carbon steels, a more open struc- 
ture which has been described by Jolivet_(15) as granular or arbo- 
rescent. The microstructure shown in Fig. 35 seems to preclude 
considering these pearlites as members of a continuous series; the 
0.38 per cent carbon steel transformed at 600 degrees Cent. (1110 
: degrees Fahr.) contains two distinct dark-etching products, one simi- 
lar to the lower pearlite in the 0.15 and 0.26 per cent carbon steels, 
the other more like the structures found in steels of higher carbon 
: content at the corresponding temperatures. If it be assumed that 

these low temperature pearlites are nucleated by Cr,C, for the low 


carbon steels, and Fe,C for the higher-carbon steels, 1 then these two 
nS Sn 


‘a ae 


q — formed below the sqnpcmted of maximum rate will be referred to as lower 
. pearlite 








Fig. 33—0.15 Per Cent Carbon, 3 Per Cent Chromium Steel. 625 degrees Cent.— 
10,000 seconds. Etched in nital. x 500. 

ig. 34—0.26 Per Cent Carbon, 3 Per Cent Chromium Steel. 625 degrees Cent.— 
3000 setonds. Etched in nital. Xx 500. i 

Fig. 35—0.38 Per Cent Carbon, 3 Per Cent Chromium Steel. 600 degrees Cent.— 
4500 seconds. Etched in nital. x 650. ; 

Fig. 36—0.69 Per Cent Carbon, 3 Per Cent Chromium Steel. 575 degrees Cent.— 
700 seconds. Etched in nital. xX 500. 
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Fig. 37—1.02 Per Cent Carbon, 3 Per Cent Chromium Steel. 565 degrees Cent.— 
500 seconds. Etched in picral-HCl solution. x 500. 

Fig. 38—1.28 Per Cent Carbon, 3 Per Cent Chromium Steel. 565 degrees Cent.— 
300 seconds. Etched in picral-HCl solution. x 750. 

Fig. 390.38 Per Cent Carbon, 3 Per Cent Chromium Steel. 415 degrees Cent.— 
385 days. Etched in nital. Xx 1300. 

Fig. 40—0.69 Per Cent Carbon, 3 Per Cent Chromium Steel. 415 degrees Cent,— 
370 days. Etched in nital. Xx 1000, 
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Fig. 41—1.28 Per Cent Carbon, 3 Per Cent Chromium Steel. 415 degrees Cent.— 
388 days. Etched in picral-HCl solution. x 1000. 

Fig. 42—0.03 Per Cent Carbon, 3 Per Cent Chromium Steel. 625 degrees Cent.— 
200 seconds. Etched in picral-HCl solution. x 150. 

Fig. 43—0.15 Per Cent Carbon, 3 Per Cent Chromium Steel. 575 degrees Cent.— 
20,000 seconds. Etched in picral-HCl solution. x 150. 

Fig. 44—0.26 Per Cent Carbon, 3 Per Cent Chromium Steel. 515 Degrees Cent.-- 
100,000 seconds. Etched in nital. xX 400. 
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structures could be fitted into the framework of prevalent concepts 
of pearlite formation. 

It was noted previously (3) that at temperatures about 200 to 
300 degrees Cent. below the pearlite knee, in the 1.02 per cent carbon, 
3 per cent chromium steel, austenite decomposition occurs by separate 
carbide, ferrite and pearlite reactions, which may proceed simultane- 
ously. These three reaction products are present also in the 0.69 per 
cent carbon and 1.28 per cent carbon steels held for long periods at 
temperatures in this region. The amount of plate carbide increases 
and the amount of ferrite decreases with increasing carbon as 
shown in Figs. 40 and 41. Comparing Figs. 39, 40 and 41, it is seen 
that the amount of lower pearlite which forms at this temperature is 
not large for any carbon content. 

The microstructures of the 0.69, 1.02 and 1.28 per cent carbon 
steels held for long periods at 415 degrees Cent. (780 degrees Fahr.) 
show a general similarity. However, the order in which the micro- 
constituents appear in these three steels varies as shown below. 


0.69 per cent carbon alpha, carbide, pearlite 
1.02 per cent carbon carbide, alpha, pearlite 
1.28 per cent carbon carbide, pearlite, alpha 


Austenite-to-Ferrite and the Connected Intermediate Transfor- 
mation—In the 0.08 per cent carbon steel initial transformation of 
austenite to ferrite takes place at all temperatures above M,. The 
microstructure of this ferrite varies with temperature as shown in 
Figs. 17 to 20. At low temperatures the ferrite tends to be acicular 
in microappearance. The transition from this acicular ferrite to more 
massive ferrite occurs at about 625 degrees Cent. (1160 degrees 
Fahr.), at which temperature the microstructure is that shown in Fig. 
42. Ferrite precipitation at the boundary surfaces of austenite twin- 
bands is evident. The rate of formation increases with decreasing 
temperature below 625 degrees Cent. (1160 degrees Fahr.). The 
degree of advancement which the reaction attains increases with 
decreasing temperature and is considered as a defining characteristic 
of the intermediate reaction. Neither of these features of trans- 
formation is represented on the isothermal transformation diagrams. 
However, the transformation diagrams for the present series of 
steels show a decrease in the time for beginning of reaction corre- 
sponding to the observed increase in rate, on lowering the tempera- 
ture. The intermediate reaction in 3 per cent chromium steels can be 
recognized on the transformation diagrams by this feature. 





TRANSFORMATIONS IN CHROMIUM STEELS 


Fig. 45—1.28 Per Cent Carbon, 3 Per Cent Chromium Steel. 384 degrees Cent~ - 
100,000 seconds. Etched in nital. X 1150. 


At 0.15 per cent carbon the decreased rate of reaction of aus- 
tenite just above the intermediate range is associated with a distinct 
bay in the S-curve. At the top of the intermediate range the twin- 
band ferrite is again noticeable (Fig. 43). This microstructure. is 
characteristic of temperatures at the top of the intermediate range 
and has been observed in 3 per cent chromium steels of all carbon 
contents investigated. (See Figs. 42 to 45 and Figs. 14 and 15 of 
Ref. 3.) This is the only microstructure formed below the knee of 
the S-curve which is common to all of the seven steels. Since the 
intermediate reaction occurs at temperatures just below those where 
recognizable ferrite is formed, this reaction is considered as being 
intimately related to the austenite-to-ferrite precipitation in high as 
well as low carbon steels. 

It has been pointed out long ago and repeatedly that the inter- 
mediate reaction does not go to completion in the upper range.” The 
reaction proceeds rapidly at first and then the rate falls almost to 
zero. The amount of transformation occurring during the initial, 
rapid period of reaction increases with decreasing temperature. An 

Cf. Ref. 2 and 3 and bibliographies therein. 
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approximate measure of this temperature dependence is provided by 
the total expansions obtained in a dilatometer when steels are trans- 
formed at different temperatures in this range. Fig. 24 shows the 
dependence of total expansion upon reaction temperature for the 
3 per cent chromium steels. With increasing carbon content, the 
slopes of these curves increase, indicating that the degree of advance- 
ment is more sensitive to temperature in high than in_low carbon 
steels. Microscopic observations confirm this. 





Fig. 46—Influence of Carbon Content Upon the 
Time for Beginning of Ferrite and Connected Interme- 
diate Transformation in 3 Per Cent Chromium Steels. 


Fig. 46 shows the lowering influence of carbon upon the temper- 
ature range of the reaction, together with the influence of carbon 
upon the time for beginning of ferrite formation. Fig. 29 indicates 
that carbon has a greater lowering effect upon the martensite range 
than upon the intermediate range. The temperature below which 
the intermediate reaction goes to completion is relatively insensitive 
to carbon content. 

The microstructures resulting from the intermediate transforma- 
tion in 3 per cent chromium steels vary markedly with temperature 
and carbon content (Cf. Figs. 19 and 25). At lowest temperatures 
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the structure is dark-etching and acicular (bainite). The variation 
in microstructure with temperature for the 1.02 per cent carbon steel 
has been considered in detail previously (3). 

Considering all of the microstructures formed by the intermedi- 
ate reaction, it is not possible to formulate a general mechanism for 
the transformation. The subnormal dilatometric expansions obtained 
with the 1.28 per cent carbon steel (Fig. 24) indicate some change 
in the reaction at very high carbon contents. The retention of gamma 


Rockwell C* Hardness 





Fig. 47—Influence of Carbon Content and Reaction Temperature 
Upon the Hardness of 3 Per Cent Chromium Steels Transformed to 
the End of the Intermediate Reaction. Transformation of austenite 
was incomplete at the end of the intermediate transformation for these 
steels. Cf. Fig. 24 and the S-curves. 


in an iron-3 per cent chromium alloy after partial transformation 
near M, indicates that stabilization is a more general phenomenon 
than has previously been recognized. When austenite is retained in 
steels at room temperature after partial transformation in the inter- 
mediate range stabilization cannot be presumed absent. 

Hardness values obtained from dilatometer specimens of the 
three steels of lowest carbon content quenched to room temperature 
shortly after the end of rapid reaction in the intermediate range are 
plotted in Fig. 47. 

Since the intermediate reaction does not account _for complete 
transformation of austenite in any of these steels the structure will 
contain martensite as well as ferrite or intermediate-reaction product 
after quenching to room temperature. Since the amount of isother- 
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mal transformation in the intermediate range depends on the tem- 
perature, these dilatometer specimens contained varying amounts of 
martensite and isothermal transformation product. 

The hardness curve for the 0.26 per cent carbon steel passes 
through a minimum at about 440 degrees Cent. (825 degrees Fahr.). 
Below 440 degrees Cent. (825 degrees Fahr.), the specimen hardness 
is dependent chiefly upon the hardness of the isothermal reaction 
product which increases with decreasing temperature ; there is a rela- 
tively small amount of martensite present due to the fact that the re- 
action goes nearly to completion just above M, (Cf. Fig. 24). Above 
440 degrees Cent. (825 degrees Fahr.) there is an increasing amount 
of martensite present and the hardness increases to that of martensite 
at the top of the intermediate range as the amount of isothermal prod- 
uct decreases to zero. 

The hardness curve for the 0.15 per cent carbon steel does not 
reach a minimum above the M, temperature. The 0.08 per cent car- 
bon steel is considerably softer than the others regardless of the 
transformation temperature. The isothermal product is softer and 
the amount present is greater at the same temperature than in the 
other steels. 

The transformation diagrams for these steels indicate that fer- 
rite (or intermediate-reaction product) will be present after continu- 
ous cooling at rates somewhat slower than that necessary to produce 
a fully martensitic structure. The hardness developed by such cool- 
ing will be about the same as that of similar structures produced by 
partial isothermal transformation in the intermediate range. The 
differences in this respect between the 0.08 and 0.15 per cent carbon 
steels are clearly shown in Fig. 47. These results are in satisfac- 
tory agreement with the conclusion of Franks (16) that 3 per cent 
chromium steels containing up to about 0.10 per cent carbon will not 
be air hardening while those of higher carbon contents will be. 


SUMMARY 


The transformations in seven 3 per cent chromium steels with 
carbon contents of 0.08 to 1.28 per cent have been studied as func- 
tions of time and temperature, using microscope, dilatometer and 
X-ray diffraction. 

Isothermal transformation diagrams for the seven steels have 
been presented. The following isothermal reactions of austenite were 
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observed: Austenite-to-cementite, austenite-to-pearlite, austenite-to- 
ferrite and the connected intermediate transformation. 

With increasing carbon content, cementite precipitation occurs 
first at about 450 degrees Cent. (840 degrees Fahr.) following pre- 
vious transformation to ferrite or intermediate-reaction product. 

Increasing carbon content increases the rate of the pearlite re- 
action. The co-operative effects of carbon and chromium upon this 
reaction are considered in relation to the phase diagram. The struc- 
ture of pearlite formed below the knee of the S-curve has been shown 
to change in a discontinuous fashion at about 0.4 per cent carbon. 

Increasing carbon lowers the martensite range more than it 
lowers the intermediate range. The temperature below which the 
intermediate reaction goes to completion is relatively insensitive to 
carbon content. 

Austenite can be retained at room temperature after partial 
transformation of steels of lowest carbon content in the intermediate 
range. The gamma phase can be retained in an alloy of iron plus 3 
per cent chromium after similar treatments. 

Dilatometric evidence indicates some change in the character of 
the intermediate transformation in the 1.28 per cent carbon steel. 

The transformation of (Fe, Cr),C into stable (Cr, Fe),C, after 
isothermal transformation of austenite has been studied as a func- 
tion of time and temperature in the 0.38 per cent carbon steel. The 
results have been interpreted with the aid of new data relating to the 
influence of previous structure on this transformation. 

Although only the 0.69 per cent carbon steel contains both 
(Fe, Cr),C and (Cr, Fe),C, after treatments designed to produce 
equilibrium each of the seven steels can, after certain isothermal 
treatments, contain both carbides. This can be explained in terms of 
the microscopic data and the isothermal transformation diagrams. 

Hardnesses of some of the steels after partial and complete iso- 
thermal transformation of austenite have been considered. 
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DISCUSSION 


Written Discussion: By L. D. Jaffe and J. H. Hollomon, metallurgist 
and Captain, Ordnance Department, Watertown Arsenal, Watertown, Mass. 
The authors are to be congratulated upon this excellent paper which rep- 
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resents the first systematic study of the effects of carbon content upon the 
decomposition of austenite in an alloy steel. The careful and thorough experi- 
mental work described in the paper should serve as a model for future work 
on other alloy systems. 

The discovery of the precipitation of (proeutectoid) carbide at low tem- 
peratures, in the steels containing more than 0.65 per cent carbon, is particu- 
larly interesting. The authors point out that this carbide precipitation accounts 
for the decrease in tetragonality of the martensite formed from austenite 
remaining after partial transformation to bainite in the 1.28 per cent carbon 
steel. Low temperature carbide precipitation now explains satisfactorily 
Klier’s™ finding that austenite decomposition at 440 degrees Cent. lowered 
the tetragonality of martensite formed from the remaining austenite in the 
1.02 per cent carbon steel. 

According to the theory of Zener,” the bainite reaction is prevented from 
going to completion (in the high-temperature portion of the bainite range) 
by carbon enrichment of the austenite. According to Fig. 16 of the present 
paper, carbide precipitation in the 1.28 per cent carbon steel continues down 
to 330 degrees Cent. (625 degrees Fahr.). This carbide precipitation tends to 
deplete the carbon content of the austenite and so counteracts the enrichment 
resulting from the bainite reaction. Thus, it would be expected that the bain- 
ite reaction would progress to a greater extent in the presence of carbide 
precipitation than in its absence. Fig. 24 shows a high dilation (extent of 
reaction) for the 1.28 per cent carbon steel at temperatures of 330 degrees 
Cent. and higher, while below 330 degrees Cent. the dilation is as expected 
from comparisons with steels of lower carbon content. This, the “dilatometric 
anomaly” referred to in the pdper, is exactly what would be expected on the 
basis of the enrichment theory of stabilization in the bainite range. 

The argument, presented in the paper, which purports to show that aus- 
tenite stabilization associated with the bainite reaction does not depend upon 
carbon enrichment of the austenite, does not appear to be valid. In the carbon- 
free iron-chromium alloy, the temperatures at which stabilization was reported 
(Table VI) were below the M, temperature indicated in Fig. 2. Similarly, 
for the 0.08 per cent carbon steel stabilization was found (Table V) only at 
temperatures below the M, shown in Fig. 11. The stabilization found in 
these cases may, therefore, have been associated with partial transformation 
to martensite rather than with partial transformation to bainite. It has not 
yet been demonstrated that the stabilization accompanying the martensite reac- 
tion occurs by the same mechanism as the stabilization accompanying the bain- 
its reaction. Thus, the only valid cases cited in the paper, of stabilization 
accompanying the bainite reaction, refer to steels containing 0.15 per cent car- 
bon or more. In such steels, the hypothesis of carbon enrichment does not 
seem to be unreasonable. 

The effect of increasing carbon content in decreasing the minimum time 


“E. P. Klier, “Transformation of Austenite in a Steel Containing 3 Per Cent Chro-. 
mium and 1 Per Cent Carbon,’ American Institute of Mining and Metallurgical Engineers, 
Technical Publication No. 1855, Metals Technology, Sept. 1945. 


#C. Zener, “‘Kinetics of the Decomposition of Austenite,” American Institute of Min- 
ing and Metallurgical Engineers, Technical Publication No. 1925 (1945). 
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required for pearlite formation is new and interesting. Unfortunately, the 
authors do not report the grain size of the steels other than as “larger than 
A.S.T.M. No. 1”. If the grain size varied in the different steels, it is possible 
that the effect was due to grain size rather than carbon content. Can the 
authors give any more definite figures as to the grain size of the various steels? 

It will be noted that the minimum time for ferrite formation at the pearl- 
ite nose increased with increasing carbon content. Since the continuous cool- 
ing measurements of Wever and Jellinghaus (8) and of Rose and Fischer 
(10) would detect ferrite formation at the pearlite nose, as well as pearlite 
formation, this accounts for the finding of Wever and Jellinghaus, that increas- 
ing carbon content lowered the maximum cooling velocity at which a pearlite- 
nose transformation was found. The results of Rose and Fischer must then 
still be attributed to incomplete solution of the carbides or possibly to differ- 
ences in grain size. 

Georce A. Roserts :™ The interesting observations disclosed in this paper 
have an important bearing on the general subject of hardenability which should 
not be overlooked. The evidence presented to support the view that an increase 
in carbon content decreases the time required for the initiation of the pearlite 
reaction, while increasing the time required for initiation of the intermediate 
reaction, leads to the conclusion that in these steels hardenability is limited 
not by the pearlite reaction but by the intermediate reaction. Any informa- 
tion as to the critical cooling velocity or the hardenability of the steels inves- 
tigated would be valuable. Have the authors any data which would relate 
to this phase of the subject? 

E. D. Fauvserc:“ For 3 or 4 years we have had considerable experi- 
ence in the production of these 3 to 3.5 per cent chromium steels containing 
a carbon content between 0.40 and 0.50 per cent for the purpose of pro- 
ducing liner plates and screen plates for ball mills. We selected this type 
of alloy to eliminate quenching, as the previous alloy, a 1 per cent chromium 
and 0.50 per cent carbon, had given us a great deal of trouble from quench- 
ing cracks. Our experience with the new alloy has been very satisfactory 
from a hardenability standpoint. We have been able to get on ordinary air 
cooling from a temperature of around 1600 to 1650 degrees Fahr. in the fur- 
nace,/ from 330 to about 400 Brinell hardness. We can raise that Brinell 
hardness to somewhere around 400 by the addition of 25 to 30 per cent molyb- 
denum. 


Authors’ Reply 


Dr. Roberts has asked whether we have any data on critical cooling 
velocities or hardenability of the 3 per cent chromium steels. We have not 
measured either of these properties. However, it is apparent fromm an inspec- 
tion of the isothermal transformation diagrams that the curve of ctfitical cool- 
ing velocity versus carbon content would pass through a minimum value, 
which would probably lie between 0.7 and 1.0 per cent carbon for the aus- 
tenitizing treatments employed in the present work. 


Chief metallurgist, Vanadijum-Alloys Steel Co., Latrobe, Pa. 
*%Metallurgical engineer, Grede Foundries, Inc., Milwaukee. 
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Mr. Jaffe and Captain Hollomon argue for carbon enrichment of aus- 
tenite as the cause of austenite retention in the low-carbon steels. As shown 
in Table V of the paper, some austenite was retained in a specimen of the 
0.08 per cent carbon steel, held for 15 seconds at 498 degrees Cent. This 
treatment produced a microstructure the same as that shown in Fig. 20. It 
is possible that there was a small amount of martensite (perhaps as much as 
5 per cent) formed during cooling to 498 degrees Cent. However, substan- 
tially all of the transformation occurred isothermally. We are unwilling to 
postulate the enrichment of austenite from 0.08 to about 0.6 per cent carbon, 
which would be required if austenite retention were to be caused by enrich- 
ment in this case. In a previous reply to discussion” we have shown by meas- 
urements of the martensite axial ratio that no enrichment occurs on transform- 
ing a 1 per cent carbon, 6 per cent chromium steel at a temperature where the 
intermediate reaction goes only to about 25 per cent compl:tion. 

Considering all the available data we are unable to accept the Zener 
mechanism of bainite formation for which the discussers argue. In particu- 
lar, the difficulties in the way of accepting any such general hypothesis of 
carbon enrichment are now insurmountable. 

The retention of austenite in the iron-chromium alloy and in the low-car- 

bon steels of the present investigation must be considered as a “stabilization” 
phenomenon. Messrs. Jaffe and Hollomon use the term “stabilization” to in- 
clude cases where there is a change of austenite composition as well as where 
there is no composition change. Such usage is to be deplored. A more de- 
tailed discussion by Troiano and Greninger of the several forms of stabilization 
of austenite will appear in August 1946 Metrat Procress. In the article by 
Troiano and Greninger, as in‘the present work, the term “stabilization” is re- 
stricted to phenomena not involving a change of austenite composition. 

In Fig. 24 the curve drawn through the dilatometric data for the 1.28 
per cent carbon steel shows a maximum at 330 degrees Cent. and a mini- 
mum at 320 degrees Cent. All the dilatometer specimens transformed in 
this region have been examined microscopically. All specimens transformed 
between 330 and 300 degrees Cent. showed between 95 and 99 per cent of 
the dark-etching product of the intermediate reaction. At 347 degrees Cent. 
less than 1 per cent of carbide formed. None was observed after transforma- 
tion at lower temperatures, although at temperatures only slightly higher a 
relatively large amount of carbide was formed. (See Fig. 26, illustrating 
transformation at 360 degrees Cent.) It is apparent that the reversal in slope 
of the expansion versus temperature curve is not related to the austenite-to- 
carbide reaction which takes place at higher temperatures. This reversal cannot 
be explained at present. 

Messrs. Jaffe and Hollomon have asked for more definite information on 
the grain size of the steels. The austenite grain size of the steels studied was 
A.S.T.M. No. 1 to —1. Since the paper was written, F. J. Shortsleeve of the 
University of Notre Dame, in studying the 0.69 per cent carbon steel, has 
investigated the effect of grain size upon the reaction rate to pearlite. These 
results are given in Fig. A. 


5 id r+ spat American Institute of Mining and Metallurgical Engineers, Vol. 162, 
1945, p. 221, 





448 TRANSACTIONS OF THE A. S. M. Vol. 37 





2 Q 2 4 & 8 
Grain Size, ASTM Scale 


Fig. A—Effect of Grain Size Upon 
the Rate of Pearlite Formation at 675 
Degrees Cent. in the 0.69 Per Cent 
Carbon Steel. 


All specimens referred to in Fig. A were austenitized first at 1200 
degrees Cent. for 2 hours and water-quenched. After this preliminary treat- 
ment, which put all the specimens in the same condition of grain size and 
homogeneity, individual specimens were reheated to various austenitizing tem- 
: peratures to produce the grain sizes given in Fig. A. The specimens were 
Fi then quenched from these austenitizing temperatures to 675 degrees Cent. and 
the rate of pearlite formation was determined. The data show that the rate 
of reaction at the knee of the S-curve is independent of grain size for grain 
sizes between A.S.T.M. No. 2 and —2. It is accurate to state that, in 3 per 
cent chromium steel, increasing carbon content increases the rate of formation 
of pearlite at the knee of the S-curve by a factor of ten. Wever and Mathieu” 
have noted a similar carbon dependence in manganese steels. (Table A.) 





Table A 


a Effect of Carbon Content Upon the Rate of 
: Pearlite Formation at the Knee of the S-Curve* 


Temp. of Rate, Ratio of 


~ ae one 


A € Cr Mn Max. Rate, Per Cent per rates at 1.0 
A Per Cent PerCent Per Cent Degrees Cent. Minute and 0.5% C 
f 1.0 1.9 575 255 wa 
0.5 2.6 575 ay 3.1" 
10 ind 3.1 0 68 . 
0.5 3.0 ‘aid 675 ‘st 2.36" 
1.0 3.0 pes 660 45 = 
. *Transformation rates for manganese steels are maximum rates determined magneto- 


metrically by Wever and Mathieu.™ 
**From Fig. 31 of the present paper. 


Messrs. Jaffe and Hollomon state finally in their discussion that “the 
results of Rose and Fischer must still be attributed to incomplete solution of 
the carbides or possibly to differences in grain size”. In view of the clear 
demonstration that increase in carbon content increases the ‘rate of formation 
of pearlite in 3 per cent chromium steels, this sentence in Jaffe and Hollomon’s 
discussion should be revised to read: “The results of Rose and Fischer need no 
longer be attributed to undissolved carbides or to grain size”. 


*F. Wever and K. Mathieu, Mitt., K.W.1. Eisenforschung, Vol. 22, 1940, p. 9. 
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HOT ROLL FORMING OF VARIOUS ALUMINUM ALLOYS 
By Georce Sacus, GEorGE Espey ANpD G. B. Kasix 


Abstract 


A hat section with various radti was roll formed at 
temperatures up to 350 degrees Fahr. to determine wheth- 
er significant improvements in forming limits in roll form- 
ing could be attained at moderately elevated temperatures, 
particularly with regard to those high strength alloys 
which are difficult to form in comparison with 24ST. 

With increasing temperature of forming, the alloys 
75ST and R301T showed pronounced improvement in 
formability. The artificially aged conditions of 24S 
(24ST8) also exhibited a slight reduction in bend radius 
with increasing temperature, while the room temperature 
aged 24ST was practically unaffected by elevated forming 
temperatures. 

These experiments indicate that for the artificially 
aged alloys, suitable forming temperatures can be chosen 
which will permit forming to smaller radu with little tf 
any decrease in metal properties. For most alloys, how- 
ever, it is important that a method of heating be employed 
which does not heat the metal above the temperature at 
which it is formed nar subject it to the forming tempera- 
ture for any extended period of time. 


HE forming characteristics of some of the new high strength 

aluminum alloys, Table I, are improved at moderately elevated 
temperatures in processes where the forming limit is determined by 
the local ductility. This was first observed for sheet in some pre- 
liminary tests on roll forming,? and has been confirmed by systematic 
tests on bending.® 


This paper is based upon one of a series of reports on the research program on hot 
forming of aluminum alloys conducted at Case School of Applied Science under contract 
with the Office of Production Research and Development of the War Production Board. 
This research, which was supervised by the War Metallurgy Committee under the 

“restricted” Project ol 547, is the basis of this paper which has been released for 
publication by the OPRD 


1E. H. Dix, Jr., “High ouene Aluminum Alloys,” Transactions, American Society 
for Metals, Vol. e” eo p. 130-15 


2G. Sachs, G. B. and G: . Kasik, “Hot Forming of Aluminum Alloy Parts, 
Hot Roll ne . Wee 7. 3.} c. Committee Progress Report, Serial No. W-105 (1944). 
Putnam, J. J. tne E. G. Thomsen'and J: E. Dorn. “Study of the Forming 
Peamatinn of Aluminum lloy Sheet at Elevated Temperatures, Part II, Guerin Forming 
Straight Flanges’, War Metallurgy Committee Report, Serial No. W- 115 (1944). 


Of the authors, George Sachs is professor of physical metallurgy and 
George Espey and G. B. Kasik are research assistants, Department of Metal- 
lurgical Engineering, Case School of Applied Science, Cleveland. Manuscript 
received August 27, 1945. 
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Table | 


Nominal Composition and Processing of the 
Various Aluminum Alloy Sheets Investigated 





-——Nominal Composition————, 


Alloy Cu Si Mn Mg Cr Processing After Quench 
24ST 4.5 ea 0.6 1.5 ube Flattened (minimum of 1 per cent red.). | 
Aged at room temperature for 4 days mini- 
mum. ‘ 
24SRT Same as above Given 5 to 6 per cent reduction by rolling. 
Aged at room temperature for 4 days mini- 
d mum. 
24STS81 Same as above Flattened (minimum of 1 per cent red.). 


Aged at 375 degrees Fahr. for 10 hours or 
at 365 degrees Fahr. for 11 hours. 
24ST86 Same as above Given 5 to 6 per cent reduction by rolling. 
Aged at 375 eae Fahr. for 5 hours or 
at 365 degrees Fahr. for 8 hours. 


R301W 4.5 1.0 0.8 0.4 Sete Flattened. 
Aged at room temperature. 
R301T Same as above Flattened. 


Aged at 350 degrees Fahr. for 5 hours or 
at 320 degrees Fahr. for 18 hours. 


75ST Zn Mg Cu alloy Flattened. 
(Not released) Aged at 275 degrees Fahr. for 12 hours or 
at 250 degrees Fahr. for 24 hours. 
R303T Zn Mg Cu alloy Flattened. 
(Not released) Aged at 315 degrees Fahr. for 8 hours or 
at 275 degrees Fahr. for 25 hours. 
61ST 0.25 0.6 3 1.0 0.25 Flattened. 


Aged at 350 degrees Fahr. for 8 hours or 
at 320 degrees Fahr. for 1% hours. 








Because of the considerable practical significance of this fact, it 
was thought advisable to conduct further experimentation on roll 
forming under controlled conditions. 

The new high strength alloys present difficulties when subjected 
to forming procedures which were developed for 24ST. Heating of 
these new high strength alloys may be, in some instances, the most 
economical measure to avoid forming difficulties. Obviously, the 
lowest temperature which will improve and still permit consistent 
forming should be used. 

‘Therefore, an attempt was made to determine the relative per- 
formance of a number of alloys, including various conditions of 24ST 
and other high strength alloys. It was desired in particular to deter- 
mine the forming temperature which will allow roll forming the alloy 
75ST, and also of the alloy R301T, to the same or smaller radii than 
24ST. 

It must be emphasized-that such tests on commercial equipment 
involve certain variations, the effect of which cannot be evaluated 
without an excessive amount of work. Thus, for example, each alloy 
condition was represented only by a single sheet, and most tests were 
carried out with only four bend radii, selected to cover the entire 
range of alloys and temperatures. Other variations were in the heat- 
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ing cycle, in the roll setting, and in the amount of scoring. It is there- 
fore gratifying that the results obtained are in close agreement with 
the general knowledge regarding the formability of these alloys. 

A possible exception is the alloy 24ST86, which yielded slightly 
smaller bend radii in these tests than were expected. 

Utilizing the data derived from related work, rather definite 
conclusions can be drawn, both regarding the relative performance 
of different alloys and regarding the effects of forming temperature. 


MATERIAL, EQUIPMENT AND PROCEDURE 


Muterial—A number of aluminum alloys, both bare and clad, and 
in various states of heat treatment, accounted for 14 separate alloy 
conditions tested in these experiments. For any given alloy condition, 
strips were slit only from one sheet in the rolling direction (with 
grain). These test strips were 0.0405 + 0.001 inch thick, 354 inches 
wide, and 6 to 12 feet long, see Table II. 

Equipment—A commercial roll forming machine, Figs. 1 and 2, 
of the following type was used: 


Yoder Model No. M2%4-8 (In-board or simple beam type, with top 
shafts vertically adjustable with micrometer screw). 


ee ee UES ys ud 0 MOSER HE bw Obese 2.5 inches 
Free shaft length between housings .................... 15 inches 
Cee ae Comer GE SUE GURINES on oc 5 oink enc ces dc eoc cee 18 inches 
Shaft to shaft (i.e., average vertical adjustment) ...... 11.8 inches 


Five stands were equipped with S.A.E. 1025 steel rolls of an average 
diameter of 5.9 inches dressed to a rough ground surface (No. 25 
grinding wheel). The strip was formed at a speed of 80 feet per 
minute. 

Two series of tests, A and B, were conducted with the same set 
of rolls. In both series a hat section was formed with different radii 
at each bend. The passes are shown in Figs. 3 and 4. The bend 
radii of the finished sections were O.8t, 1.0t and 1.4t for series A and 
1.4t, 1.9t, 3.1t and 3.8t for series B, where t is the metal thickness. 

An oven equipped with two opposing banks of infra-red lamps, 
composed of 60 lamps of 250 to 375 watts each, was used for heating 
the strip prior to roll forming, Figs. 1 and 2. The maximum sheet 
temperature attainable in the oven was 450 degrees Fahr. Excessive 
cooling of the aluminum strip during rolling was prevented by addi- 
tional infra-red lamps distributed among the roll stands. The maxi- 
mum average roll temperature was 270 degrees Fahr., with the maxi- 
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Fig. 1—Oven for Preheating Strip Prior to Roll Forming. Roll forming machine is in 
background. 





Fig. 2—Roll Forming Machine with Infra-Red Lamps Between Stands for Heating 
the Rolls. Heating Oven Is in Background. 


mum variation of the temperature of individual rolls being + 25 de- 
grees Fahr. from this average. 

Procedure—The strips were left in the oven up to as long as 40 
minutes, Fig. 5, in order to attain the desired temperature. This 
time of heating varied due to variations in the reflectivity of the sheet 
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Fig. 3—Design of Roll Passes for Hot Fig. 4—Design of Roll Passes for Hot 
Roll Forming Experiments. Series A. Roll Forming Experiments. Series B 


surface, and some difficulties with the oven. The temperature of the 
“testing region” of the strip, a 1 to 2-foot long region about 2 feet 
from the rear end, was measured first immediately before leaving the 
oven, and then when the section emerged from the roll. This latter 
temperature was considered to be practically identical with the actual 
“forming temperature”, in the fourth and fifth stands, where the 
majority of the failures occurred. In most tests, including all tests 
of the second series, the heating and forming temperatures were meas- 
ured within + 10 degrees Fahr., i.e., to the accuracy of the contact 
pyrometer used. 

The testing region of each section was inspected for cracks after 
forming. For a few sections, the thickness was measured at the radii 
and the springback was determined. 
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Fig. 5—Range of Time-Temperature Curves for the 
Heating of Aluminum Sheet. 


Standard tensile specimens of 2-inch gage length were machined 
longitudinally from the web in the testing region in order to. deter- 
mine the effect of heating temperature and time on the tensile prop- 
erties of a number of parts. 

A number of the specimens of series B had their surface photo- 
gridded on one side with a pattern of 100 rectangular co-ordinate 
lines to the inch. One half of these specimens were formed with 
grid-up and the other half with grid-down. These gridded patterns 
were analyzed microscopically to determine the strain distributions 
and maximum strains at the radii. 


RESULTS 
Effect of Forming Temperature on Minimum Bend Radii 


Of the two series of test results, Figs. 6 to 12, series B consists 
of the greater number of tests and a more complete coverage of the 
temperature range. In addition, the results of series B were close 
to those claimed in commercial production, while the results of series 
A deviated in various respects from other related data. 

For these reasons, the discussion will be based primarily upon 
the findings from series B. However, the results of series A are 
also plotted together with those of series B; and the forming limits 
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Figs. 6—Effect of Forming Temperature on the 
Minimum Bend Radius of Bare and Clad 24ST. 


of series A are indicated with a dot-dashed line in contrast to the 
solid line and dotted lines for the forming limit of series B.* 

24ST, bare and clad, and possibly 24SRT, bare and clad, im- 
proved not at all or only very slightly with increasing forming tem- 
perature, Fig. 13. The exact trend of these curves has no commercial 
significance as it is well known that 24ST and 24SRT change their 
properties when subjected to elevated temperatures. Regarding the 
alloys, 24ST81, bare and clad, and 24ST86, clad, it appears that there 


*A few tests in series A were on annealed alloys. These tests at 70, 220, 290 and 
300 degrees Fahr. for bare 24SO, 75 and 260 degrees Fahr. for clad R3010 and 75, 220, 
~~ — 260 degrees Fahr. for clad 75SO rolled without difficulties to the smallest radius 
of 0.8t. 
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Fig. 7—Effect of Forming Temperature on 
ae Bend Radius of Bare and Clad 
24s ‘ 


may be significant increases in formabilities at temperatures in the 
(1 vicinity of 300 degrees Fahr. This agrees, for 24ST86, qualitatively 
with observations on rubber forming of straight flanges,* and on 
measurements of the local ductility in tension,’ Fig. 14. Consequent- 
ly, at forming temperatures over 350 degrees Fahr., the various arti- 
ficially aged 24ST8 alloys may possibly be formed to the same bend 
radii as 24ST, at room and elevated temperatures, while they require 
considerably larger bend radii at room temperature. 
5A. E. Flanigan, L. F. Tedsen and J. E. Dorn. “Study of the Forming Properties of 


Aluminum Alloy Sheet at Elevated Temperatures, Part I, Elevated Temperature Variable 
Speed Tensile Tests’’, War Metallurgy Committee Report, Serial No. W-122 (1944). 
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The two artificially aged alloys, 75ST and R301T, exhibit a 
large susceptibility to elevated temperature, Fig. 15. At room tem- 
perature, 75ST required the largest bend radii of all heat treated 
aluminum alloys, while R301T ranges in this respect between 24ST 
and the artificially aged conditions of 24S (and of 24SRT). How- 
ever, at a temperature in the vicinity of 250 degrees Fahr., R301T 
can be bent with the same bend radii as 24ST; and this is also true 
for 75ST at a temperature in the vicinity of 300 degrees Fahr. As 
for 24ST86, the change of formability of 75ST and R301T quali- 
tatively agree with the observations on rubber forming of straight 
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flanges* and on measurements of the local ductility in tension,’ Fig. 
14. 

The increase in ductility caused by heating may consist of two 
components, a permanent and a temporary effect. The conditions 
used in this investigation, namely the preheating to comparatively 
high temperatures followed by roll forming at a lower temperature, 
are not favorable, because of the changes in the properties which 
then may occur in the temperature range suitable for forming, Tables 
II and III. These will render the formed material unsuitable for 
service.. However, the observed decreases of yield strength and ten- 
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sile strength do not necessarily imply that the ductility of the respec- 

tive alloy is increased; on the contrary, the elongations after heating 

in the applied temperature range were reduced rather than increased, 

Tables II and III. Therefore, the improvement in ductility appears 

to be primarily a (temporary) temperature effect rather than a (per- 

manent) softening effect; and this agrees with the practical experi- 
ence accumulated on hot forming 75ST at present. 

To avoid an adverse effect on the yield strength and tensile 

strength, however, it is recommended that the forming rolls be heated 

to a temperature slightly above that found suitable for the metal 
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Table If 
Effect of Heating Temperature and Time on Tensile Properties 
(0.0405 + 0.001-Inch Sheet Thickness) 
Series A 


Max. Timeat Forming Yield Ten. 
Sheet Alloy Temp. Temp.** Temp. Str. Str. 
and Surface Deg. F. Min. Deg. F. Psi. Psi. 


24ST Bare 70 70 49,950 68,200 
24ST Bare 250 ; 230 47,900* 68,900* 
24ST Bare 300 : 250 45,100 67,400 
24ST Bare 450 ; 330 48,600 68,700 


R301W Clad 75 75 40,950 62,370 
R301W Clad 350 ‘ 250 35,750 56,800 


24ST81 Bare 75 75 63.300 71,500 
24ST81 Bare 450 ‘ 360 60,800* 69,900* 


24ST81 Clad 75 75 60,650 67,400 
24ST81 Clad 75 75 61,050 66,800 
24ST81 Clad 430 280 58,650* 67,000* 


24ST86 Bare 360 a 290 68,000* 74,500* 
24ST86 Bare 450 ‘ 325 64,900 73,000 


24ST86 Clad 375 > 280 64,500 70,650 
24ST86 Clad 430 . 300 64,500 70,750 


R301T Clad 75 75 60,300 69,350 
R301T Clad 340 ‘ 270 59,900 69,100 
R301T Clad 430 . 310 54,100 64,200 


75ST Clad 75 75 71,800 81,100 
75ST Clad 230 , 220 71,350 81,700 
75ST Clad 320 ; 250 69,550 80,250 
75ST Clad 410 , 300 63,850 74,300 


61ST Bare 75 75 39,100 45,200 
61ST Bare 400 4.0 260 39,950 44,900 
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*One test (All other tensile values are the average of two tests). 
**Time between maximum temperature and 30 degrees thereunder. 
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Fig. 13—-Effects of Forming Temperature on Minimum Bend 
Radit of 24S Alloys, 





462 TRANSACTIONS OF THE A. S. M. Vol. 37 


Table Ill 
Effect of Heating Temperature and Time on Tensile Properties 
(0.0405 + 0.001-Inch Sheet Thickness) 


Series B 

Sheet Max. Forming Yield Tensile Elongation 
Run Alloy and Temp.** Temp. Strength Strength in 2 Inches 
No. Surface Deg.F. Deg. F. Psi. Psi, Per Cent 
B68 24ST Clad 75 75 46,600 66,310 16.5 
B145 24ST Clad 170 175 46,400 66,400 17.0 
B86 24ST Clad 270 250 43,900 62,475 16.0 
B99 24ST Clad 350 290 45,300 64,677 16.5 
B98 24ST Clad 370 295 46,000 64,357 15.0 
B166 24ST Clad 370 300 45,200 64,789 17.5 
B63 24ST86 Clad 75 75 62,600 71,386 5.5 
B176 24ST86 Clad 220 220 63,600 72,173 6.0 
B177 24ST86 Clad 390 225 63,000 72,390 5.5 
Bill 24ST86 Clad 390 275 62,500 69,872 5.0 
B127 24ST86 Clad 400 325 62,600 71,639 5.5 
B74 75ST Clad 75 75 70,200* 81,780* 12.0* 
B106 75ST Clad 200 195 69,100 81,644 12.5 
B105 75ST Clad 220 205 69,400 81,610 11.5 
B104 75ST Clad 220 240 67,600 80,019 11.5 
B107 75ST Clad 280 250 68,000 80,162 11.5 
B115 75ST Clad 340 280 62,100 77,937 11.5 
B108 75ST Clad 350 280 65,000 79,871 11.5 
B170 75ST Clad 395 325 62,700 76,329 9.0 
B172 75ST Clad 390 330 65,000 78,539 11.5 
B54 R301T Clad 75 75 61,700 72,062 5.5 
B84 R301T Clad 260 220 61,400 70,588 10.5 
B134 R301T Clad 200 225 61,200 71,156 9.0 
B114 R301T Clad 400 310 59,500 69,195 9.0 
B129 R301T Clad 395 345 59,500 69,900 8.5 


“Average of 2 tests (All others represent 1 test each). 


**Time between maximum temperature and 30 degrees thereunder was a maximum of 
5 to 6 minutes. 


itself. Preheating of tne metal just before entering the forming 
rolls might be accomplished by means of heated feeder rolls or an oil 
bath or with heated forming rolls it might be possible to hot roll with- 
out any preheating of the sheet. The Yoder Company has obtained 
“the narrow, close control desired for this type of work” by high 
frequency induction heating. A pancake coil on each side of the strip 
was used, operating from a 25-K VA capacity electronic oscillator of 
approximately 500,000 cycles. 


Analysis of Strains 


Typical curves of the circumferential strain distribution at vari- 
ous temperatures are shown for a number of alloys in Fig. 16, both 


for the inside or compression side and for the outside or tension side 
of the bend. 
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Fig. 15—Effects of Forming Temperature on Minimum Bend Radii 
of Various High Strength Alloys. 


The pyramid-shaped strain distribution curves for the 1.4t radius 
indicate that successive rolls formed the radius progressively with 
high accuracy. On the other hand, for the radius of 1.9t, less even 
curves resulted with the strains more widely distributed, this indicat- 
ing that some of the rolls did not strike the same center of bend as 
previous rolls. 

The distribution of strains was affected little if any by tempera- 
ture, Fig. 16. 

For all ratios of radius to thickness, the maximum tensile strains 
were higher than those obtained by die bending to the same radius 
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Fig. 16—Distribution of Strains at Radii of Roll-Formed Sections. 


in one operation, Fig. 17. However, 24ST or any artificially aged 

alloy did not achieve a local elongation greater than 30 per cent with- 

out fracture when formed at room temperature. 

: A few measurements of the thickness of the sheet at the center 

| of the bend showed the thinning to be greater the larger the strain. 
No definite effect of forming temperature or of alloy was observed. 


Effect of Forming Temperature on Springback 


Measurements of the bend angles of the formed sections show, 
in general, that with increasing forming temperature the springback 
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Temperatures (Results are Plotted for Good Bends Only). 


was considerably reduced, Fig. 18. This fact may have some com- 
mercial significance, as it permits reduction of the springback on roll 
forming by the application of rather low forming temperatures 
which otherwise appear of no influence on the performance and prop- 
erties. The large number of steps used in bending by roll forming 
probably explains that the amount of springback is less than that in 
common die bending, Fig. 18. 


Effect of Heating on Tensile Properties 


It is obvious, from the data in Tables II and III, that oven tem- 
peratures and not the considerably lower roll forming temperatures 
are decisive for the properties of the sheet after forming. It is there- 
fore important that in commercial application the maximum heating 
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Fig. 18—Effect of Forming Temperature and Bend Radius Upon the 
Bend Angle of Finished Part (Springback). 


temperature and the roll forming temperature should differ much 
less than in these tests. 

Tensile test on specimens cut from the roll-formed sections of 
both series A and series B showed little detrimental effect of maxi- 
mum oven temperatures up to 400 degrees Fahr., up to 6 minutes’ 
time for the alloys 24ST and 24ST86. However, a considerable de- 
crease was observed in the yield and tensile strengths of 75ST and 
R301T, when they were heated to above 300 and 400 degrees Fahr., 
respectively. These temperatures are considerably higher than those 
used in aging, Table I. 















CONCLUSIONS 





The results obtained from the roll forming tests themselves must 
be considered as qualitative rather than quantitative. It is rather 
difficult to closely control the. conditions in commercial tests, and it 
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is also difficult to determine whether the results of a necessarily lim- 
ited number of experimental tests conform to average commercial 
conditions. The major criterion for the evaluation of such results is 
probably whether they conform both to general practical experience 
and to the results of more clearly defined laboratory tests. 

In these respects the reported roll forming tests rated the differ- 
ent high strength alloys both at room and at elevated temperatures 
in much the same order as expected from all the knowledge available 
for these alloys. 

However, the minimum bend radii determined are considerably 
lower than those commercially used in roll forming. It is possible 
to explain this discrepancy. The source of this discrepancy may be 
some particular feature of the roll forming procedure, the lack of a 
safety factor and/or the statistical variations in metal properties. 

Regarding commercial roll forming, it appears that for average 
plant practice approximately 50 per cent higher bend radii should be 
used than those determined in this investigation according to the data 
reported by various companies, Table IV. 


Table IV 
Estimated Commercial Bending Limits fh Roll Forming at Various Temperatures 
(0.040 Thickness) 


| 
i 
j 
| 
j 
| 
i 


Deg. F. 24ST 24SRT R301T 24ST81 24ST86 75ST 
75 2.5t 3t 3t 4t St 5t 
200 2. 5t 3t 2.5t 4t St 4t 
250 2,5t 3t 2.5t 4t St 3.5t 
275 2.5t 3t 2.5t 4t St 3t 
300 2.5t 3t 2t 4t St 2.5t 
325 2.5t 3t 2t 4t 3.5t © 
350 2.5t 3t 2t 3t 3t 
375 2.5t 3t pies 3t 3t 
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FORMING OF THE ALUMINUM ALLOY 75S 


By GEorGE SACHS AND GEORGE EspEy 


Abstract 


This correlated abstract on the forming of the high 
strength aluminum alloy 75S in sheet form assembles the 
experience of various aircraft companies to date, and sum- 
marizes the results of extensive experimentation on hot 
forming, sponsored by the Office of Production Research 
and Development of the War Production Board and con- 
ducted at Case School of Applied Science and at the 
University of California. This paper is an extension of 
the sections on ferming, of an NDRC Report, Serial No. 
M-438, which contains a preliminary survey on the prop- 
erties of 75S, made in 1943 and 1944 under contract with 
the Office of Scientific Research and Development. 

The relatively low elongation and ductility of 75ST 
in comparison with the standard structural aluminum 
24ST greatly restricts the commercial forming of 75ST 
at room temperature. Forming at such temperature must, 
therefore, be conducted on sheet in the annealed or as- 
quenched temper (75SO and 75S-AQ) more extensively 
than is the present practice for 24S. However, the duc- 
tility of 75ST (and also 75SO) rapidly increases with 
increasing temperatures, and 75ST can be formed as read- 
ily or better than 24ST at temperatures between 250 and 
400 degrees Fahr. by processes depending on ductility 
such as bending, dimpling, and joggling. On the con- 
trary, the elongation is not increased with temperature, 
and in operations where the load its close to uniaxial or 
biaxial tension, such as in stretch forming of skins and in 
beading, the application of elevated temperature may be 
detrimental. This limitation also applies to the curving 
of stringers with thin sections in tension. Temperatures 
up to 400 degrees Fahr. may be applied to 75ST for 
short intervals without reducing its strength. The form- 
ing characteristics which depend upon the strength of the 
metal are also favorably affected by elevated temperature, 
such as the forming pressure and the springback. 

A factor which must be generally considered, when 
forming alloys of a rather limited ductility, is the surface 
condition of the areas subjected to tension. 





Of the authors, George Sachs is professor of physical metallurgy, and 
George Espey is senior research assistant, Department of Metallurgical Engi- 
neering, Case School of Applied Science, Cleveland. Manuscript r-ceived 
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INTRODUCTION 


NE of the factors in developing lighter and faster planes is 
the use of high strength aluminum alloys. The latest of 
these recently developed alloys, 75S (2), is rapidly being applied 
to new aircraft designs. The use of this alloy introduced many 


forming problems not previously encountered in fabricating the 
structural alloy 24S. 


To evaluate strength and forming characteristics of any metal, 
it is necessary to obtain the data derived from a large number of 
different tests. It is not possible to completely understand the per- 


formance of a metal from any acceptance test, such as the com- 

mon tensile test. 

However, the large amount of research conducted by the air- 
craft industries and various laboratories under the sponsorship of 
Government agencies has clarified certain general relaiions of metal 
behavior in deformation. According to present conceptions, the 
following fundamental properties determine the forming character- 
istics of any metal: 

1. The strength properties, including yield strength and tensile 
strengths, as exemplified more completely by the stress- 
strain curve in tension, see Fig. 2. This curve yields the 
forming stresses not only for straining by tension but also 
by compression, shearing and any complex stress state (ac- 
cording to the laws of plasticity). 

2. The capacity to strain uniformly under load conditions which 
produce uniaxial or biaxial tension. In tension this capacity 
is limited by “necking”, where uniform straining terminates 
and further de formation becomes localized. 

3.. The ductility or strain which can be attained without frac- 
turing (i.¢., separation of the metal particles) again primar- 
ily under tensional loads. The contraction in area, or more 
recently the equivalent “zero gage length elongation” ob- 
served in the common tensile test, is frequently considered 


as a suitable measure of ductility, but this value is difficult to 
determine accurately. 


The values of these fundamental properties. vary with the 
stress state, in a manner which to date is recognized only for the 
yield strengths and to a limited extent for the strain hardening 
characteristics, the fracturing stress and recently also for the ductil- 


1Figures appearing in parentheses pertain to the references at the end of this paper. 


*A comprehensive discussion of the fundamental relations between strength properties 
and forming properties is beyond the scope of this paper. There is a rather extensive 
bibliography on this subject. 








470 TRANSACTIONS OF THE A. S. M. Vol. 37 


ity. However, it must be emphasized that the geometry of the part 
is a paramount factor. It controls the strain distribution and con- 
sequently the stress state (biaxiality and triaxiality), which in turn 
determines the metal properties. In addition, the contour changes 
during forming must be considered, as the metal properties have been 
found to differ considerably for similar parts. 

Other factors which influence the metal properties, and particu- 
larly their forming characteristics, are the sheet thickness, and in 
many processes also the conditions of the part surfaces and edges. 
The conventional tests, such as the tensile test or the bend test on 
wide sheet (fracture) are much less sensitive to edge condition than 
many of the operations encountered in production. Recent investiga- 
tions (15) have shown that a wide sheet fractures in the center 
where the edge variation has little or no effect. However, if, as in 
the bending of a narrow specimen, forming of a stretch flange or 
dimpling the edge itself is the region of initial failure, the edge 
condition is of great importance. 


GENERAL COMPARISON OF 75S* AND 24S at Room TEMPERATURE 


The yield strength (and strain hardening characteristics) de- 
termines the following forming characteristics which occur in a 
number of different processes: (a) The forming forces, (b) the 
springback, and (c) the tendency to wrinkle. The yield strength and 
tensile strength of 75ST are, respectively, about 50 per cent and 12 
per cent greater than for 24ST, Table I. 

- Although the uniform elongation (which is nearly equal to 
that measured in a 2-inch gage length) does not quantitatively meas- 
ure the strain which can be obtained in any forming process, it 
determines the ability of the metal to stretch. This appears to ap- 
ply to stretching characteristics in the following processes: (a) 
Stretch flanging, (b) bending of sheet metal stringers, (c) stretch 
forming of sheet metal stringers, (d) stretch forming of skins, and 
(e) beading. 

The typical elongation is in the vicinity of 11 per cent for 75ST 
and 18 per cent for 24ST, Table I. This indicates that 75ST 


8The designation 75ST, uniess otherwise specified, refers to a material the aging treat- 
ment of which consists of beating to 250 degrees Fahr. for 24 hours. The investigations on 
forming, abstracted in this paper, have been carried out mostly on such material. Recently, 
a new aging treatment has been introduced which, according to A. O. Wheelon, Douglas 
Aircraft Corp., yields a 75ST which differs from the previously obtained, as follows: “It is 
pretty well established that standard (250 degrees Fahr., 24 hours) aging produces higher 
tensile ultimates, higher uniform elongation, and lower local elongation,” and: ““The inter- 
rupted-aging produces greater isotropy at the expense of lower longitudinal properties”. 
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Table | 


Comparison of Tensile Properties of 75S and 24S Flat Sheet and Plate (2) 
(As furnished by Mill) 


Yield 


Clad Value Strength 
Sheet Thickness Min. (Offset = Tensile Elong. in 
Alloy Thickness (Total) or 0.2 Per Cent) Strength 2 inches 
and Temper Inch Per Cent ryp. Psi. Psi. Per Cent 
Alclad 75ST 0.016 to 0.039 8 Min. 60,000 70,000 7 
Typ. 66,000 76,000 10 
0.040 to 0.499 ~ Min. 62,000 72,000 8 
Typ. 67,000 77,000 11 
75ST 0.016 to 0.039 0 Min. 65,000 76,000 7 
Typ. 72,000 82,000 10 
0.040 to 0.500 0 Min. 66,000 77,000 8 
Typ. 72,000 82,000 1] 
Alclad 24ST 0.012 to 0.063 10 Min. 39,000 59,000 10 
Typ. 43,000 64,000 18 
0.064 to 0.249 5 Min. 40,000 62,000 1] 
Typ. 44,000 66,000 18 
24ST Less than 0.250 0 Min. 42,000 64,000 10 
Typ. 46,000 68,000 19 
Alclad 75SO 0.012 to 0.499 8 Spec. ee 36,000 Max 10 Min 
Typ. 14,000 32,000 16 
75SO 0.™2 to 0.500 0 Spec. Se 40,000 Max 10 Min 
Typ. 15.000 33,000 16 
Alclad 24SO 0.012 to 0.063 10 Spec. jadae 33,000 Max & Min 
Typ. 11,000 27,000 19 
0.064 to 0.500 5 Se gan ae 34,000 Max 12 Min 
Typ. 11,000 27 000 19 
24S0 0.012 to 0.500 0 Spec. aE 35,000 Max 12 Min 
Typ. 11,000 28,000 19 


Minimum values from Specifications AN-A-9a, AN-A-10b, AN-A-12 and AN-A-13. 

Typical values from the Aluminum Company of America (values based upon cross 
grain tests). 

Courtesy of E. H. Dix, Jr., Associate Director, Research Laboratories, Aluminum 
Company of America. 5 


Table Il 
Data on Zero Gage Length Elongation* of 75S and 24S 
(0.125-Inch Square Specimens from 0.125-Inch Thick Sheet) (17), (26) 





Case Univ. of 
Sheet School (17) California (26) 
Alloy Thickness (With Grain) (Cross Grain) Average 
75ST 0.125 ; 39.1 
35.2 
36.9 37 
24ST 0.064 52 
8 ata 50 
0.125 41 42.8 
SO 44.3 
an 46.1 45 
0.500 34 
30 bdo 32 
75SO 0.125 Ex 84.6 
84.6 
ov 82.8 &4 
2480 0.064 128 
122 oy 125 
0.125 106 107.5 
98 108.0 
sé 101.5 104 
0.500 70 
72 71 
Red. in Area x 100, or ( Original Area 1) x 100 





Area at Fracture Area at Fracture 
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should give only two-thirds as much stretch as 24ST in the true 
stretching operations. 

The ductility is clearly responsible for limitations in the follow- 
ing processes: (a) Bending of sections (except those which contain 
very thin stretch flanges), (b) dimpling, (c) joggling, (d) draw- 
ing, drop hammer forming, etc., of deep recessed parts, and possibly 
(e) stretching of recesses of approximately spherical contour. How- 
ever, accurate data on ductility are available only to a very limited 
extent at present, Tables II and III. It appears that such values 
for thin sheet may be obtained more readily from bending tests than 


Table Il! 


Ductility in Tension and Bending* 
(Zero Gage Length Elongation) 


Bending 


0.125-Inch Thick, 


-*. ee Inch at Specs.— -—Infinitely Wide— 
1.T. After As- H.T. After 
Alloy Tension Milica Avfhiline Milled Milling 
75ST 37 0 35 17 18 
24ST 45 40 a 25 ws 
75SO 84 70t 80 38 42 
24SO 104 85 se 56 oe 





"These are the best average values of ductility (true stretch values at fracture) 
which can be derived from recent investigations. All values are based upon a small 
number of tests and include the results obtained in both longitudinal and transverse 
tests. All values determined in bending for each alloy condition are for the same 
sheet. The as-milled results were obtained from tests on specimers cut by milling with 


a slitting saw in good condition. H.T. as used in the heading indicates either heat 
treatment or re-anneal. 


tEstimated. 


from tensile tests, both for approximately uniaxial tension, by bend- 
ing square sections, and for biaxial tension (approximately plane 
strain) by bending wide sheet. At best, accurate determinations of 
ductility are tedious, and there is a serious lack of such data. 


GENERAL FORMING CHARACTERISTICS OF THE VARIOUS 
ConpiITIoNsS oF 75S 


75ST is not readily adaptable to cold forming. Bending re- 
quires approximately twice the bend radii of 24ST, for thin sheet, 
while thick sheet (and possibly extrusions) approach the bending 
properties of 24ST. Dimpling is commercially feasible for 115- 
degree rivets, and for 100-degree rivets only with special tooling and 
close control. In other forming processes only very light operations 
can be performed. 

Because of the low ductility, considerable attention must be 
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paid to deburring and polishing of rough edges, and scratches ex- 
ceeding a depth of 0.001 to 0.002 inch in severely stretched areas, 
such as on bending, should be avoided. Regular deburring proce- 
dures are frequently not satisfactory for 75ST. 

Some observations indicate that in cold-formed 75ST the 
residual ductility may be below a safe value for service, or that 
small cracks are developed (such as encountered in dimpling), caus- 
ing rupturing under impact, fatigue, or handling stresses. 


* & B 8 


Time at Temperature, Hours 








250 500 350 400 
Jemperaturé, °F 
Fig. 1—Time at Which 75ST Can Be 
Held at Various Temperatures with Not 
More Than 2 or 5 Per Cent Loss in Yield 
(or Tensile) Strength (1), (8), (28). 
75ST can be formed as readily or better than 24ST at tempera- 
tures over 250 degrees Fahr. by processes depending upon ductility, 
such as bending, dimpling, and joggling. The forming characteris- 
tics which depend upon the strength of the metal are also favorably 
affected at elevated temperature, such as a reduction of forming 
pressure and of springback. The maximum forming temperature is 
determined by the total time and temperature of heating which is 
possible without excessive strength losses, Fig. 1. 
75SO has forming properties which, according to all experience, 
are rather close to those of 24SO. However, it is (slightly) inferior 
to 24SO in the following respects: (a) 75SO requires higher pres- 
sures, (b) the springback of 75SO is higher, (c) the shrinking prop- 
erties of 75SO are poorer, (d) proper annealing of 75SO is a 
rather elaborate procedure while simpler anneals require considerable 
production control, (e) distortion seems to be more severe and 
elimination of warping more difficult for 75SO. 
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75SO responds to elevated temperatures more readily than 
2450; this may be of some importance for the forming of very 
deep recessed parts. 

75S-AQ designates‘ the condition which is obtained by quench- 
ing and subsequent aging at room temperature for not more than 
1 hour (8), (28), or possibly 2 hours (1). 75 S-AQ and the 
corresponding condition of 24S (24S-AQ) possess, in practically 
all respects, identical forming properties. It is not clear whether 
75S-AQ is superior or inferior to either 75SO or 24SO; this prob- 
ably depends upon the operation under consideration. From a con- 
sideration of the stress-strain curves, Fig. 2, and of the ductility 
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Fig. 2—-Typical Tensile Stress-Strain Curves for Clad 
75S and 24S in Various Conditions. 
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(see bending, Fig. 8), 75S-AQ should be inferior to 75SO where 
either the strength or ductility is decisive, while it possesses a higher 
elongation or stretching ability. 

Quenching and refrigerating procedures for 75S are much the 
same as for 24S. 

75S-AQ, if formed, exhibits after artificial aging some direc- 
tionality of the type known as Bauschinger and related effects. 
Thus, both the compressive yield strength, in the same direction as 
the preceding stretching, is reduced, and the tensile yield strength, 
in the direction perpendicular to that of the preceding stretching, 


‘There is no generally accepted designation at present for the condition which heat 
treatable aluminum alloys possess for a short time after quenching from the heat treating 
temperature, and which is of distinct commercial significance. The abbreviation AQ has 
been introduced in the work at Case School and has been widely accepted by the aircraft 
industries. The abbreviation W is also used frequently. It constitutes, however, a more 
general term referring to a variable condition, as discussed later. Unfortunately, the desig- 
nation 24ST has been introduced earlier, for a condition which would now be considered 
as 






































1946 FORMING ALUMINUM ALLOY 75S 475 





may be reduced to values lower than those present in 75ST (with- 
out subsequent cold work). This may also explain some observa- 
tions that the compressive yield strengths of 75ST sections formed 
in 75S-AQ were, by approximately 5 per cent, lower than those 
formed in 75SO. 

75SW is not supplied commercially at present, because of its 
instability. The strength and hardness of quenched 75S exceed, 
after aging at room temperature for 4 days or more, those of 
24ST (2). Considering the inferior forming characteristics of 
75ST, however, even an unstable 75SW may offer some production 
advantages for such operations as die bending and roll forming, see 
Fig. 8. 


Speciric DATA ON THE FORMING oF VARIOUS SHAPES 


Since elevated temperatures are and will be of importance in 
forming of 75S, concise summary is presented in the following pages 
for each of the various classes of shapes. For each general shape, 
this summary first compares the formability of 75S with 24S at room 
temperature, and then discusses the experimental results of forming 
at elevated temperatures and the present hot forming practices. 

When an alloy must be hot-formed within a rather narrow 
range of forming temperatures, the tool temperatures, the forming 
time, and possibly other factors must be closely controlled to insure 
the desired temperature in the metal. In particular, the use of cold 
tools may offset any advantages of preheating the metal. 

Unless otherwise indicated, the properties reported refer to 
commercial sheet surfaces and to edges which are prepared accord- 
ing to the best plant practices. 

Clad and bare sheet have generally been found to differ only 
slightly in formability; therefore, in the discussion no distinction 
is made between these two conditions. 


BENDING (RuBBER, BRAKE, AND DIE) 


General—The (minimum) bend radii referred to in production 
manuals usually contain a safety factor as compared with experi- 
mentally obtained values. Experimentation is generally directed in 
such a manner that it yields an average minimum bend radius which 
is fundamentally defined as a bend radius at which approximately 
50 per cent of the parts would bend and 50 per cent would fail. 
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It appears that bend radii approximately 1.5 times the experi- 
mental values will permit safe forming by good commercial practices. 

Commercial bend radii used to date apply to the forming of 
wide sheet, the edges of which are cut cleanly or deburred. 

However, for a material which is as brittle as 75ST, advantage 
may be taken of the recently recognized fact that smaller bend radii 
can be attained the narrower the section, because of the decrease in 
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Fig. 3—Effect of Condition of Milling 
Slitting Saw (with Side Cutting Teeth) 
tee Experimental Bend Radii (15), 

9 


biaxiality (15). The magnitude of this effect is quite large, see 
Figs. 3 and 8. Therefore, experimental data have been reported 
not only for wide sheet but also for various width to thickness 
ratios, where available. 

Another factor which considerably affects the bend radii is the 
quality or nature of both the tension surface and edges of the blank. 
A sheared or sawed edge, without subsequent deburring, may require 
considerably larger bend radii than a milled (or routed) edge, Fig. 3 
Even a milled edge may vary considerably in quality and adversely 
affect the bending properties, depending upon the sharpness of the 
cutter, Fig. 3. It appears that careful deburring and polishing in any 
case produces a favorable edge condition. Surface defects, as exem- 
plified by scratches of various depths, have also been found to be 
very detrimental for the bending of 75ST. 

Annealing or heat treating, after cutting the blank, will prob- 








1946 FORMING ALUMINUM ALLOY 75S 477 


ably result in a good edge and surface condition, only if the surfaces 
(including the edges) are smooth. The edge effect is considerably 
larger for narrow than for wide sections, and certain types of edges 


may be detrimental for narrow but without influence on wide parts,” 
Fig. 4. 


Punch Radius 


Sheet Thickness 





Fig. 4—Effect of Milled Edge on the 
Minimum Bend Radii of Various Thicknesses 
of 75SO (Slitting Saw with Side Cutting 
Teeth) (15). 


Room Temperature Bending (3), (4), (5), (6), (8), (9), 
(15), (19), (21), (24) 


T Condition—75ST requires larger bend radii, Fig. 5, than 
24ST. However, 75ST appears to be less thickness jconscious than 
24ST, the bend radii increasing slower with increasing thickness. 
The bend radii for parts with the bend line in the rolling direction 
were found to be either equal to or slightly larger than with the bend 
line in the transverse direction, according to some experimentation. 

The presence of scratches is more detrimental to the bending 
properties of 75ST than to those of 24ST. This is explained by the 
lower ductility of 75ST rather than by a higher notch sensitivity. 
(The tensile strength of 75ST extrusions was found to be less af- 
fected by a given notch than that of 24ST extrusions.) A few 
tests on bare 75ST, 0.125 inch thick, showed the radius in bending 
to be reduced from 3t to 15t for a 0.010-inch deep notch on the 
edge, and from 3t to over 24t for a 0:010-inch deep notch in the 
surface, Fig. 6. 


5The low sensitivity of the wider specimens to edge condition may be explained by the 
fact that unless the ductility of the edge is considerably lowered by cold work the initial 
fracture occurs at the center of the tension surface where the ductility is greatly reduced 
by lateral restraint (biaxiality). However, the narrow specimen is subjected to little 
lateral restraint and fails in uniaxial tension when the ductility of the edge is exhausted. 
Therefore, any decrease in ductility of a very thin metal layer at the edge causes a cor- 
responding increase in bend radius. Imperfections, such as scratches in the tension surface, 
of course, adversely affect the ductility of both narrow and wide parts. 
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Fig. 6-—Effect of Surface and Edge 
Notches on the Bend Radii of 75ST Sheet 
(Machined from 75SO and Then Heat 
Treated) (19). 


The bend radii for 75ST, aged in two or three stages ‘to im- 
prove the dimpling characteristics), did not noticeably differ from 
that of the standard 75ST, in some tests. 

The springback of 75ST is considerably iarger than that of 


24ST, Fig. 7. 
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Fig. 7—Springback of 75S and 24S at Room and 
Elevated Temperatures (19), (21). 
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Fig. 8—Effect of Aging Time at 
Room Temperature on the E xperimental 
Bend Radii of 0.125-Inch Thick 75S 
Sheet After Quenching, for Various 
Widths (15). 


O Condition—Bend radii equal to or very slightly inferior to 
24SO, Figs. 5 and 8. However, the effect of edge condition is 
very pronounced for 75SO, and probably exceeds that for 24SO, 
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Fig. 9—Effect of Aging Time at Room Temperature on 


the Experimental Bend Radii of Various Thicknesses and 
Widths of 75S After Quenching (15), (24). 


The magnitude of this edge effect decreases with increasing thick- 
ness. Springback larger for 75SO than for 24SO, Fig. 7. 

AQ Condition—Bend radii, Fig. 8, and springback of 75S-AQ 
identical with those of 24S-AQ, and slightly larger than for 75SO, 
with a perfect edge. In commercial work, 75S-AQ may be superior 
to 75SO because of the improvement in the edge (and/or surface) 
condition resulting from heat treating after machining. 
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Fig. 10—Effect of Forming Temperature Upon the Ex- 


perimental Bend Radii in Die and Rubber Bending of Wide 
Sheet (17), (21). 


Punch Radius 
Sheet Thickness 





Fig. 11— Effect of Temperature 
Upon the Experimental Bend Radii of 
Various Widths of 0.125-Inch Thick 
75ST Sheet (17). 


Room Temperature Aged (W) Condition—The bend radii in- 
crease with time at room temperature, Figs. 8 and 9, until after 1 
month it approximately corresponds in its bending properties to 
24ST. Further aging to the equivalent of 1 year at room tempera- 
ture causes the minimum bend radii to approach those of 75ST within 
one-half times the thickness. 
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Elevated Temperature Bending (17), (19), (21) 


T Condition—The bend radii of 75ST rapidly decrease with 
increasing temperature, while those of 24ST remain almost con- 
stant, within the practically usable range, Fig. 10. Thin 75ST sheet 
requires, at temperatures above approximately 250 degrees Fahr., 
smaller bend radii than 24ST at room temperature. 

The effect of temperature appears to be similar for both narrow 
and wide sheet, Fig. 11. This may be tentatively explained by a 
reduction of edge effect, at elevated temperatures. 
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Forming Temperature, F 
Fig. 12—Effect of Forming Temperature on 


the Experimental Minimum Bend Radius in Roll 
Forming (14). 


O Condition—Bend radii, Fig. 10, and springback, Fig. 7, of 
75SO are considerably more affected by elevated temperatures than 


those of 24SO. 


RoLL ForRMING 
Room Temperature Roll Forming (14) 


T Condition—Inferior to 24ST. 

O and AQ Conditions—-No difference in practices for 75S and 
24S. For roll forming, in general, the same radii are recommended 
as for die and rubber bending. However, many shapes are being 
roll-formed to considerably smaller radii, possibly as low as one- 
half of those recommended. Higher physical properties are obtained 
by roll forming in the O condition and subsequent controlled 
stretching than by roll forming in the AQ condition. 
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Elevated Temperature Roll Forming (14) 


T Condition—At temperatures of 275 degrees Fahr. or higher, 
radii can be equal to or smaller than those for 24ST at room tem- 
perature; Fig. 12. Recommended bend radii same as for common 


bending. 
CURVING OF SHEET METAL STRINGERS 
Room Temperature Curving (15), (19) 


T Condition—Inferior to 24ST. 
O Condition—Equal to 24SO with flange in tension. Edge 
condition very important, Fig. 13. 
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Sitting Saw Condition 


Punch Readius 
Port Heoht 





sy 2 4 6 00 20 @ 


Fig. 13—Effect of Condition of Milling 
Slitting Saw (with Side Cutting Teeth) 
Upon Experimental Bend Radii Obtained in 
Edgewise Bending (19). 


AQ Condition—No information available. Probably equal to 
24S-AQ. 


Elevated Temperature Curving (12), (15), (17), (19) 
T Condition—A few tests on edgewise bending of rectangular 


sections with a height of four times the sheet thickness showed ap- 
proximately the same increase of formability at elevated tempera- 
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Fig. 14—Effect of Forming Tem- 
perature on the Experimental Bend 
Radii in Edgewise Bending of 75ST 


(19). 





Ora. Hole 
* Dismeter 


8 


t& 
S 


‘ 


Theoretical Maximum Stretch 
(7,22 x100), Per Cent 


20 








| 758 and 248,0040"Thicé | 


0 100 200 300 400 
Forming Temperature, F 


Fig. 15—Effect of Forming Temperature on the 


Maximum Stretch in Stretch Flanging by Rubber 
Pressure (26). 


tures as did flatwise bending, previously discussed. At 300 degrees 
Fahr., possibly the same bend radii can be used as for 24ST, at 
room temperature. The use of elevated temperatures is probably 
detrimental if superimposed tension is employed. 

O Condition—A few tests on edgewise bending, with a height 
of four times the sheet thickness, showed increases in formability 
at elevated temperatures. The use of elevated temperatures is prob- 
ably detrimental if superimposed tension is employed. 
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Fig. 16—Effect of Forming Temperature on the Maxi- 
mum Shrink Permissible Using Rubber Pressure in Ob- 
taining Parts Satisfactory for Assembly Without Hand- 
work (23). 


FORMING OF STRETCH FLANGES AND LIGHTENING HOLEs 
Room Temperature Forming of Stretch Flanges (3), (8), (26) 


IT Condition—Inferior to 24ST, Fig 14. The higher pressure 
required limits the maximum gage which can be formed to one or 
two less than 24ST. Springback greater than for 24ST. 

O Condition—Equal to 24SO, Fig. 15. Same as 24S-AQ. The 
higher pressure required in rubber forming limits the maximum 
gage which can be formed to one (to two) less than for 24SO. 

AQ Condition—At least equal to 24SO. 


Elevated Temperature Forming of Stretch Flanges (26) 


T Condition—Temperatures of 275 degrees Fahr. or higher in- 
crease the formability to above that of 24ST at room temperature, 
Fig. 15. 

O Condition—Elevated temperatures of 400 to 500 degrees 
Fahr. increase the formability, Fig. 15. 
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Fig. -Effect of Forming Temperature on 
the po and Maximum Strains in Die Stretch- 
ing a Skin in One Direction (11). 


FORMING OF SHRINK FLANGES ( RUBBER) 


Room Temperature Forming of Shrink Flanges (3), (8), (23) 


T Conditton—Approximately same as 24ST, Fig. 16. Pressure 
higher than for 24ST. Springback greater than for 24ST. 

O Condition—Inferior to 24SO. Wrinkles with radius of 
curvature less than 3t cannot be eliminated. Pressure higher than 
for 24SO, maximum gage one (to two) less than for 24SO. 


AQ Condition—No information, probably inferior to 75SO, and 
equal to 24S-AQ. 


Elevated Temperature Forming of Shrink Flanges (23) 
T Condition—No advantage to use of elevated temperatures, 


Fig. 16, except springback is reduced 30 per cent by forming at 300 
degrees Fahr. 
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Fig. 18—-Effect of Forming Temperature on the Aver- 
age and Maximum Strains in Die Stretching a Skin in 
Two Directions (11). 
O Condition—No advantage to forming at elevated tempera- 
tures, 


STRETCH FORMING OF SKINS 
Room Temperature Stretch Forming of Skins (7), (11), (31) 


T Condition—Inferior to 24ST, Figs. 17 and 18. Requires 
special gripping jaws. More springback than 24ST. Suitable only 
for very few parts. 

O Condition—Stretches as good as 24SO, Figs. 17 and 18. 
More difficult to rework than 24SO. 

AQ Condition—Same as 24S-AQ. Considerably more diffi- 
cult to rework than 75SO and 24SQO. Develops stretcher strains. 


Elevated Temperature Stretch Forming of Skins (11), (31) 


T Condition—No advantages to the use of elevated tempera- 
tures, Fig. 17. 
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O Condition—Forming at elevated temperatures, Fig. 17, may 
in individual cases be of advantage, depending upon close control 
of die contour, friction, and temperature distribution. Therefore, 
hot stretching of skins appears to be impractical for most commer- 


cial operations. (See referen<e 31 for further information on ef- 
fects of geometry.) 


FoRMING OF EMBOSSED AND BEADED PARTS 


General—This section relates to the forming of comparatively 
small recesses in a large area of metal by stretching, as opposed to 
the forming of deep recessed parts by deep drawing. 
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Fig. 19—Effect of Forming Temperature on the Maximum 


Strain in Hydraulic Bulging Through a Circular and Elliptical 
Die (10), (13). 


Experimentation on die-formed, approximately spherical re- 
cesses, Fig. 18, yielded strains which agreed in general with the 
elongation measured in a tensile test. 

It appears that approximately circular hydraulic bulges take 
advantage of the increase of ductility with increasing temperature 
(16) whereas the forming limit of a die-formed shape is fundamen- 
tally dependent upon the uniform strain which does not appre- 
ciably change with temperature. This may be ascribed to the fact 
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that, in the hydraulic bulge, the geometry of all points of the part 
is continuously changing with increasing strain, while in the die 
bulge the contour, once formed, remains constant regardless of sub- 
sequent straining. 

Experimentation on hydraulic and rubber forming of various 
shapes through a (plane) die ring (i.e., against the atmosphere 
only) shows that the strains and height of a part attained also de- 
pend upon the geometry. The one border condition, represented by 
a circular bulge (cup or boss), Fig. 19, is affected by both the metal 
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Fig. 20—Effect of Forming Temperature on the Strain at 
the Center of Beads Formed Hydraulically or by Rubber Press 
(16), (19), (25) 


condition and the forming temperature in an entirely different 
manner than the other border condition, the bead, Fig. 20. Form- 
ing through circular and elliptical dies generally permits less strain- 
ing the smaller the ratio of the shorter axis to the longer axis. At 
an axis ratio between 0.60 and 0.40 the fracture shifts from the 
crown of the part to the die radius. This latter type of failure is 
normal for beads. 


Room Temperature Forming of Embossed and Beaded Parts 


(12), (19) 


T Condition—Not suitable, because of severe warpage. 

O Condition—Equal to 24SO, Figs. 19 and 20. Stretch values 
considerably over 20 per cent in all directions have been observed 
in circular bulges, Fig. 19, while the maximum stretch values across 
a bead (which exhibits no appreciable strain parallel to its exten- 
sion) is generally less than 10 per cent, Fig. 20. 

AQ Condition—Not known. 
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Elevated Temperature Forming of Embossed and Beaded Parts 


(12), (19) 


T Condition—Die-formed recesses, of a spherical shape, Fig. 
18, cannot be made appreciably deeper at elevated temperatures than 
at room temperature. 24ST remains superior to 75ST within the 
practical range of temperature. 

Hydraulically (rubber) formed recesses of an approximately 
spherical contour, Fig. 19,*permit higher strains than 24ST at ele- 
vated temperatures. 

Hydraulically (rubber) formed beads cannot be made deeper 
at elevated temperatures. 24ST remains superior to 75ST, within 
the practical range of elevated temperatures. 

O Condition—75SO was found to be at least equivalent to 
24SO for all recessed shapes and temperatures. 

Die-formed, spherical recesses, Fig. 18, possibly can be made 
slightly deeper at elevated than at room temperature. 

Hydraulically (rubber) formed, spherical recesses permit con- 
siderably higher strains at elevated temperatures. 

Hydraulically (rubber) formed beads cannot be made deeper 
at elevated temperatures. 


DRAWING OF Deep REcEssep Parts (Cup AND Box-SHAPED Parts) 


Room Temperature Drawing of Deep Recessed Parts (20), (30) 


T Condition—Not suitable. 
O Condition—Equal to 24SO, Fig. 21. 
AQ Condition—No information. 


Elevated Temperature Drawing of Deep Recessed Parts (20), (30) 


T Condition—The ductility materially improves beyond 200 
degrees Fahr.; and boxes with generous radii, approaching the 
shape of a cup, may be formed at 200 degrees Fahr. while boxes 
with sharp corners may be formed at 350 degrees Fahr, Only a 
slight improvement was observed in 24ST, up to 400 degrees Fahr. 

O Condition—The ductility of both 75SO and 24SO increases 
with increasing temperature, Fig. 21. Parts which are difficult to 
form at room temperature may form satisfactorily at a higher tem- 
perature. 
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JOGGLING 
Room Temperature Joggling (3), (8) 


T Condition—Inferior to 24ST. 4t claimed to be minimum 
bend radius for deep joggles. Special tooling has been developed 
by one plant which permits minimum joggling allowance 514 times 
the depth. 
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Fig. 21—Effect of Forming Temperature on the Maximum 
Depth of Draw of Square Boxes and Cylindrical Cups (20), 
(29), 
O and AQ Conditions—Equal to 24SO. 
AQ Condition—Equal to 24SO and 24S-AO. 


Elevated Temperature Joggling (9) 


TL Condition—The general trend is toward elevated tempera- 
ture; this permits joggling to same dimensions as in 24ST without 
embrittlement in the bend area. Heating may be applied by resist- 
ance or conduction. 


DIMPLING 


Room Temperature Dimpling (2a), (3), (5), (7), (8), 
(9), (29), (32) 


IT Condition (see footnote 3)—Inferior to 24ST regarding— 
(a) circumferential cracking, (b) radial cracking, and (c) other 
factors affecting formability, aerodynamics, and strength in service. 
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(a) To avoid circumferential cracking, the sharp female die 
radius used in the standard 24ST tools cannot be used but must 
be considerably increased, particularly for the larger rivet sizes. 
This requires the application of skirted rivets. 

(b) To avoid radial cracking, the circumferential stretch must 
be kept below 7 to 10 per cent as against 12 to 15 per cent for 24ST. 
The low strain limit only covers the 115-degree dimple, and an 
increase of the die angle, resulting in coining of the edge, has 
enabled the forming of such dimples commercially. 100-degree 
screw dimples and rivet dimples cannot be commercially cold-formed 
for all rivet sizes by any method. Those methods employing strain 
relief, of which the edge coining and press rivet dimpling are the 
most practical, require excessively close control of tooling and 
material preparation. They may, however, be used in an emer- 
gency. Press rivet dimpling is limited to use in joints with small 
rivets in thin sheets where warpage may be controlled to a reason- 
able degree. Edge coining technique requires careful maintenance 
of the die sets and seems satisfactory only for smaller rivet sizes, 
because of its tendency toward circumferential cracking. Spin 
dimpling can be used to form 100-degree dimples without crack- 
ing or warpage in thicknesses up to 0.064 inch, but has the added 
disadvantages of removing cladding, and slowness. 

(c) The hole to be dimpled must possess a favorable edge 
condition. Drilled holes allow higher stretch values than punched 
holes. A burr on the lower side of the dimple should be particu- 
larly avoided. 

(d) Other major difficulties in cold forming of 75ST are in 
warpage, poor definition and flushness. The ductility is so 
nearly. exhausted as to greatly increase the danger of failures 
from stress raisers and fatigue. This lack of ductility is evidenced 
by “popping out” of the dimple with small amounts of subsequent 
bending of dimpled sections. To be safe from these failures, the 
formed metal should be capable of at least 2 per cent additional 
elongation (residual ductility). 


Elevated Temperature Dimpling (2a), (9), (29) 


T Condition—Hot dimpling is rapidly receiving acceptance. 
Resistance heating and conduction heating are employed at pres- 
ent. The technique of hot dimpling appears to be simpler than 
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Fig. 22—Effect of Heating Current, Time and Resulting Tempera- 
ture Upon the Strength of Single Dimpled Joints (29). 


that of cold dimpling, because the temperatures, the tooling, and 
the sheet preparation do not require excessively close control. 

The actual forming temperature should be approximately 350 
degrees Fahr., possibly within +50 degrees Fahr. In conduction 
heating, die temperatures of 425 to 450 degrees Fahr. are satisfac- 
tory. The forming time should not appreciably exceed that required 
for cold forming, and any extended dwell of the sheet in contact 
with hot tools must be avoided. 

The strength of hot-dimpled (and riveted) sheet has been 
found to be considerably higher than that of cold-dimpled 75ST, 
possibly because of the presence of cracks in the cold-iormed dim- 
ples. A representative figure is 20 per cent, but a 50 per cent 
increase was observed for hot screw dimples, in one instance. 

In experimentation with electrical resistance heating and cop- 
per-beryllium tools, dimples for rivet sizes from ¥% to %-inch 
shank diameters with head angles of 78, 100, and 115 degrees have 
been formed in sheet thicknesses from 0.020 to 0.125 inch. The 
requirements of freedom from cracks, flushness, warpage and nest- 
ing have been met for all alloys and conditions listed. No special 
precautions, such as double drilling, deburring, reaming or counter- 
sinking, were used. The strengths for the 5/32-inch, 100-degree 
dimples in 0.05l-inch 75ST, bare, have been investigated and are 
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shown in Fig. 22.* It can be concluded that most of the squeezer- 
type and some shot-type dimpling machines and spot welding ma- 
chines now in use could be equipped for hot dimpling. One advan- 
tage of great importance in hot dimpling is that the residual ductility 
is greater than for cold dimpling and, therefore, such dimples are 
less susceptible to failure from stress raisers and fatigue. 


EXTRUSIONS 


Sufficient information is not available on the forming properties 
of 75S extrusions for a general correlation, at present. 

However, it is known that the effect of section size upon the 
tensile properties is not as large as for 24S extrusions. All sizes 
of extrusions, therefore, meet the same generally specified values, 
according to Army-Navy Aero. Spec. AN-A-lla, “Aluminum AI- 
loy (Al-XB75S); Extruded Shapes, Dec. 22, 1943. This also in- 


“ms 


dicates that the property variations throughout a single extrusion 
are probably smaller for 75S than for 24S extrusions.” 

In the bending and joggling of 75ST extrusions, tempera- 
tures between 250 and 350 degrees Fahr. are used to obtain sharper 


radii and a better conformance to the tool contour than obtainable 
with 24ST extrusions. This practice is similar to that for 14ST 
extrusions. 
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EFFECTS OF COMBINED STRESSES AND LOW TEMPER- 
ATURES ON THE MECHANICAL PROPERTIES OF 
SOME NONFERROUS METALS 


By D. J. McApam, Jr., G. W. GEIL, Aanp R. W. Mess 


Abstract 


By means of tension tests of notched specimens an 
investigation has been made of the mechanical properties 
of K-monel metal, nickel, plain and leaded phosphor 
bronzes, commercial aluminum and high purity aluminum. 
Diagrams are presented to show the influence of notches 
and of the stress system on resistance to plastic deforma- 
tion, resistance to fracture, and ductility between room 
temperature and —188 degrees Cent. (—306 degrees 
Fahr.). 

The difference between the initial technical cohesive 
strength of a metal and its resistance to plastic deforma- 
tion 1s much less than has been generally supposed. After 
even moderate plastic. deformation, the resistance to plas- 
tic deformation is only slightly less than the technical co- 
hesive strength. The additional plastic deformation nec- 
essary to overcome this slight difference, however, varies 
greatly with the metal and with conditions of stressing. 

A study ts made of the quantitative variation of me- 
chanical properties with temperature. For the above men- 
tioned metals, the ductility does not decrease with decrease 
of temperature to —188 degrees Cent. (—306 degrees 
Fahr.). A discussion is also given of the correlation be- 
ween ductility and the stress-temperature lines for yield 
stress, ultimate stress and initial technical cohesion limit, 
and of the “normal” variation of mechanical properties 
with temperature. 


HE mechanical properties of a metal involve resistance to -plas- 

tic deformation, resistance to fracture, ductility, and total work. 
This paper will consider the first three of these properties as affected 
by the stress combination and by temperature. 


A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. Of the authors, D. J. 
McAdam, Jr., is chief, section of Thermal Metallurgy, and G. W. Geil and 
R. W. Mebs are metallurgists, National Bureau of Standards, Washington, 
D. C. Manuscript received July 5, 1945. 
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The resistance of a metal to plastic deformation cannot be com- 
pletely represented by a single stress value. It is a function of all 
three principal stresses,’ and varies with the temperature, amount of 
plastic deformation, and rate of deformation. Resistance to frac- 
ture has generally been considered to depend on a limiting value of 
the greatest principal stress, and to vary little with temperature or 
rate of deformation. As shown in previous papers? by the authors 
(1) to (8), however, the technical cohesive strength of a metal, its 
resistance to fracture, is also a function of all three principal stresses. 
The previous papers also show that plastic deformation and temper- 
ature affect the technical cohesive strength about as much as they 
affect the flow stress.* 

The technical cohesive strength of a metal, at a specific temper- 
ature and rate of deformation, comprises an infinite number of tech- 
nical cohesive limits corresponding to the infinite number of possible 
combinations of the principal stresses. For a specific temperature, 
amount of prior plastic deformation, and rate of deformation, the 
technical cohesive strength of a brittle metal may be represented by 
a curved surface in a diagram with the three principal stresses as 
co-ordinates, and the initial technical cohesive strength of a ductile 
metal may be pictured approximately by a similar curved surface 
outside the surface representing yield but inside the surface repre- 
senting fracture after the variable plastic deformation. Any point on 
a technical cohesion surface represents a technical cohesion limit. 

When two of the principal stresses are kept equal, the resistance 
to plastic deformation and resistance to fracture may be represented 
by curves in a two-dimensional diagram. Two-dimensional diagrams 
for metals at various temperatures have been shown in previous pa- 
pers by the authors (4), (5). Most of these diagrams are based on 
tension tests of notched cylindrical specimens. The cohesion dia- 
grams, when correlated with the corresponding diagrams of flow 
stress, reveal fundamental factors involved in the mechanical prop- 
erties of metals. The forms of the diagrams differ considerably for 
different metals, and vary also with the temperature. Moreover the 


1Any stress system may be resolved into three principal stresses normzl to three 
mutually enone planes, known as the principal planes, on which there is no shear- 
ing stress. ensile stresses are viewed as positive, and compressive stresses as negative. In 


this paper as in the previous papers (1 to 8), the algebraically eatest principal stress 

will be designated S,, the least principal stress will be designated Ss, and the intermediate 

principal stress will be designated Sp. 
®The figures appearing in parentheses pertain to the references appended to this paper. 


*Flow stress is here used in its generally accepted significance to designate the great- 
est principal stress during flow. 
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quantitative effect of temperature on resistance to deformation, re- 
sistance to fracture, and ductility varies greatly with the metal. It is 
important to know what is the “normal” variation of the form of 
the cohesion diagram and of the mechanical properties with tempera- 
ture. By “normal” variation is meant the variation due to tempera- 
ture alone, not the variation due to the combined influences of tem- 
perature and structural change. 

In previous papers (4), (5), (8) a study has been made of the 
effects of combined stresses and low temperatures on the mechanical 
properties of steels and of a few nonferrous metals. In this paper a 
study is made of a number of additional nonferrous metals. 


MetTuop or INVESTIGATION, SPECIMENS, AND MATERIALS 


In this paper as in most of the previous papers, attention is con- 
fined to stress combinations with S, equal to S,. Such stress com- 
binations could be produced by subjecting a cylinder to combinations 
of uniform axial and radial stresses. The uniform radial stress may 
be resolved into two equal principal stresses, with the mutually per- 
pendicular directions rotatable around the axis of the cylinder. Uni- 
form radial tensile stress, however, cannot readily be produced in 
combination with uniform axial tensile stress. When a notched 
cylindrical specimen is subjected to longitudinal tension, the mini- 
mum section is under transverse radial tension, but the radial stress 
is not uniform. The longitudinal stress, moreover, is initially high- 
est at the periphery of the minimum section. Even slight plastic de- 
formation, however, greatly diminishes the concentration of longi- 
tudinal stress (3). The tangential and radial stresses after plastic 
deformation are nearby equal at any point in the minimum section, 
except near the periphery where the radial stress remains zero. By 
the use of properly notched specimens, therefore, the influence of 
stress concentration is minimized and the influence of the radial stress 
ratio (S,/S,) is revealed (1) to (8). 

In the investigation to be described, this purpose was obtained 
by the use of deep notches. The notches were nearly all of about 
the same depth (k — about 0.16),* but the notch angle varied be- 
tween 170 and 45 degrees and the root radius varied from 0.001 to 


A 


0.08 inch. Most of the notched specimens were about 5% inches 


- 


‘Notch depth is expressed in terms of the relative area (k — b*/B*) of the minimum 
cross section, where b and B represent the minimum and maximum radii of the section, 
respectively. Thus, the greater the notch depth, the smaller is the value of k. 
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long; those having large notch angles were necessarily somewhat 
longer. The ends of the specimens were threaded to 34 inch in diam- 
eter. Between the threaded ends, the specimen was machined to a 
selected uniform diameter, and a circumferential V-notch of selected 
angle and root radius was machined at the mid-section. The notch 
was carefully machined so that the conical sides of the notch were 
tangent to the are at the root. Care was also taken to avoid heating, 
bending, or appreciable cold work during the machining. 

Before testing, each specimen was carefully measured as fol- 
lows: The maximum uniform diameter was measured with microm- 
eter calipers; the diameter of the minimum section, at two or more 
positions uniformly spaced circumferentially, was determined by 
means of a measuring microscope. The root radius was measured by 
means of a graduated set of wires of slightly different diameters and 
the notch angle was measured on a magnified photograph of the 
notched specimen. 

The metals used were K-monel metal,’ nickel, copper-tin alloy, 
and aluminum. Two samples of hot-rolled nickel were used. One of 
these (designated CW) was an old sample taken from stock; the 
other (CX) was a new sample supplied through the co-operation of 
Dr. W. A. Mudge and R. B. Nation of the International Nickel 
Company. Two samples of cold-worked copper-tin alloy were used. 
One (CL) was taken from stock and was later found to be a leaded 
bronze; the other was a new sample (CM) supplied through the co- 
operation of J. R. Freeman, Jr., Technical Manager, American 
Brass Co. Two samples of cold-worked aluminum were used. One 
of these (AA) was high purity aluminum; the other (AB) was com- 
mercial aluminum. Both of these were obtained through the co- 
operation of R. L. Templin of the Aluminum Co. of America. 

Both samples of nickel and both samples of copper-tin alloy were 
co!d-worked as follows: Long rods were extended in a horizontal 
tension testing machine until they began to contract locally. A series 
of specimens was thus obtained in an approximately uniform, cold- 
worked condition, from each bar away from the necked portion. 
Specimens of nickel and copper-tin alloy were also annealed. 

A description of the metals is given in Table I and details of heat 
treatment are given in Table II. For a description of the apparatus 
and method of testing, reference is made to a previous paper (3). 


5A monel metal hardenab!e by solution heat treatment owing to the presence of a small 
amount of aluminum. 














1946 STRESSES IN NONFERROUS METALS 501 


Table Il 


_ Heat Treatments in Laboratory 
: ; Temperature ‘Time Held Cooled 
Material Designation Degrees Fahr. Hours in 
K-monel CK-10.6 1060 10 Furnace 
Nickel CW-14 1400 1 Air 


Copper-ti -tin r alloy _CM- 12 1200 VA Furnace 





—_ - - — —_— — 


Acknowledgment is due L. R. Sweetman of the Engineering 
Mechanics Section of the National Bureau of Standards for ex- 
tending the long bars and rods. 


THE MECHANICAL PROPERTIES OF K-MONEL METAL AT 
Various TEMPERATURES 


Influence of Notch Angle and Root Radius on Strength and 
Ductility at Various Temperatures 


Figs. 1 to 4 show the influence of notches on the strength and 
ductility of cold-worked K-monel metal in two different conditions. 
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Fig. 1—Influence of the Notch Angle on the Strength of Cold- 
Worked K-Monel Metal at Three Different Temperatures. 


Figs. 1 and 2 show properties of the metal as received, and Figs. 3 
and 4 show properties of the metal after hardening by precipitation 
(Table II). These illustrations are of two types, arranged in pairs 
for convenient correlation. Figs. 1 and 3 show the influence of 
notches on yield stress, ultimate stress and breaking stress. Each 
curve shows the influence of the notch angle (@) on ultimate stress 
or breaking stress, far the indicated constant root radius (r) ; com- 
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parison of the curves in a diagram reveals the influence of the root 
radius. The ultimate stress values represented are nominal stresses, 
that is, stresses based on the original area of the minimum cross sec- 
tion; breaking stresses are mean values based on the area of cross 
section after’ fracture. When fracture occurred before the load 
reached a true maximum, the nominal stresses are indicated by the 
same symbols that are used for ultimate stresses, but the “prematu- 
rity” of the fracture is also indicated. 

Figs. 2 and 4 show the influence of notches on the relation be- 
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Fig. 2—Influence of Notches on the Relation Between Breaking Stress and 
Ductility of Cold-Worked K-Monel Metal at Three Different Temperatures. 


tween breaking stress and ductility. Ductility is expressed in terms 
of A,/A, in which A, and A represent the initial and final areas of 
the minimum cross section (3). As values of A,/A are represented 
on a logarithmic scale, abscissas represent true strains. Each ascend- 
ing broken line in Figs. 2 and 4 extends from a point whose ordinate 
represents the ultimate stress to a point representing the breaking 
stress and ductility. Each ascending line thus represents approxi- 
mately the variation of the mean flow stress of a notched specimen 
between maximum load and fracture. Curves F represent the varia- 
tion of the flow stress during the test of an unnotched specimen; 
curves F, represent qualitatively the variation of the unidirectional 
flow stress. 

The course of a curve of yield stress or ultimate stress in Figs. 1 
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and 3 is the resultant of two opposing variables dependent on the 
notch angle. These variables are the radial stress ratio (S,/S,) 
and the stress concentration. Both the radial stress ratio and the 
theoretical (initial) stress concentration increase continuously with 
decrease in the notch angle, and this variation is qualitatively similar 
to the variation of the ultimate stress (Figs. 1 and 3). Moreover, 
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Fig. 3—Influence of the Notch Angle on the 
Strength of Heat Treated K-Monel Metal at Two 
Different Temperatures. 


the radial stress ratio and the initial stress concentration both increase 
with decrease in the root radius (3), (5), (8). Even slight plastic 
deformation, however, removes most of the concentration of longi- 
tudinal stress and thus reveals the influence of the radial stress ratio. 
The increase of the radial stress ratio with decrease of the notch 
angle tends to cause a continuous rise of a curve of yield stress or 
ultimate stress. Any remaining concentration of longitudinal stress, 
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however, decreases the mean stress at yield or at highest load, and 
thus opposes the rise of a curve of yield stress or ultimate stress. 
The course of a curve of breaking stress in Figs. 1 and 3 is the 
resultant of three variables dependent on the notch angle. Two of 
these are the same variables that affect the ultimate stress. The third 
variable is the ductility, which decreases continuously with decrease 
in the notch angle. The continuous increase in the radial stress ratio 
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with decrease in the notch angle tends to cause a continuous rise of 
a curve of breaking stress, but any concentration of longitudinal 
stress at fracture tends to depress this curve. The continuous de- 
crease of ductility tends to cause a continuous descent of a curve of 
breaking stress. Any rise of a curve in Figs. 1 and 3, therefore, 


3 *As shown in previous papers (1 to 8), plastic extension causes a continuous increase 
in the technical cohesive strength, and thus tends to cause an increase in any specific tech- 
nical cohesion limit. A decrease in the total deformation at fracture would have the 
opposite effect. 
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reveals a dominant influence of the radial stress ratio. 

In Figs. 2 and 4, each curve of variation of the breaking stress 
is qualitatively similar to those in Figs. 1 and 3, in that each curve 
rises from P, under the dominant influence of the increasing radial 
stress ratio but eventually descends under the dominant influence of 
one or both of the other variables (increasing stress concentration 
and decreasing ductility). Each flow stress line, moreover, is influ- 
enced by the relative magnitude of the radial stress ratio and the 
stress concentration. With decrease in the notch angle, the entire 
flow stress line is elevated because of the dominant influence of the 
increasing radial stress ratio. When the angle is decreased below a 
certain value, however, the influence of the increasing stress concen- 
tration prevents further elevation of this line. The continuous de- 
crease in ductility, caused by the increase of the radial stress ratio 
and the stress concentration, moves the point representing fracture 
downward along the flow stress line. 

If it were possible to obtain a quantitatively correct measure of 
the ductility (page 18 of reference 3) and if no concentration of lon- 
gitudinal stress existed at fracture, the course of a curve of breaking 
stresses in a diagram of the type shown in Figs: 2 and 4 would de- 
pend on only one factor, the radial stress ratio. The relation between 
breaking stress and ductility, as affected by varying the radial stress 
ratio, would then be represented by a single curve. Curve L, the 
ideal locus of fractures, represents qualitatively the variation of the 
true ductility and true breaking stress with variation of the radial 
stress ratio. 

The ductility expressed in terms of the change in cross-sectional 
area can be determined with sufficient accuracy. The value so ob- 
tained, however, is merely a mean value. The true ductility, repre- 
sented by the plastic deformation at the origin of fracture, generally 
differs from the mean ductility because of the deformation gradient 
that arises during the plastic deformation of a notched specimen. 
When fracture starts near the axis of the specimen, as it generally 
does when fracture is not premature, the mean ductility is generally 
greater than the true ductility. This difference is accentuated when 
there is a “rim effect,” that is, a continued plastic deformation of the 
rim of the minimum cross section after fracture has started near the 
center (3). For this reason, the ideal locus of fractures in Figs. 2 
and 4 has been drawn with little regard for the curves representing 
root radii greater than 0.03 inch. Each ideal locus of fractures must 
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reach the axis of abscissas at a point (T,) whose ordinate represents 
the disruptive stress.’ 

In the correlated diagrams for heat treated K-monel metal (Figs. 
3 and 4), the greater the notch radius, the higher is the course of the 
curve of breaking stress. The curve obtained with 0.01-inch radius 
shows the depressing influence of incompletely relieved stress con- 
centration. The curve for 0.05-inch radius probably is influenced by 
the “rim effect”, that is, an extension of the rim of the section after 
fracture begins near the axis. This pulling out of the rim reduces the 
cross section and thus tends to make the calculated values of break- 
ing stress and ductility too high. The ideal locus of fractures, there- 
fore, probably is not far from the curve obtained with 0.03-inch ra- 
dius. 

The locus of fractures for either the “as-received” or the heat 
treated K-monei metal is of the previously mentioned complex form, 
and thus is very different from the locus of fractures previously ob- 
tained with either annealed or cold-drawn plain monel metal (3), 
(4). The curve for the “as-received’’ K-monel is more like the curve 
for a ferritic steel than like the curve for ordinary monel metal. 

The locus of fractures for K-monel metal confirms the evidence 
presented in previous papers (1) .to (8) that the technical cohesion 
limit tends to increase with increase in the radial stress ratio and does 
so increase unless the effect of the increasing radial stress ratio is 
masked by the opposing effects of the continuously decreasing duc- 
tility and increasing stress concentration. 

Lowering the temperature of K-monel metal increases the size 
of the diagram representing the technical cohesive strength, but 
causes no change of form and little or no change in ductility. 


The Technical Cohesive Strength of K-Monel Metal 


When S, is kept equal to S,, the strength of a metal may be 
represented by a diagram with ordinates representing axial stresses 
and abscissas representing radial stresses. Diagrams of this type 
have been shown in previous papers (1) to (8). Diagrams of the 
same type for the K-monel metal at room temperature are shown in 
Fig. 5. These diagrams are assumed to be free from the distorting 
influence of stress concentration ; they are qualitative representations 
of the strength of this metal in terms of uniform axial and radial 


The term “disruptive stress’’ has been suggested to indicate the stress at fracture 
under polarsymmetric tension. As this stress combination causes no shear, there can be 
no plastic deformation. 
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stresses. The values of S, and of S,/S, used in constructing the 
diagrams cannot be obtained directly from the results of tests of 
notched specimens, but are based on an empirical assumption as to 
the variation of S,/S, with the ultimate stress (3), (4). 

Each of the radiating broken lines in Fig. 5 is the locus of points 
representing the indicated constant value of the radial stress ratio; 
the diagonal line H is the locus of points representing polarsymmetric 
stress (S, = S, —S,). Curve T in each diagram represents approx1- 
mately the initial technical cohesive strength, and the intersections of 
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Fig. 5—Influence of the Radial Stress Ratio on Yield Stress, Ultimate Stress, and 
Technical Cohesion Limit of K-Monel Metal at Room Temperature. 
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this curve with the radiating broken lines represent initial cohesion 
limits for the corresponding values of S,/S,. The initial technical 
cohesion limit for any specific value of S,/S, cannot be represented 
by a point on curve L, because fracture of a ductile metal occurs only 
after the technical cohesive strength has been increased by the plastic 
deformation. The initial technical cohesive strength should be repre- 
sented by a curve between the curves representing yield strength and 
fracture (1) to (8). No point on curve T (except T,) could be 
established directly because the yield stress for that stress combina- 
tion would be exceeded before fracture, and the technical cohesive 
strength would increase. Nevertheless a suitable curve to represent 
the initial technical cohesive strength can be established approximate- 
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ly (1) to (6). Point T, represents by its ordinate the initial techni- 
cal cohesion limit for unidirectional tension. Although this cohesion 
limit has been termed the “severing stress”, the word “‘initial’’ must 
be added when a distinction is made between this cohesion limit and 
the stress at fracture after plastic deformation indicated by P,. 
Evidence presented in previous papers (1) to (6) indicates that 
the disruptive stress (T,) is about twice the initial severing stress 
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Fig. 6—Influence of the Radial Stress Ratio on 
Flow Stress, Technical Cohesion Limit, and Ductil- 
ity of K-Monel Metal at Room Temperature. 


(T,). This 2 to 1 ratio has been used in constructing Figs. 5, 6, and 
other diagrams of the same types. When this ratio is used, curve T is 
sometimes above curve U (Fig. 5A) and sometimes below (Fig. 5B). 

In the diagrams of Fig 6, abscissas represent plastic deforma- 
tions and ordinates represent breaking stresses; the system of co-or- 
dinates, therefore, is the same as in the diagrams shown in Figs. 2 
and 4. The locus of fractures (LL) in each diagram is practically 
identical with the ideal locus of fractures in the corresponding dia- 
gram of Fig. 2 or Fig. 4. Each locus of fractures, therefore, is 
assumed to be free from the distorting influence of stress concentra- 
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Fig. 7—Influence of the Notch Angle on the Strength of Cold-Worked Nickel CW 
at Four Different Temperatures. 








— CW; Cold-Worked 
23%. 030%. | | ABC. | MBB. 
© Unnotthed Fracture — 8 came F FlOw SUe88, Unnotthed 
e P-00/" yan Lend 2 rtotctretttttt 
a r-003° 1el0 Stress Unidirectional ||] Cortttrtt te 
L Loqus “—~ i Denpine stress pettete tt BX Hit 
+t so +++ 7 rT THT “Lis { 







TH+ Ke Ce. st eT Tel 
a0 : re 


TA 
; x 


| fo Symbols 
| 1 (dicate Notch 
—t+x-T I Angles 
i - —D | 


Stress, O00 Psi 
SR eRSS s 8 


ij Nective Length Ratio, Ag/A 


Fig. /8—Influence of Notches on the Relation Between Breaking Stress and Duc- 
tility a Cold-Worked Nickel CW at Four Different Temperatures. 


tion and deformation gradient; it is a qualitative representation of 
the influence of combined axial and radial uniform stresses on the 
relation between breaking stress and ductility. Moreover, any point 
on the locus of fractures is assumed to represent fracture with the 
radial stress ratio held constant throughout the test. 

Any point on the locus of fractures may be made the terminus 
of a curve of flow stress and a curve of technical cohesion for-a 
specific value of the radial stress ratio. In Fig. 6, curves of cohesion 
and flow stress have been drawn to represent typical values of S,/S, 
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Fig. 10——-Influence of Notches on the Relation Between Breaking Stress 
and Ductility of Cold-Worked Nickel CX at Three Different Temperatures. 


between O and 1. Curve T, represents the variation of the disrup- 
tive stress with prior plastic deformation. A curve of flow stress 
rises more rapidly thah the corresponding curve of cohesion. A\l- 
though the two curves may be far apart at the origin, they converge 
and eventually intersect at a small angle, at a point on the locus of 
fractures. Because of the acuteness of this angle, any variable that 
has even a slight differential effect on the two curves may have a 
great effect on the ductility. Considerable evidence indicates that the 
difference between the initial technical cohesive strength of a metal 
and its resistance to plastic deformation is much less than has been 
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Fig. 11—Influence of the Notch Angle on the Strength of Annealed Nickel at 
Four Different Temperatures. 


generally supposed. After even moderate plastic deformation, the 
resistance to plastic deformation is only slightly less than the techni- 
cal cohesive strength. The additional plastic deformation to over- 
come this slight difference, however, varies greatly with the metal 
and with the conditions of stressing. 

Although an increase of S,/S, from zero to 0.2 or 0.3 causes 
great decrease in the ductility of K-monel metal, a further increase 
of S,/S, causes a much less rapid decrease in the ductility (Figs. 2, 
4 and 6). This variation of the ductility may be correlated with 
the varying slope of the curves of cohesion and flow stress and the 
varying acuteness of the angle at their intersection. 


THE MECHANICAL PROPERTIES OF NICKEL AT 
Various TEMPERATURES 


Figs. 7 to 10 show the influence of notches on the mechanical 
properties of two samples of cold-worked nickel. As the sample 
designated CW had been in stock for a number of years, the Inter- 
national Nickel Company kindly supplied a new sample, which has 
been designated CX. Results obtained with the old sample (Figs. 
7 and 8) were somewhat erratic. Some specimens gave low break- 
ing stresses because of failure at a flaw. The ultimate stress values 
also show considerable scatter. With the new sample (Figs. 9 and 
10) much better results were obtained. The evidence obtained with 
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both samples, however, indicates that the curve of breaking stress 
for cold-worked nickel is qualitatively similar to the curve for K- 
monel metal, and differs from the curves previously obtained with 
copper and plain monel metal (3), (4). 

Figs. 11 and 12 show the influence of notches on the mechanical 
properties of annealed nickel. With this metal, as with any metal 
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Fig. 12—Influence of Notches on the Relation Between Breaking Stress and 
Ductility of Annealed Nickel at Four Different Temperatures. 


that extends greatly before reaching the maximum load, the root 
radius of the notch increases greatly during a tension-test. Even 
when the initial root radius and notch angle are small, therefore, it is 
not possible to obtain a high value of the radial stress ratio at maxi- 
mum load or at fracture. This fact is clearly revealed in Fig. 11, and 
by the curves of breaking stress in Fig. 12. Even specimens with 
initially small notch angle and root radius exhibit considerable duc- 
tility. The actual ductility, however, may be less than the mean duc- 
tility (3). 

Interrupted tests with nickel specimens having large notch angles 
gave curved flow stress lines, instead of the nearly straight lines ob- 
tained with most metals. The actual ductility, however, may be less 
than the value represented by the highest point on a curved flow 
stress line. Similarly curved flow stress lines, obtained with alumi- 
num, will be discussed later. 

Comparison of the diagrams for different temperatures in Figs. 
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8, 10 and 12 shows that the ductility of nickel changes little through- 


out a range from room temperature to —188 degrees Cent. (—306 
degrees Fahr.). 


THe MECHANICAL PROPERTIES OF PHOSPHOR BRONZE AT 
Various TEMPERATURES 


Figs. 13 and 14 show the influence of notches on two samples of 
phosphor bronze differing considerably in composition. One of these 
samples (CL), which was purchased on specifications for a plain 
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Fig. 13—Influence of Notch Angle and Root Radius on the Strength of Phos- 
phor Bronze at Three Different Temperatures. 


phosphor bronze, gave unusually low values for breaking stress and 
ductility. Metallographic examination showed numerous small par- 
ticles of, lead, and chemical analysis showed that this is a leaded 
bronze Containing zinc. The American Brass Company, therefore, 
kindly supplied a sample of plain cold-worked phosphor bronze, 
which is designated CM. In Fig. 13, diagram A shows results ob- 
tained with the plain bronze at room temperature, and diagrams B, 
C, and D show results obtained with the leaded bronze (CL) at room 
temperature, —78 and —188 degrees Cent. (—108 and —306 degrees 
Fahr.). In Fig. 14, diagram A compares results obtained with the 
two bronzes at room temperature, and diagrams B and C show results 
obtained with the leaded bronze at —78 and —188 degrees Cent. 
(—108 and —306 degrees Fahr.). 

The ductility of the leaded bronze (CL) decreased rapidly with 
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decrease in the notch angle (Figs. 13 and 14). When the angle was 
less than about 120 degrees, the ductility of this bronze was not 
enough to permit the load to reach a true maximum. With decrease 
of the angle below 90 degrees, the curves of ultimate stress and 
breaking stress in Fig. 13 turn downward because of the increasing 
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Fig. 14—-Influence of Notches on the Relation Between Breaking Stress and 
Ductility of Phosphor Bronze at Three Different Temperatures. 


stress concentration. In Fig. 14, the initial course of the curves to 
the left of P, may be attributed to the combined influences of increas- 
ing radial stress ratio and decreasing ductility. Although the curves 
obtained with 0.01-inch root radius are depressed by the influence of 
the increasing stress concentration, the influence of the increasing 
radial stress ratio again becomes dominant until the rise of the curves 
is stopped by the increasing stress concentration. If the radial stress 
ratio could be increased from zero to 1.0 without an accompanying 
increase of stress concentration, the curves for leaded bronze in Fig. 
14 would continue their upward course as indicated qualitatively by 
the ideal locus of fractures (L) and would approach the points (T, ) 
representing the disruptive stress. 

Comparison of diagrams A and B of Fig. 13 shows that, al- 
though the curves of yield and ultimate stress are initially higher for 
the leaded bronze (CL) than for the plain bronze (CM), the break- 
ing stress curve is much higher for the plain bronze than for the 
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leaded bronze. With decrease of the notch angle below about 160 
degrees, however, the breaking stress curves for the leaded bronze 
rise after an initial descent, and would rise much further (above U’) 
if the radial stress ratio could be increased without increase in the 
stress concentration, whereas the breaking stress curve for the plain 
bronze descends continuously under the dominant influence of the 
rapidly decreasing ductility (Figs. 13A and 14A). The disruptive 
stress evidently is about the same for the two bronzes. To simplify 
the further comparison of mechanical properties, therefore, it has 
been assumed that the disruptive stress for both bronzes is exactly 
the same, as indicated by points T, in diagrams A and B of Fig. 13. 
In Fig. 14, consequently, the locus of fractures (L) for each of the 
bronzes approaches the same point (T,). 

Although the bronzes differ greatly in breaking stress and duc- 
tility under the usual tension test, they have practically the same 
initial technical cohesive strength. The great difference in mechani- 
cal properties is due to a small difference in the relation between the 
initial technical cohesive strength and the resistance to plastic defor- 
mation. The initial technical cohesive strength, however, cannot be 
represented completely by the disruptive stress, and the resistance to 
plastic deformation cannot be represented completely by a single flow 
stress; each of these strength properties must be represented by a 
diagram with the principal stresses as co-ordinates. When S, is kept 
equal to S,, a two-dimensional diagram may be used of the type 
shown in Fig. 5. Such a diagram for the two phosphor bronzes is 
shown in Fig. 15( and a correlated diagram of the same type as Fig. 
6 is shown in Fig. 16. 

Diagram A of Fig. 15 represents the technical cohesive strength 
of both bronzes at room temperature and diagram B represents the 
technical cohesive strength of the leaded bronze at —188 degrees 
Cent. (—306 degrees Fahr.). In diagram A, it has been assumed 
that both bronzes have the same initial technical cohesive strength 
which is represented by curve T. The locus of fractures (L), how- 
ever, is much higher for the plain bronze than for the leaded bronze, 
except where the two curves L join at T,. In Fig. 15B, the diagram 
for leaded bronze at —188 degrees Cent. (—306 degrees Fabr.) is 
similar in form to the diagram for the same bronze at room tempera- 
ture (Fig. 15A), but is larger in accordance with the greater techni- 


cal cohesive strength at the lower temperature (compare diagrams B, 
C, and D of Fig. 13.). 
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In Fig. 16A, the variation of the technical cohesive strength of 
both bronzes with plastic deformation is represented by the same 
series of, broken curves. Each of these curves represents the varia- 
tion of a cohesion limit for the indicated constant value of the radial 
stress ratio. The origins of these curves correspond to the intersec- 
tions of curve T in Fig. 15A with the radiating broken lines. The 
simplifying assumption has thus been made that the two bronzes are 
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Fig. 15—-Influence of the Radial Stress Ratio on the Technical Cohesion Limit 
of Phosphor Bronze at Two Different Temperatures. 


identical in initial technical cohesive strength and in the variation of 
the technical cohesive strength with plastic deformation. The bronzes 
are assumed to differ only in their resistance to plastic deformation. 
Corresponding to each of the cohesion curves there is a flow stress 
curve for the plain bronze and a higher flow stress curve for the 
leaded bronze. The flow stress curves for the plain bronze intersect 
the corresponding cohesion curves at points on the upper locus of 
fractures (L). The flow stress curves for the leaded bronze, because 
they are higher than the corresponding curves for the plain bronze, 
intersect the cohesion curves at less distances from the origin, at 
points on the lower locus of fractures (L). 

The results obtained with the two bronzes thus confirm the 
statement made in previous papers (1) to (8), that the acuteness of 
the angle between corresponding curves of flow stress and cohesion 
makes any metal sensitive to the factor that has even a slight differ- 
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Fig. 16—Influence of the Radial Stress Ratio on Flow Stress, Technical Co- 
hesion Limit, and Ductility of Phosphor Bronze at Three Different Temperatures. 


ential effect on these curves. The small lead particles in bronze CL, 
although they have little effect on either the initial technical cohesive 
strength or the resistance to plastic deformation, have lowered the 
cohesive strength slightly more than they have lowered the resist- 
ance to plastic deformation,® and thus have greatly decreased the duc- 
tility. 

Diagrams B and C of Fig. 16 each contain a series of curves of 
technical cohesion, but only one curve of flow stress (F,). The 
slopes of the curves of a series increase with decrease of temperature. 


Tue MECHANICAL PROPERTIES OF ALUMINUM AT 
VARIOUS TEMPERATURES 


Figs. 17 to 21 show results obtained with commercial aluminum 
and with high purity aluminum. Both metals were tested in the cold- 
worked condition. Figs. 17 and 18 show results obtained with notched 
and unnotched specimens of commercial aluminum, Figs. 19 and 20 
show results obtained with high purity aluminum, and Fig, 21 gives 
a comparison of the slopes of the flow stress curves for unnotched 
specimens at various temperatures. 

Because of the high ductility of aluminum, the breaking stress is 
not readily determined. After fracture starts near the axis, the 





‘The greater resistance to plastic deformation of the leaded bronze may be attributed 


to the presence of zinc, and possibly also to greater prior work hardening. 
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crack does not spread rapidly, and extension continues at the rim of 
the cross section. Breaking stresses determined in the usual way, 
therefore, may be far from correct, especially for high purity alu- 
minum. For this reason the tension test specimens, either notched or 
unnotched, were not extended continuously to complete fracture. 
The test was interrupted several times for measurement of the cross 
section and the plotting of “true” stress and strain values. From the 
stress-strain diagram thus obtained an estimate was made of the 
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Fig. 17 ‘Influence of the Notch Angle on the Strength of Cold-Worked Com- 
mercial Aluminum at Four Different Temperatures. 


stress and strain at the beginning of fracture. Results of the inter- 
rupted tests are shown in Figs. 18, 20, and 21. The interruptions are 
represented by symbols designating the notch angles. When the load 
was applied again after an interruption, the stress at resumption of 
flow was less than the stress at interruption, as indicated by the 
course of the flow stress line. The differences were small at room 
temperature (diagrams A of Figs. 18 and 20), but were considerably 
greater at low temperatures, especially at —188 degrees Cent. (—306 
degrees Fahr.) (Figs. 18C and 20C). For the high purity aluminum 
at —188 degrees Cent. (—306 degrees Fahr.), the differences were so 
great that the point of beginning fracture cannot be accurately deter- 
mined from a flow stress curve. 

The decrease of the flow stress during an interruption probably 
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Fig. 20—Influence of -Notches on the Relation Between Breaking Stress and 
Ductility of Cold-Worked High-Purity Aluminum at Three Different Temperatures. 


is due to loss of some of the previous strain hardening. The great 
loss of strain hardening during an interruption of a test at low tem- 
perature is due to the heating to room temperature during the inter- 
ruption. The loss is greater for aluminum than for most metals 
probably because the rate of work hardening of aluminum increases 
greatly with decrease of temperature. The great effect of tempera- 
ture on the rate of work hardening is revealed by a study of Fig. 21. 

The slope of the nearly straight portion of a flow stress line is 
generally considered to be an index of the rate of work hardening. 
Comparison of the slopes of flow stress lines, however, has led some 
investigators to wrong conclusions about the relative rates of work 
hardening of various metals, because they merely compared slopes 
instead of comparing relative variations of ordinates with plastic de- 
formation. As shown in Fig. 21, the slope of the nearly straight por- 
tion of the flow stress line for aluminum increases greatly with de- 
crease of temperature. The mere fact that the flow stress line is 
much steeper at —188 degrees Cent. (—306 degrees Fahr.) than at 
room temperature, however, does not necessarily mean that the rate 
of work hardening is greater at the lower temperature. Even if the 
rate of work hardening were the same at both temperatures, the flow 
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stress line would be much steeper at —188 degrees Cent. (—306 de- 
grees Fahr.) than at room temperature. To compare rates of work 
hardening, the flow stress lines must be compared in terms of rela- 
tive variations of ordinates with plastic deformation. Such a study 
of Fig. 21 makes it evident that the rate of work hardening of alu- 
minum is nearly twice as great at —188 degrees Cent. (—306 degrees 
Fahr.) ‘as at room temperature. A similar study of the flow stress 
lines in Figs. 2, 4, 8, 10, 12, and 14, however, shows that, although 
the slopes of the lines increase greatly with decrease of temperature, 
the work hardening rates for K-monel metal, nickel, and phosphor 
bronze change very little. 

From the flow stress curves in Figs. 18 and 20 the stresses at 
initial fracture have been derived and are indicated by the solid sym- 
bols. For the commercial aluminum at all temperatures and for the 
high purity aluminum at room temperature, these symbols are at or 
near the highest points of the flow stress curves. For the high purity 
aluminum at low temperatures, the determination of the abscissas of 
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points representing beginning fracture was difficult because only ap- 
proximate allowance could be made for the effect of the interruptions 
on the total ductility. The points representing initial fracture in 
Figs. 18 and 20 have been arbitrarily placed about half way between 
the plus marks, which are in line with the initial slopes, and the high- 
est points of the flow stress curves. The locus of fractures (L) in 
each diagram of Figs. 18 and 20 has been drawn to correspond. with 
the points representing initial fracture. The breaking stresses cor- 
responding to these points have been plotted in Figs. 17 and 19, and 
are the basis for the breaking stress curves. 

There is some evidence in Figs. 18, 20, and 21 that the true flow 
stress curves for aluminum would not be straight between the points 
representing maximum load and initial fracture. For most metals 
this part of the curve;-obtained with either notched or unnotched 
specimens, is practically straight. Tlie straightness of such a curve, 
however, is an effect of the increasing transverse radial stress during 
local contraction. In the absence of this increase of stress, the flow 
stress line would be curved throughout, as illustrated by the lines 
designated F, in previously discussed figures and by all the flow 
stress lines in Figs. 6 and 16. For aluminum and possibly for some 
other metals, the influence of the increasing transverse radial stress 
may not be sufficient to straighten the flow stress line between the 
points representing maximum load and fracture. 

The locus of fractures (L) for aluminum (Figs 18 and 20) is 
similar in form to\the locus of fractures for K-monel metal (Figs. 
2 and 4), nickel (Figs. 8 and 10), phosphor bronze (Fig. 14), du- 
ralumin (Fig. 10 of reference 5), and magnesium (Fig. 14 of refer- 
ence 5). The simple form of the locus of fractures previously ob- 
tained with copper and plain monel metal (Figs. 7, 9, 11, 13, and 15 
of reference 3) evidently is exceptional. 

In the diagrams representing results obtained with aluminum at 
room temperature (diagrams A of Figs. 17 to 20), the influence of 
the radial stress ratio is clearly revealed. The course of a breaking 
stress curve for these ductile metals probably is little affected by 
stress concentration, but depends almost entirely on the variation of 
the radial stress ratio. Because of the increase in the radial stress 
ratio with decrease in the notch angle, the breaking stress curves rise 
continuously throughout the range of experimentally determined 
points. At fracture of the most sharply notched specimens, the mean 
stress was about 50 per cent greater than the mean stress at fracture 
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of an unnotched specimen. Even at yield of specimens with notch 
angle less than about 150 degrees, the mean stress was greater than 
the mean stress in an unnotched specimen at fracture. 

In the diagrams representing results obtained at —188 degrees 
Cent. (—306 degrees Fahr.) (Figs. 18C and 20C), the elevating in- 
fluence of the increasing radial stress ratio is less clearly revealed. 
Although the change from room temperature to —188 degrees Cent. 
(—306 degrees Fahr.) has elevated point T,, it has elevated still more 
the locus of fractures near point P. Whereas the elevation of T, is 
due solely to the increase in the initial technical cohesive strength, the 
elevation of P is due to the combined influences of the increase in the 
initial technical cohesive strength and the more rapid rise of the flow 
stress and cohesive strength with plastic deformation at the lower 
temperature. As curves L in Figs. 18C and 20C extend from P to- 
ward T,, therefore, the elevating influence of the increasing radial 
stress ratio is nearly counterbalanced by the great depressing influ- 
ence of the decreasing ductility. This effect of a decrease of tem- 
perature on the locus of fractures is more prominent for aluminum 
than for K-monel metal (Figs. 2 and 4), nickel (Figs. 8, 10, and 12), 
and phosphor bronze (Fig. 14) because of the previously discussed 
greater increase in the rate of work hardening of aluminum with 
decrease of temperature. 

Figs. 22 and 23 are correlated representations of the technical 
cohesive strength and the influence of the radial stress ratio on the 
mechanical properties of commercial aluminum at room temperature 
and at —188 degrees Cent. (—306 degrees Fahr.). These diagrams, 
like the diagrams in Figs. 5, 6, 15 and 16, are assumed to be free 
from the distorting influence of stress concentration and deforma- 
tion gradient. As illustrated in these diagrams, the initial technical 
cohesive strength of this previously cold-worked metal is only slight- 
ly greater than the resistance to plastic deformation. If curves of ul- 
timate strength were included in Fig. 22, they would be only slightly 
below curves T; at room temperature, moreover, a curve of yield 
stress would almost coincide with the curve of ultimate strength. 
The locus of fractures in Figs. 22 and 23, as in Figs. 17 and 18, is 
much higher and much less steep at —188 degrees Cent. (—-306 de- 
grees Fahr.) than at room temperature. The acuteness of the angle 
between corresponding curves of flow stress and cohesion (Fig. 23) 
implies that any factor that has even a slight differential effect on the 
curves of a pair would have a great effect on the ductility. 
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Fig. 22—Influence of the Radial Stress Ratio on the Technical Cohesion Limit 
of Cold-Worked Commercial Aluminum at Two Different Temperatures. 
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THE VARIATION OF THE STRENGTH AND DUCTILITY OF SOME 
NoNFERROUS METALS WITH TEMPERATURE 


Variation of Strength with Temperature 


The previously discussed diagrams show the strength and duc- 
tility of some nonferrous metals at several different temperatures. 
To study the quantitative variation of these properties with tempera- 
ture, results taken from Figs. 1 to 23 (and some additional results) 
have been plotted as ordinates in Figs. 24 to 30, with abscissas repre- 
senting the corresponding temperatures. Figs. 24 to 27 show the 
variation of the strength indices with temperature, and Figs. 29 and 
30 show the variation of the ductility. The temperature scale is the 
same that has been used in previous papers (4), (5), (8), (9). 
Temperatures in degrees K are plotted on a logarithmic scale. As 
abscissas are proportional to the logarithm of the degrees K, the 
scale is the same in principle as Kelvin’s original thermodynamic 
scale. This scale has ben used because it gives a linear relationship 
between temperature and the strength indices for various metals, ex- 
cept when structural changes occur within certain temperature ranges 
(4), (5), (8), (9). 

Fig. 24 shows results obtained with K-monel metal. With the 
metal in the “as-received” condition (diagram A), a linear strength- 
temperature relationship was obtained for the yield stress, ultimate 
stress, and breaking stress of the unnotched specimens, and a prac- 
tically linear relationship was obtained for the ultimate stresses and 
breaking stresses of the notched specimens. With the heat treated 
K-monel metal (diagram B), a linear relationship was obtained for 
the yield stress, ultimate stress, and breaking stress of the unnotched 
specimens. Although no experiments were made with notched spec- 
imens of the heat treated alloy at intermediate temperatures, consid- 
eration of the vertical distribution of the experimental points for 
notched and unnotched specimens at room temperature and at —188 
degrees Cent. (—306 degrees Fahr.), together with the linear rela- 
tionship obtained with unnotched specimens, leaves little doubt that 
the strength-temperature relationship is linear for both notched and 
unnotched specimens of K-monel metal in either condition. As a lin- 
ear relationship has previously been obtained with plain monel metal, 
either annealed or cold-worked (4), the linear variation of the 
strength indices with temperature may be viewed as a property of 
both plain monel and K-monel. 
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Fig. 24—-Variation of the Strength of K-Monel 
Metal with Temperature. 


As shown in a previous paper (4), however, the linear relation- 
ship for monel metal does not extend far above room temperature. 
Even at 100 degrees Cent., the mechanical properties are affected by 
strain aging. With annealed oxygen-free copper, however, a linear 
relationship extends from —188 degrees Cent. (—306 degrees 
Kahr.) to at least 160 degrees Cent. (320 degrees Fahr.) (4). 

Fig. 25 shows results obtained with two samples of cold-worked 
nickel. With the old sample (diagram B), a linear strength-temper- 
ature relationship between —188 and —78 degrees Cent. (—306 and 
—108 degrees Fahr.) was obtained for the yield stress of unnotched 
specimens, and for the ultimate stress of both notched and unnotched 
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specimens. The irregularity of the breaking stress values masks the 
effect of temperature on the breaking stress of this sample. With 
the new sample (diagram A), a linear strength-temperature relation- 
ship between —188 and —78 degrees Cent. (—306 and —108 de- 
grees Fahr.) was obtained for the ultimate stress of the notched and 


UN 
als 





Fig. 25—Variation of the Strength of Cold- 
Worked Nickel with Temperature. 


unnotched specimens and for the breaking stress of the unnotched 
specimens. For the yield stress of the unnotched specimens and for 
the breaking stress of the notched specimens, the relationship is at 
least approximately linear between —188 degrees Cent. (—306 de- 
grees Fahr.) and room temperature. With the annealed nickel (CW- 
14), the yield stress and ultimate stress of unnotched specimens 
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varied linearly between —188 and —78 degrees Cent. (—306 and 
—108 degrees Fahr.), but the breaking stress values were too irregu- 
lar to reveal the quantitative variation of this property with tempera- 
ture. With another sample of cold-worked nickel discussed in a pre- 
vious paper (4); a definitely linear stress-temperature relationship 
between —188 and —78 degrees Cent. (—306 and —108 degrees 
Fahr.) was obtained for the ultimate stress and breaking stress of 
unnotched specimens, but the effects of strain aging became apparent 
at temperature above —78 degrees Cent. (—108 degrees Fahr.). The 
evidence obtained with both cold-worked and annealed nickel, there- 
fore, indicates that the strength indices for both notched and un- 
notched specimens tend to vary linearly between —188 and about 
—78 degrees Cent. (—306 and —108 degrees Fahr.). 

In the absence of strain aging, the strength-temperature rela- 
tionship for nickel possibly would be linear between —188 degrees 
Cent. (—306 degrees Fahr.) and room temperature. If so, the initial 
technical cohesive strength of this metal would be expected to vary 
linearly throughout this temperature range. On this surmise, the dis- 
ruptive stress (T,) is represented as varying linearly in diagrams A 
and B of Fig. 25, and the corresponding values of the disruptive 
stress have been used in the basic diagrams for nickel (Figs. 7 to 12). 
For any other specific initial technical cohesion limit, such as T,, the 
' variation with temperature would be qualitatively similar to the vari- 
ation of T,,. 

Fig. 26 shows results obtained with phosphor bronze. Diagram 
A shows results-obtained with the plain phosphor bronze, both cold- 
worked and annealed; diagram B shows results obtained with the 
leaded bronze. With the leaded bronze, the stress-temperature rela- 
tionship for the yield stress, ultimate stress and breaking stress of 
notched and unnotched specimens is at least approximately linear 
throughout a range from —188 degrees Cent. (—306 degrees Fahr.) 
to room temperature. With the plain bronze (diagram A), the in- 
fluence of temperature was not determined for notched specimens. 
With unnotched specimens of the cold-worked alloy, the yield stress 
varies linearly from —188 degrees Cent. (—306 degrees Fahr.) to 
room temperature. The variation of the ultimate stress, however, 
suggests that strain aging may begin below room temperature, pos- 
sibly as low as —78 degrees Cent. (—108 degrees Fahr.). The 
breaking stresses obtained with cold-worked and with annealed 
bronze (CM and CM-12) were practically the same, as would be 
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Fig. 26—Variation of the Strength of Phosphor Bronze with Temperature. 


expected. Because breaking stresses were determined at only three 
temperatures, and because these stresses could not be determined 
with great accuracy, the exact variation of the breaking stress with 
temperature is not known. The variation probably is not far from 
linear. 

The evidence in Fig. 26A, however, should be correlated with 
the results obtained with unnotched specimens of another sample of 
phosphor bronze and reported in previous papers (4), (9). With this 
alloy, either in the cold-worked or annealed condition, a linear rela- 
tionship was obtained for the yield stress, ultimate stress and break- 
ing stress throughout a range from —188 degrees Cent. (—306 de- 
grees Fahr.) to room temperature. Moreover, the same straight line 
can be used to represent the variation of the breaking stress for both 
the cold-worked and annealed bronze. The total evidence, therefore, 
indicates that the strength-temperature relationship for some samples 
of plain phosphor bronze is linear throughout a range from —188 de- 
grees Cent. (—306 degrees Fahr.) to room temperature, but that oth- 
er samples exhibit strain aging and consequent departure from an ex- 
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act linear relationship at temperatures above about —78 degrees Cent. 
(—108 degrees Fahr.). Above room temperature, all samples of 
phosphor bronze show effects of strain aging during the tests. The 
temperature above which strain aging is manifest would depend 
somewhat on thé rate of strain and on the amount of plastic defor- 
mation at which a strength index is determined. For the leaded 
bronze, because of its low ductility, the effects of strain aging appar- 
ently are less than for the plain bronze. The linear variation of the 
strength indices in diagrams B and C of Fig. 26, like the linear 
variation for K-imonel metal (Fig. 24) and for other metals (4), 
(9), may represent the “normal” variation, that is, the variation due 
to temperature alone. 

Fig. 27 shows results obtained with cold-worked commercial and 
high purity aluminum. With unnotched specimens of high purity 
aluminum (diagram A), a linear stress-temperature relationship was 
obtained for the ultimate stress and breaking stress throughout a 
range from —188 to —78 degrees Cent. (—306 to —108 degrees 
Fahr.). For notched specimens of high purity aluminum, the ulti- 
mate stress probably varies linearly throughout the same temperature 
range. _The breaking stresses of notched specimens could not be de- 
termined with enough accuracy to reveal the quantitative variation 
with temperature. With the 50-degree notch angle, the ultimate 
stress varied linearly between —188 degrees Cent. (—306 degrees 
Fahr.} and room temperature, and the yield stress probably also 
varied linearly throughout the same temperature range. In the ab- 
sence of strain aging, therefore, the stress temperature relationship 
possibly would be linear for any strength index. On this surmise, 
the disruptive stress (T,) has been represented as varying linearly 
between —188 degrees Cent. (—306 degrees Fahr.) and room tem- 
perature. 

The commercial aluminum (Fig. 27B) gave no evidence of linear 
variation of any of the strength indices with temperature, although 
these indices may vary linearly between —188 and about —128 de- 
grees Cent. (—306 and —198 degrees Fahr.). Above about —128 
degrees Cent. (—198 degrees Fahr.), the curves of yield and ulti- 
mate stress are affected first by an elevating influence (possibly strain 
aging ), then by the softening influence of relatively elevated temper- 
ature on the cold-worked metal. The softening, however, has little 
effect on the curves of breaking stress because the breaking stresses 
of annealed and cold-worked metal generally differ little. The curves 
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Fig. 27—Variation of the Strength of Cold- 
Worked Aluminum with Temperature. 


of breaking stress in diagrams A and B of Fig. 27, therefore, have 
been drawn without reversal of curvature. 

The variations of the strength indices of notched and unnotched 
specimens of commercial and high purity aluminum evidently are 
affected by some kind of structural change. The great difference in 
the form of the curves for unnotched specimens of these two metals 
probably is due to a difference in the variation of the structural 
changes with temperature. If the structural changes are induced by 
plastic deformation, the initial technical cohesive strength of both 
metals possibly varies linearly between —188 degrees Cent. (-—306 
degrees Fahr.) and room temperature. On this surmise, the varia- 
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tion of T, for the commercial aluminum, as for the high purity alu- 
minum, has been represented by a straight line. 

In Fig. 24, lines T, have been included to represent approxi- 
mately the variation of the severing stress for K-monel metal, that 
is, the initial technical cohesion limit for unidirectional tension. Evi- 
dence presented in previous papers indicates that the severing stress 
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Fig. 28—Influence of Low Temperature on 
the Initial Technical Cohesive Strength of K- 
Monel Metal. 


does not differ greatly from the ultimate stress. When the ultimate 
stress is not far above the yield stress, the variation of the severing 
stress should be represented by a line above the line representing the 
ultimate stress for unnotched specimens, as it is in Fig. 24A. When 
the ultimate stress is far above the yield stress, however, as it is for 
many annealed metals and for the heat treated K-monel metal, the 
line representing the severing stress should be below the line repre- 
senting the ultimate stress, as it is in Fig. 24B. 
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Fig. 28 represents qualitatively the variation of the initial tech- 
nical cohesive strength of K-monel metal with temperature. The 
diagrams in this figure have been derived from Figs. 5 and 24. They 
are assumed to be free from the distorting influence of stress concen- 
tration. Similar diagrams could be derived from Figs. 5 and 24 to 
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Fig. 29—Variation of the Ductility of K- 
Monel ‘Metal, Phosphor Bronze, and Magnesium 
with Temperature. 


represent the variation of the “true” breaking stress for the same 
series of radial stress ratios. 


The Variation of Ductility with Temperature 


The influence of temperature on the ductility of the previously 
discussed metals is shown in‘ Figs. 29 and 30. For comparison, the 
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variation of the ductility of magnesium is shown in Fig. 29A. Con- 
sideration of the total evidence in each diagram leads to the conclu- 
sion that neither K-monel metal, nickel, nor phosphor bronze, wheth- 
er notched or unnotched, vary appreciably in ductility throughout 
a range from —188 degrees Cent. (—306 degrees Fahr.) to room 
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Fig. 30—-Variation of the Ductility of Nickel 
and Aluminum with Temperature. 


temperature. Aluminum evidently increases in ductility with de- 
crease of temperature. Magnesium is one of the few nonferrous 
metals that show a decrease of ductility. The evidence presented in 
Figs. 29 and 30, therefore, confirms the evidence presented in pre- 
vious papers that nonferrous metals generally do not decrease in 
ductility with decrease in temperature to —188 degrees Cent. (—306 
degrees Fahr.). 
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As shown in connection with Fig. 16 and in previous papers, 
the ductility of a metal under any specific condition of stress and 
temperature depends on the difference between the flow stress and the 
corresponding initial technical cohesion limit. The variation of 
the ductility of either a notched or an unnotched specimen with tem- 
perature, therefore, depends on the variation of the vertical distance 
between corresponding lines representing yield stress and technical 
cohesion limit in diagrams of the type shown in Figs. 24 to 27. Two 
such lines (Y and T,) are shown in each of the diagrams of Fig. 24. 
The divergence of lines Y and T, of Fig. 24 with decrease of tem- 
perature is associated with no decrease in ductility. Moreover, if a 
line T, were drawn in each of the diagrams of Figs. 25, 26, and 27, 
it should not differ greatly in position or direction from the line of 
variation of the ultimate stress for unnotched specimens. As the lines 
of variation of.yield stress and ultimate stress in each diagram of 
Figs. 25, 26, and 27 diverge with decrease of temperature, lines Y 
and T, would also diverge. For all the metals represented in Figs. 
24 to 27, the divergence is associated with no decrease of ductility. 
This may be viewed as the “normal” variation of properties with 
temperature, that is, the variation due to temperature alone. 

When the lines representing yield and ultimate stress converge 
or even remain nearly parallel with decrease of temperature, the duc- 
tility decreases. For magnesium alloy MJH these lines remain al- 
most parallel (Fig. 16B of reference 5), and this relationship is asso- 
ciated with considerable decrease of ductility (Pig. 29A). For most 
steels, the lines of yield stress and ultimate stress converge with de- 
crease of temperature, and all these steels show a loss of ductility. 
For annealed carbon steels, especially low-carbon steels, the lines 
converge at an increasing rate with decrease of temperature to —188 


degrees Cent. (—306 degrees Fahr.), and the ductility decreases al- 
most to zero (8). 
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FRACTURE OF METALS UNDER COMBINED STRESSES 
By D. J. McApam, Jr. 


Abstract 


For a complete study of the causes of brittle fracture 
of metal structures, attention must be given to combined 
stresses, stress concentration, temperature, and strain rate. 
In this paper attention is confined to the influence of 
combined stresses. For a specific temperature, rate of 
deformation, and amount of prior plastic deformation, the 
resistance of a metal to fracture, its technical cohesive 
strength, may be represented by a curved surface im a 

re diagram with the three principal stresses as co-ordinates. 

From two-dimensional diagrams based on experti- 
ments of several investigators, three-dimenstonal diagrams 
have been derived to represent the technical cohesive 
strength of brittle and ductile metals. A single diagram 
may be used to represent resistance to cleavage and re- 
sistance to shearing fracture. Resistance to fracture, either 
by cleavage or by shear, probably is determined by a 
critical value of a shearing stress, which varies with the 
volume stress. 

The cohesive strength of a brittle metal ts repre- 
sented by a surface symmetrical with reference to the locus 
of polarsymmetric stresses and either circular or hexag- 
onal in cross section. The surface tapers nonlinearly to 
the point representing the disruptive stress. A similar 
surface may be used to represent the initial technical co- 
hesive strength of a ductile metal. The ideal locus of 
fractures of a ductile metal has either circular or scalloped 
hexagonal cross sections. If the surfaces have circular 
cross section, resistance to fracture and resistance to flow 
are similar functions of the same variables, namely, plas- 
tic deformation, temperature, strain rate, and the stress 
combination. 


INTRODUCTION 


RITTLE& fracture of metals that are ductile when subjected to 
the usual tension test may be caused by either repeated stresses 
or combined stresses. Fracture under repeated stresses has been 
studied by many investigators. Fracture under combined stresses is 
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only beginning to receive the attention that it deserves. For a com- 
plete study of the causes of brittle fracture of metal structures, at- 
tention must be given to combined stresses, stress concentration, tem- 
perature, and the rate of strain. In this paper, however, attention 
will be confined to the influence of combined, uniform static stresses 
on fracture of metals. 

The resistance of a metal to fracture, its technical cohesive 
strength, is a function of the same variables that affect resistance to 
flow (12).* These variables are: the stress system,? temperature, 
amount of plastic deformation, and rate of strain. For a: specific 
temperature, rate of strain, and amount of prior plastic deformation, 
the technical cohesive strength of a brittle metal may be represented 
by a curved surface in a diagram with the three principal stresses as 
co-ordinates. The initial technical cohesive strength of a ductile metal 
may be pictured approximately by a similar surface, which is out- 
side the surface representing yield but inside the surface representing 
the locus of fractures as affected by the variable ductility (12). Any 
point on a technical cohesion surface represents a technical cohesion 
limit. 

Previous papers by the author and associates have shown that 
plastic deformation increases the technical cohesive strength continu- 
ously, at a decreasing rate, and only. slightly less rapidly than it in- 
creases the resistance to plastic deformation (4), (5), (7+11). Some 
of these papers have also shown that temperature generally affects 
the teehnical cohesive strength about as much as it affects the resist- 
ance to plastic deformation (8), (9), (11). Scattered evidence, 
moreover, indicates that increase in the rate of strain generally in- 
creases the technical cohesive strength about as much as it increases 
the resistance to plastic deformation. The size of the diagram that 
must be used to represent the technical cohesive strength, therefore, 
increases with the prior plastic deformation, with the rate of strain, 
and with decrease of temperature. 

The previous papers (4-11) have presented diagrams of several 
types to represent the technical cohesive strength of metals. Most 
of these diagrams, however, represent stress combinations with two 
of the principal stresses equal; chief attention has been given to 





iThe figures appearing in parentheses pertain to the references appended to this paper. 

*Any stress system may be resolved into three principal stresses normal to three 
mutually perpendicular planes, known as the principal planes, on which there is no shear- 
ing stress. Tensile stresses are viewed as positive, and compressive stresses as negative. 
In this paper as in the previous papers, the algebraically greatest principal stress will be 
designated S,, the least principal stress will be designated Ss, and the intermediate princi- 
pal stress will be designated So. 
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stress combinations with S, equal to S,, combinations that are pro- 
duced by tension tests of notched cylindrical specimens. When two 
of the principal stresses are kept equal, the technical cohesive strength 
may be represented by a two-dimensional diagram with the co-ordi- 
nates representing the axial and radial stresses. Diagrams of this 
type have been presented in the previous papérs. One of,the papers 
(5), however, has described a convenient method of representing 
the complete three-dimensional relationship, and has shown hypo- 
thetical forms of the curved surface in a three-dimensional diagram. 
At that time, the evidence warranted only a speculative discussion of 
the three-dimensional diagram. The additional evidence now avail- 
able, however, makes it possible to present a more definite picture. 
The object of this paper is to develop and present three-dimensional 
diagrams for the technical cohesive strength of metals. 

Fractures of metals are of two types. The metal may fail by 
separation (cleavage) or by sliding of the surfaces of fracture 
(shear). In developing the three-dimensional diagrams to represent 
resistance to fracture, therefore, it will be necessary to consider 
whether separate diagrams must be used to represent resistance to 
cleavage and resistance to shear fracture, or whether resistance to 
both types of fracture may be represented by the same diagram. 


FRACTURE OF METALS UNDER CYLINDRICAL AND BIAXIAL 
Stress COMBINATIONS 


When two of the principal stresses are kept equal, it is possible 
to represent the technical cohesive strength of a metal (incompletely ) 
by a two-dimensional diagram, and to derive from this another di- 
agram to represent one of three equivalent sections of the complete 
three-dimensional diagram. Another two-dimensional diagram may 
be used to represent the technical cohesive strength when one of the 
principal stresses is zero. From this diagram, it is possible to derive 
another diagram to represent one of three equivalent sections of the 
three-dimensional diagram. The six sections, when properly assem- 
bled, determine the form of the three-dimensional diagram (5). Con- 
sideration will now be given to the two types of two-dimensional di- 
agram from which the sections may be derived. 

Fracture When S, Is Equal to S,( Axial Stress Greater Than 
Radial Stress)—Stress combinations with two of the principal 
stresses equal could be produced by subjecting a cylinder to various 








1946 FRACTURE OF METALS 541 


combinations of axial stress and uniform radial stress. (The uni- 
form radial stress is equivalent to two equal mutually perpendicular 
principal stresses, whose directions.are rotatable around the axis of 
the cylinder.) Stress combinations with two principal stresses equal 
will be termed “cylindrical” stress combinations. 

Such stress combinations may be represented by a diagram of 
the type shown in Fig. 1. Abscissas in this figure represent radial 
stresses and ordinates represent axial stresses. Each of the radiating 
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Fig. 1—Two-Dimensional Diagrams for Technical Cohesive 
Strength of Steels; Two Principal Stresses Equal. 


broken lines is the locus of all points representing the indicated value 
of the radial stress ratio (S,/S,). Line H is the locus of all points 
representing polarsymmetric stress (S,=S,—S,). The field above 
line H represents stress systems with S, in the axial direction and S, 
in the radial direction; the field below H represents stress systems 
with S, in the radial direction and S, in the axial direction. With a 
diagram of this type it is possible to study not only the relation be- 
tween the principal stresses at fracture, but also the relation between 
the shearing stress and the volume stress.* Line G is the locus of all 
points representing pure shearing stresses. Any point on this line 
represents zero volume stress, and a shearing stress value propor- 
tional to the distance of the point along G from H. Any line parallel 
to G would be the locus of all points representing a constant volume 

*Any stress system may be resolved into a peotenseentiess stress causing pure volume 


strain and a combination of shearing stresses, which cause no change of volume. The vol- 
ume stress is one-third the algebraic sum of the principal stresses. 
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stress of the magnitude indicated by the co-ordinates of the intersec- 
tion of the line with H ; the shearing stress represented by a point on 
such a line is proportional to the distance along the line from H. 
Attention will be given first to the well established part of each 
diagram, the part above line H; this part of the diagram represents 
stress combinations with S, equal to S,. Diagram A of Fig. 1 rep- 
resents the technical cohesive strength of a brittle steel. Curve A 
represents the technical cohesive strength when S, is kept equal to 
S,. Point T, represents by its ordinate the stress at fracture under 
unidirectional tension ; this cohesion limit has been termed the “sever- 
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Fig. 2—Influence of Plastic Deformation on Technical 
Cohesive Strength of a 0.25 Per Cent Carbon Steel. 


ing stress”. Point T, represents fracture under polarsymmetric ten- 
sion ; this cohesion limit has been termed the “disruptive stress”. The 
cohesion limit represented by any point on curve A between T, and 
T, may be designated with reference to the corresponding value of 
the radial stress ratio (S,/S,), and thus may be designated by T 
with that value as a subscript. Point T,, represents fracture under 
radial compression, with no axial stress. 

The ample evidence for the qualitative correctness of curve A is 
derived from experiments of two kinds: tests of materials under 
hydrostatic pressure, and tension tests of notched specimens (10). 
The compression tests give evidence for the course of the curve to 
the left of T,; the tension tests of notched specimens give evidence 
for the course of the curve to the right of T, (10). Between T, 
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and T, the curve is well established qualitatively by evidence obtained 
with the notched specimens. 

Diagram B of Fig. 1 represents the technical cohesive strength 
of a ductile steel. According to either the theory of limiting shear 
stress or the theory of limiting shear strain energy, the curve of 
yield strength (Y) should be parallel to line H. As curve Y extends 
into the field of triaxial tension, however, it probably.should converge 
toward line H, as indicated qualitatively in Fig. 1 (4-11). 

The locus of fractures (L) shows the variation of the technical 
cohesion limit under the combined influences of two factors. One of 
these is the radial stress ratio (S,/S,); the other is the ductility, 
which is influenced by the radial stress ratio. These two factors have 
opposite effects on the technical cohesion limit. Increase in S,/S,, 
tends to cause increase in the technical cohesion limit. Because plas- 
tic deformation increases technical cohesive strength and thus tends 
to increase any specific technical cohesion limit, the decrease in duc- 
tility associated with increase of S,/S, tends to cause decrease of the 
technical cohesion limit. With a slightly ductile metal, the influence 
of S,/S, is dominant, and the locus of fractures is similar to that of 
a brittle metal (Fig. 5 of Reference 10). The locus of fractures of 
a very ductile metal, however, is greatly influenced by the variable 
ductility. That the influence of ductility is prominent in curve L of 
Fig. 1B is revealed by a comparison of this curve with the locus of 
fractures of an almost identical steel in a diagram with the abscissas 
representing ductility (Fig. 2A). 

As every point on curve L (Fig. 1B) except T represents frac- 
ture after plastic deformation, this curve does not represent the initial 
technical cohesive strength, the strength of the metal unaltered by 
any except “prior” plastic deformation. Moreover, the initial tech- 
nical cohesive strength cannot be adequately represented by T,, but 
may be represented by a curve located between Y and L, and similar 
in form to the curve of technical cohesive strength of a brittle metal. 
A curve to represent initial technical cohesive strength should be not 
far from the curve (U) of ultimate strength (4-11). To simplify 
the diagram, the curve (T) has been made to coincide with curve U. 

In Fig. 2, abscissas represént plastic deformations and ordinates 
represent breaking stresses. The locus of fractures shows the varia- 
tion of the technical cohesion limit under the combined influences of 
the radial stress ratio and plastic deformation. As any point on the 
locus of fractures represents a cohesion limit corresponding to a 








544 TRANSACTIONS OF THE A. S. M. Vol. 37 


specific value of S,/S,, it may be made the intersection of a curve 
of flow stress and a curve of technical cohesion corresponding to that 
value of S,/S,. Fig. 2 shows curves of technical cohesion for typical 
values of S,/S,, but shows only one curve of flow stress, the curve 
for unidirectional tension. A curve of cohesion rises less rapidly 
than the corresponding curve of flow stress; although the two curves 
may be far apart_at the origin, they converge and eventually intersect 
at a small angle. Because of the acuteness of this angle, any variable 
that has even a slight differential effect on the two curves may have 
a great effect on the ductility (4-11). The evidence thus indicates 
that the difference between the technical cohesive strength of a metal 
and its resistance to plastic deformation is much less than has been 
generally supposed. After even moderate plastic deformation, the 
resistance to plastic deformation is only slightly less than the resist- 
ance to fracture. The additional plastic deformation to overcome 
this slight difference varies greatly with the metal, and with the 


conditions of stressing (stress combination, temperature, etc.). 


The effect of prior plastic extension on the technical cohesive 
strength may be studied by comparing diagrams A, B, and C of Fig. 
2 (4-11). 

Fracture of notched or unnotched cylindrical specimens always 
starts as cleavage, and generally extends transversely. The origin of 
fracture of an initially unnotched specimen is always at or near the 
axis ; the origin of fracture of a notched specimen is at the axis un- 
less the ductility is too small to permit relief of the initial stress con- 
centration at the periphery. As the fracture of a ductile metal spreads 
outward from the axis, it generally changes from cleavage to shear 
fracture. 

Fracture When S, Is Equel to S, (Radial Stress Greater Than 
Axial Stress )—In a diagram of the type shown in Fig. 1, the field be- 
low line H represents stress combinations with S, equal to S,. The 
curve of technical cohesion for stress combinations of this type has 
not been well established. Two extreme assumptions about the relation 
between this curve and curve A of Fig. 1A are represented by curves 
R and R’ (5). The distances from any point on line H to curves 
A and R, in direction parallel to line G, have been made equal. Such 
a construction means that, for a given volume stress, corresponding 
points on curves A and R represent equal values of the maximum 
shearing stress. The shearing stress represented by any point on 
curve R’, however, is twice the shearing stress represented by the 
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corresponding point on curve A. These two extreme assumptions 
for the relation between the curves above and below line H lead to 
the simplest forms of the three-dimensional diagram for technical 
cohesion (5). The derivation of the three-dimensional diagram from 


two-dimensional diagrams will be discussed in connection with Figs. 
11, 12, and 13. 
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Fig. 3—-Diagrams for Technical Cohesive Strength of Steels 
Under Biaxial Stresses. 


In Fig. 1B, the curves below line H have been constructed pro- 
visionally so that their distances from line H are equal to the dis- 
tances from line H to corresponding curves above H, all distances 
being measured parallel to line G. The relation between the corre- 
sponding curves as drawn above and below line H, therefore, is simi- 
lar to the relation between curves A and R of Fig 1A. In order to 
determine the correct relation, however, it is necessary to know the 
form of the diagram representing fracture under biaxial stresses. 

Fracture of Metals Under Biaxial Stresses (One Principal 
Stress Zero)—Cylindrical stress combinations, although they may be 
represented by two-dimensional diagrams, generally are triaxial sys- 
tems. In the stress systems now to be considered, however, one of 
the principal stresses is zero. These stress systems, therefore, are 
biaxial. 

Nearly all the investigations of fracture under biaxial stresses 
have involved tests of tubes under combined longitudinal loading and 
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internal pressure. The specimens were thus subjected to combined 
longitudinal and transverse (tangential) stresses. Some investiga- 
tions have included torsion tests of tubes and solid specimens. Data 
thus obtained by several investigators have been assembled in Figs. 
3 to 7. A brief survey will now be made of this evidence in order 
that some general conclusions may be used in the following section 
to derive three-dimensional diagrams. In the section on “The Rela- 
tion between the Three-Dimensional Diagram and the Section Repre- 
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Fig. 4—Diagrams for Technical Cohesive Strength of Cast Iron 
and Brass Under Biaxial Stresses. 


9 


senting Biaxial Stresses,” the diagram for fracture under biaxial 
stresses will be discussed as a section of a three-dimensional diagram. 
Attention will now be confined to the plotted points in Figs. 3 to 7, 
to the curves (L) drawn in accordance with these points, and to the 
types of fracture. The interpretive curves will be discussed in a 
later section. 

In Figs. 3 to 7, ordinates represent longitudinal stresses in a 
tube or rod, and abscissas represent transverse (tangential) stresses. 
In the field representing biaxial tension, the broken line at an angle of 
45 degrees with both axes of co-ordinates is the locus of all points 
representing equal longitudinal and tangential stresses. For any point 
above this line, S, is longitudinal; for any point below the line, S, 
is tangential. 

In the field representing biaxial tensile stresses (Figs. 3 to 7), 
the breaking stress (in terms of S,) evidently is greater when the 








1946 FRACTURE OF METALS 547 


loading is entirely longitudinal than when the tangential and longi- 
tudinal stresses are equal. This difference in breaking stresses is 
greater for cast iron (Fig. 4A) than for the ductile metals. In order 
to evaluate the influence of S,/S, on the breaking stress, however, 
allowance must be made for the influence of the variable ductility. 
For cast iron, the ductility was so slight that the course of the curve 
of breaking stresses (Fig. 4A) probably should be attributed almost 
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entirely to the variable S,/S,. For the other metals, however, the 
ductility generally decreased greatly with increase of S, from zero 
to equality with S, (3), (14-17). Moreover, both the breaking stress 
and the ductility of the steels were less for combinations with S, in 
the tangential direction than for combinations with S, in the longi- 
tudinal direction. 

When §, is longitudinal, the fracture generally runs circumfer- 
entially, although the direction sometimes changes when S, becomes 
nearly equal to S, (2). When §S, is tangential, the fracture runs 
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longitudinally. The section of a tubular specimen at fracture, there- 
fore, differs greatly according to the direction of S,.. Comparison 
of results obtained with the two types of fracture is essentially a com- 
parison of results obtained with specimens of two very different 
forms. The metal generally behaves isotropically until the maximum 
load is reached and the specimen begins to contract locally (2). The 
local contraction, however, changes the relation between the princi- 
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Fig. 6—Diagram for Technical Co- 
hesive Str h of a Magnesium Alloy Un- 
der Biaxial Stresses. 
pal stresses and induces an unknown triaxial stress system. The re- 
sultant decrease in ductility and in the breaking stress tends to be 
greater when S, is tangential than when S, is longitudinal. To this 
relationship may be attributed much of the apparent anisotropy. 
When fracture occurs with little or no local contraction, it is 
possible to obtain practically the same breaking stress and ductility 
whether S, is longitudinal or transverse. The magnesium alloys 
(Figs. 5 and 6), which are said to have fractured without discernible 
local contraction (17), behaved almost isotropically. Moreover, the 
nearly isotropic behavior of the annealed brass (Fig. 4B) may be 
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attributed largely to the fact that an alloy of this composition gener- 
ally exhibits great uniform extension and relatively little local con- 
traction. The relatively great local contraction of the steels may ac- 
count for much of the apparent anisotropy (Figs. 1 and 7), although 
there is reported evidence of actual anisotropy of some steels used in 
investigations of this kind (2), (3). 
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Fig. 7—Diagram for Technical Co- 
hesive Strength of a 0.22 Per Cent Carbon 
Steel Under Biaxial Stresses. 


The decrease of the breaking stress of a ductile metal (expressed 
in terms of S,), as S, is increased from zero to equality with S,, is 
the resultant of two factors, the increasing ratio of S, to S, and the 
continuously decreasing ductility. To determine the influence of 
S./S,, allowance must be made for this decrease of the ductility. 
Because plastic deformation increases the technical cohesive strength 
of a metal continuously at a decreasing rate, the continuous decrease 
in ductility tends to cause a continuous decrease in the technical co- 
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hesive strength and hence in any specific technical cohesion limit. In 
a study of the evidence, most weight probably should be given to data 
obtained with the least ductile of the metals, such as the heat treated 
steel (Fig. 3B) and the cast iron (Fig. 4A). A conservative conclu- 
sion would be that an increase of S,/S, from zero to 1 has little effect 
on the initial technical cohesion limit (in terms of S,). 

When the view is confined to the field of biaxial tension, it is not 
possible to determine from the course of the curves (L) of breaking 
stress whether fracture is determined by a limiting value of the great- 
est principal stress or of the maximum shearing stress. However, 
when the view is broadened to include the results of tests under com- 
bined tangential tension and longitudinal compression and the results 
of torsion tests (Figs. 5, 6, and 7), the evidence suggests that resist- 
ance to fracture under biaxial stresses is determined more nearly by 
a constant value of the maximum shearing stress than by a constant 
value of the greatest principal stress. 

Additional evidence pointing in the same direction is found when 
a survey is made of the types of fracture. Fractures of magnesium 
alloy tubes under biaxial tension were of the shearing type, whether 
the fractures extended longitudinally or transversely. Under com- 
bined tangential tension and longitudinal compression, the fractures 
were also of the shearing type (17); they extended diagonally, as 
would be expected (Figs. 5 and 6). Circumferentially extending 
fractures of steel and brass tubes (Figs. 3, 4, and 7) were of the 
shearing type, but longitudinally extending fractures started as cleav- 
ages (3), (14). E. A. Davis reports that tubes of annealed 0.23 car- 
bon steel generally fractured by shear (2). Fractures of cast iron by 
unidirectional or biaxial tension were by cleavage, whether the frac- 
tures were circumferential or longitudinal (3). However, under 
pure shearing stress cast iron fails by shear fracture. The extension 
of the curve in Fig. 4A into the field of compression stresses is based 
on the fact that the stress is a little greater at pure shearing fracture 
than at tensile fracture. The evidence based on Figs. 3 to 7 and on 
the types of fracture, therefore, indicates that resistance to fracture 
under biaxial stresses is determined by a limiting value of some 
shearing stress. 

If two diagrams are required to represent cleavage and shearing 
fracture, the difference between the two diagrams probably is slight. 
At the intersection with the principal stress axes, a diagram for cleav- 
age fracture evidently would practically coincide with the diagram for 
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shear. Although solid specimens under longitudinal tension fracture 
by cleavage and tubes fracture by shear, fractures of both types occur 
at nearly the same tensile stress (Fig. 7). Moreover, longitudinally 
extending fractures of tubes of steel and brass start as cleavage frac- 
tures, and at stresses generally a little less than those required for 
the circumferential fractures. When allowance is made for differ- 
ences in ductility, therefore, a diagram for cleavage fracture under 
biaxial stresses evidently would differ little from a diagram for shear- 
ing fracture. 

The relation between the two-dimensional diagrams for cleavage 
fracture and shearing fracture will be d‘scussed further in connection 
with the three-dimensional diagram. 


RESISTANCE TO FRACTURE IN TERMS OF ALL THREE PRINCIPAL 
STRESSES 


A Convenient Method of Representing the Three-Dimensional 
Diagram of Technical Cohesion—The method of representing the 
three-dimensional diagram should be adapted for showing the rela- 
tion between this diagram and the two-dimensional diagrams from 





Fig. 8—A Method for Three-Dimensional Representation of Stress Systems. 


which it is derived. A convenient method of attaining this purpose 
is illustrated in Fig. 8. The cube shown in two positions in this fig- 
ure does not represent the technical cohesive strength of any metal, 
but is used merely to illustrate the relation between the principal 
stress axes and the most important sectional planes. In the diagram 
at the left, the three principal stress axes (OX, OY, and OZ) have 
been made to coincide with three cube edges (OA, OB, and OC). 
The locus of points representing polarsymmetri¢c tension (OH) thus 
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coincides with the cube diagonal OD. The three “principal planes”, 
each containing a pair of principal stress axes, coincide with cube 
faces OAGB, OAFC, and OBEC. Any point on cube faces AFDG, 
BEDG, or CEDF represents, by its distances from the three princi- 
pal planes, the magnitudes of the three principal stresses. There 
are generally six equivalent points for any stress combination. Cy- 





Fig. 9—The Technical Cohesive 
Strength of a Brittle Steel if Fracture 
Were Determined by a Limiting Value of 
the Greatest Principal Strain. 


lindrical stress combinations are represented by three equivalent 
planes each passing through OH, a face diagonal, and a principal 
stress axis. 

The diagram at the right of Fig. 8 shows the same cube turned 
so that the view is down the locus of polarsymmetric tension from H 
toward O (top view). The three principal stress axes appear as ra- 
diating lines 120 degrees apart. The three planes representing cylin- 


drical stress combinations also appear as lines (EDX, FDY, and 


‘If fracture were determined by a limiting value of the greatest principal stress, the 
cube fooen AFDG, BEDG, and CEDF t er would represent the technica] cohesive 
strength. 
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GDZ) 120 degrees apart. The top view of a three-dimensional dia- 
gram for technical cohesion evidently may be constructed when the 
diagram for biaxial stresses and the diagram for cylindrical stresses 
are known. The form of the three-dimensional diagram may be 
clearly revealed by two views: a view in the direction of the axis of 
symmetry and a suitable view of a section containing this axis. 

If Fracture Were Determined by a Limiting Value of the Alge- 
braically Greatest Principal Strain—It has been shown that the re- 
sistance of a metal to fracture cannot be represented by a single value 
of either the greatest principal stress or the volume stress (4-11). 
Consideration must now be given to the possibility that resistance to 
fracture may be represented by a single value of the algebraically 
greatest principal strain. 

If fracture of a brittle metal were determined by a limiting value 
of the greatest principal strain, the locus of fractures under cylindri- 
cal stress combinations would have the form represented in diagram 
A of Fig. 9, in which the method of plotting is the same as diagram 
A of Fig. 1. Lines OY and OX in Fig. 9 are the axes of longitudi- 
nal and radial stresses, and line H is the locus of polarsymmetric 
stresses, The two straight broken lines converging to T, represent 
the technical cohesive strength. The broken line on the left repre- 
sents fracture when S, is equal to S,; the equation of this line is 


S:i=24 8:+C (1) 


The broken line on the right represents fracture when S, is equal to 
S,; the equation for this line is 


Ss+ C 
S.= 7 (2) 


In these equations, » represents, Poisson’s ratio and C is a constant 
involving the limiting value of the greatest principal strain. 

For any value of p, the diagram of technical cohesion under 
cylindrical stress combinations would consist of two converging 
straight lines. The relative stress values corresponding to the inter- 
sections of the straight lines with the axes of co-ordinates, however, 
would vary somewhat with the value of ». In Fig. 9A, the relative 
stress values corresponding to the intersections are based on a value 
of 0.29 for ». These values are: T,—1, T, —2.38, T’p — 1.41, 
T’cg = 1.72, To = 3.45. 

From diagram A of Fig. 9, two sections of the corresponding 
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three-dimensional diagram have been derived and are represented in 
diagram B and C. The “vertical” section, diagram B, has been de- 
rived from diagram A by tilting the locus of polarsymmetric stresses 
from H to H’, thus increasing the angle between this locus and line 
OY from 45 to 54.7 degrees (tan-* \/2). Line H’ now makes the 
proper angle with the direction of the principal stress in the plane of 
the figure (see Fig. 8). In deriving diagram B from diagram A, 
therefore, abscissas have been increased in the ratio of \/2 to 1 while 
corresponding ordinates are unchanged. The line representing pure 
shear has thus been tilted from G to G’ and is now perpendicular to 
H’. Any line perpendicular to H’ represents constant volume stress, 
and distances from H’ to the loci of fracture are proportional to the 
shearing stresses. If fracture is determined by a constant value of 
the greatest principal strain, the shearing stress for a given volume 
stress is twice as great when S, is equal to S, as when S, is equal to 
Sa 

On this assumption, a horizontal section of the three-dimen- 
sional diagram would be an equilateral triangle.* Diagram C repre- 
sents a “horizontal” section of the three-dimensional diagram in the 
plane intersecting diagram B at line G’, the line of zero volume 
stress. This horizontal section is intersected by the plane of diagram 
B and by two other equivalent planes, so that the three planes are 
120 degrees apart. The three-dimensional diagram represented in 
Fig. 9, therefore, comprises the sides of a right pyramid with equi- 
lateral triangular cross section. 

The linear relationship represented in diagram A of Fig. 9, 
however, is not in accordance with the evidence that the line repre- 
senting technical cohesion in Fig. 1A has the form of curve A. 
Curve A to the left of T, in Fig. 1A and for some distance to the 
right of T, is nearly parallel to line H. 

Additional evidence against the linear relationship represented 
in Fig. 9 is found in Fig. 10, which contains technical cohesion dia- 
grams for two ductile metals. These diagrams, like those in Fig. 9, 
are based on the assumption that fracture is determined by a limiting 
value of the greatest principal strain. Diagrams A and B of Fig. 10 
represent metals with different assumed ratios of yield stress to 
breaking stress. In each of these diagrams, line T represents the 





‘Additional evidence that this section is equilateral may be found in the equation for 
the locus of fractures in a diagram for biaxial stresses, based on the assumption that 
fracture is determined by a limiting value of the greatest principal strain. The equation, 
which is S; = gS, + C, indicates that S, at fracture increases linearly as Sz is increased 
from zero to equality with S,. 
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initial technical cohesive strength and line T’ represents the technical 
cohesive strength corresponding to the technical cohesion limit P,. 
The line of yield stresses (Y), which should be practically parallel 
to H except in the field of high triaxial tension, intersects line T at 
B. To the right of B, line T represents brittle fracture; to the left 
of B, it represents the initial technical cohesive strength. Curve L is 
the locus of fracture after varying plastic deformation, which in- 
creases with the distance from B. As illustrated by this curve, the 
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Fig. 10—The Technical Cohesive Strength of Ductile Steels if 
Fracture Were Determined by a Limiting Value of the Greatest 
Principal Strain. 


breaking stress of any ductile metal would decrease with increase in 
the radial stress ratio (S,/S,), and the ductility would disappear 
abruptly at a small value of this ratio. Actually, however, the break- 
ing stress of a moderately ductile metal increases with sufficient in- 
crease in S,/S,, and notches do not reduce the ductility of some 
metals below a certain small value (4-11). 

Confirmation of the evidence that resistance to fracture is not 
determined by a limiting value of the greatest principal strain may be 
found in the following data. 

The Three-Dimensional Diagram for Technical Cohesive 
Strength of a Brittle Metal—A qualitatively correct three-dimensional 
diagram for a brittle metal can be derived from the two-dimensional 
diagram in Fig. 1A if the correct position of the curve below line H 
can be determined. A first step in developing a three-dimensional 
diagram is shown in diagram A of Fig. 11, which has been derived 
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from diagram A of Fig. 1 by the method used in deriving diagram B 
from diagram A of Fig. 9. Curves R and R’ of Fig. 11 represent 
the same two extreme assumptions that are represented by curves R 
and R’ of Fig. 1A. Diagram B represents a “horizontal” section of 
the three-dimensional diagram at line G of diagram A. Diagram B 
has beén derived on the temporary assumption that curve R’ is cor- 


an A~ Two Principal Stresses Equel. 
Section B- At Zero Volume Stress (Sy) 
- p~Rending Fracture 


: Section A~ 





Fig. 11—Some Temporary Assumptions 
About a Three-Dimensional Diagram ffor the 
Technical Cohesive Strength of a Brittle Steel. 


rect. On this assumption the three-dimensional diagram would have 
equilateral triangular cross section and would taper nonlinearly to the 
point representing the disruptive stress. A diagram of this form 
would imply that for the same volume stress, the shearing stress at 
fracture is twice as great when S, is equal to S, as when S, is equal 
to S,, and that resistance to fracture is a function of the volume 
stress and the greatest principal stress (5). 

As the diagram in Fig. 1A represents cleavage fracture, the de- 
rived three-dimensional diagram with triangular cross section (Fig. 
11B), #f correct, would also represent cleavage fracture. If shearing 
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fracture must be represented by a different diagram and if resistance 
to shearing fracture is determined by a limiting value of the greatest 
principal shearing stress (S, — S,)/2, the three-dimensional diagram 
for shearing fracture would have hexagonal cross section (5). If 
shearing fracture is determined by a limiting value of the octahedral 
shearing stress [1/3 \/(S, — S,)? + S, — S,)? + (S, — S,)?], the 
three-dimensional diagram for shearing fracture would have circular 
cross section (13). If the shearing stress diagram is of the size rep- 
resented by hexagon (or circle) W in Fig. 11, the metal evidently 
would fail by cleavage when S,/S, is less than a certain value, but 
would fail by shearing fracture when S,/S, is greater than that 
value. If the shearing stress diagram is of the size represented by 
hexagon (or circle) W’, however, the metal would fail by either 
cleavage or shearing fraction when S, is equal to S,, but would 
always fail by shearing fracture when S, is greater than S,. 

In determining the correct relation between the cleavage diagram 
and the shearing stress diagram, consideration should again be given 
to the results of tests of tubes under biaxial stresses (Figs. 3 to 7). 
These results indicate that.fracture of steels, brass, magnesium 
alloys, and probably other metals under biaxial stresses is determined 
by a limiting value of either the maximum shearing stress or possibly 
the octahedral shearing stress; they also indicate that the three-di- 
mensional diagram for resistance to cleavage fracture would practi- 
cally coincide with the diagram for resistance to shearing fracture. 
The evidence thus indicates that the section representing biaxial 
stresses has one of the two forms shown in Fig. 12B. The section 
representing cylindrical stresses, therefore, has the form shown in 
diagram 12A, in which curve R corresponds to curve R of Fig. 11A. 
A section perpendicular to the plane of Fig. 12A at line G, conse- 
quently, would be represented by a hexagon or a circle of the size in- 
dicated by section W’ of Fig. 11B. 

In Fig. 11A, the portion of curve A that is nearly parallel to 
line H represents nearly constant maximum shearing stress. Curve 
A, however, does not represent shearing fractures. The fractures of 
solid specimens, notched or unnotched, start as cleavages, but may 
become shearing fractures as they extend toward the rim of the cross 
section. Fractures of tubes under longitudinal tension, however, are 
shearing fractures. The longitudinal tensile stress at fracture is 
about the same for both tubes and solid specimens (Fig. 7). When 
point T, of Fig. 11A is obtained with a solid specimen, therefore, it 
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represents cleavage fracture; when T, is obtained with a tube, it rep- 
resents shearing fracture. The evidence obtained both with cylindri- 
cal stress combinations and with biaxial stresses, consequently, indi- 
cates that the cohesion diagrams for cleavage fracture and shearing 
fracture are of the same form and practically coincide. 

A simple and plausible interpretation is that resistance to frac- 









Section A~Two Principal Stresses Equal 
-~ B- Biaxial SUPESSC8. 


Fig. 12—-Sections Representing Cylindri- 
cal and Biaxial Stress Combinations in a Dia- 
gram for the Technical Cohesive Strength of 
a Brittle Steel. 


‘ture, whether by cleavage or by shear, is determined by a critical 
shearing stress, and thus may be represented by a single three-dimen- 
sional diagram. This hypothesis would correlate two facts: (a) 
When S, is zero, an increase of S, from zero to equality with S, 
does not cause an increase of S, at fracture; (b) An increase of S, 
from zero to equality with S, tends to cause a great increase of S, at 
fracture. Resistance to fracture, like resistance to flow, evidently is 
not determined by the stress in or across a particular plane, but by 
the entire stress combination.: Although fracture evidently occurs 
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at a critical shearing stress, it is not necessarily a shear fracture. The 
type of fracture probably depends largely on the form of the metal 
piece and on the orientation of the stress system with reference to the 
surface. The tendency to cleavage fracture, however, probably in- 
creases with the volume stress. Under polarsymmetric tension, there 
is no shearing stress, and fracture is by cleavage. The critical value 
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Fig. 13—-A Three-Dimensional Diagram for the 
Technical Cohesive Strength of a Brittle Steel. 


of the shearing stress at fracture, therefore, evidently is not constant, 
but decreases with increase in the volume stress. Resistance to frac- 
ture probably is a function of the volume stress and some shearing 
stress, either the maximum shearing stress or the octahedral shearing 
stress. Resistance to fracture thus is a function of the elastic distor- 
tion and the distention of volume. 

Fig. 13 shows a vertical section and a top view of the three- 
dimensional diagram for a brittle steel. Diagram 1 is reproduced 
from curves A and R of Fig. 1, diagram 2 is a vertical section of the 
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three-dimensional diagram derived from diagram 1, and diagram 3 
is a top view showing contour lines at volume stresses 0, 100,000, 
150,000 and 200,000. If the critical distortion is measured by the 
maximum shearing stress, the diagram would have hexagonal cross 
section, as represented for zero volume stress in diagram 3. If the 
critical distortion is measured by the octahedral shearing stress, the 
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Fig. 14—A Vertical and Two Horizon- 
tal Sections of a Diagram for the Technical 
Cohesive Strength of a Ductile Steel. 


diagram would have circular cross section and thus resistance to flow 
and resistance to fracture would be similar functions of the principal 
stresses. The two possibilities for the form of the three-dimensional 
diagram will be considered further. . 

Three-Dimensional Diagrams for the Technical Cohesive 
Strength of a Ductile Metal—Three-dimensional diagrams of two 
different types must be correlated for representation of the technical 
cohesive strength of a ductile metal. One of these diagrams repre- 
sents the technical cohesive strength in terms of the stress system; 
the other represents the influence of the stress system on cohesion 
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limit and ductility. Figs. 14 and 15 show two such correlated dia- 
grams for annealed 0.23 per cent carbon steel. 

Fig. 14, derived from Fig. 1B, shows the relation between vol- 
ume stress and shearing stress for yield strength, ultimate strength, 
initial technical cohesive strength and locus of fractures. The figure 
shows a vertical section representing cylindrical stress combinations, 
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Fig. 15—vVertical Section Through Ideal 
Surface of Fractures of a Ductile Steel. 


and two horizontal sections. The surfaces representing yield strength 
(Y) and ultimate strength (U) have circular cross sections. The 
initial technical cohesive strength of this ductile metal should be rep- 
resented by a surface similar to the surface representing the technical 
cohesive strength of a brittle metal (Fig. 13): The surface, there- 
fore, should have either hexagonal or circular cross section. In Fig. 
14, the simplest construction has been used; the surface (T) repre- 
senting the initial technical cohesive strength has been given a circu- 
lar cross section and has been made to coincide with the surface (U) 
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representing ultimate strength. As the locus of fractures (L) is in- 
fluenced not only by the stress system but also by the variable plastic 
deformation (ductility), the locus of fractures in Fig. 14 must be 
correlated with the locus of fractures in Fig. 15. 

Fig. 15, derived from Fig. 2A, shows a vertical section of a 
three-dimensional diagram representing the relation between volume 
stress and ductility. The section here shown represents cylindrical 
stress combinations. The left half of the section represents stress com- 
binations with S, equal to S,, the right half represents stress com- 
binations with S, equal to S,. The broken curves in the left half are 
derived directly from those in Fig. 2A, and the series in the right 
half has been made symmetrical with the series on the left. Each 
curve represents the indicated constant ratio of the volume stress 
(S,) to the maximum: shearing stress r.° The vertical section of 
the locus of fractures (L) has the same form in Figs. 14 and 15, and 
the shoulder is within the same range of volume stresses in both dia- 
grams. As the cross section of the surface representing yield is cir- 
cular, and if the cross section of the surface representing initial tech- 
nical cohesive strength (T) is circular, the ideal locus of fractures 
(L) would be expected to have a circular cross section whether ‘the 
abscissas represent shearing stresses (Fig. 14) or ductilities (Fig. 
15). If the surface representing initial technical cohesive strength 
should have a regular hexagonal cross section, the locus of fractures 
would be expected to have a scalloped hexagonal cross section. An 
actual locus of fractures, however, would not be symmetrical with 
reference to the locus of polarsymmetric stresses if this surface is 
distorted by the influence of anisotropy, local contraction, or any 
other variable dependent on the form of the section at fracture. 
Nevertheless, a study of the form of the ideal locus of fractures is 
the basis for an understanding of the resistance of metals to fracture 
under combined stresses. 


THE RELATION BETWEEN THE THREE-DIMENSIONAL DIAGRAM AND 
THE SECTION REPRESENTING BIAXIAL STRESSES 


Two possible forms of the three-dimensional diagram have been 
considered. A decision between these possibilities must be based on 
knowledge of the form of the section representing biaxial stresses. 
The available evidence is found in Figs. 3 to 7. 


®In this section of the three-dimensional diagram the octahedral shearing stress is iden- 
tical with the maximum shearing stress. 
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The initial cohesive strength of each of the ductile metals (Figs. 
3 to 7) is represented by a section (T), which has been made the 
same in form as the section shown in Fig. 12B. Both possible forms 
of this section are shown in Figs. 3 and 4, but only the ovoid form 
is shown in Figs. 5, 6 and 7. During plastic deformation, the cohe- 
sive strength at any instant would be represented by a section similar 
to section T, but larger because of the increase in cohesive strength 
due to the plastic deformation. Each diagram for a ductile metal in 
Figs. 3 to 7 contains one or two of these enlarged sections, desig- 
nated T’ or T’’. Each of these sections, representing cohesive 
strength after a specific amount of plastic deformation, may be com- 
pared with the corresponding locus of fractures (L), which repre- 
sents fracture after varying plastic deformation. In the diagrams 
for the anisotropic low carbon steels (Figs. 3A and 7), for example, 
section T’ represents approximately the cohesive strength after the 
small amount of plastic deformation at fractures extending longitu- 
dinally in the tube, whereas section T’’ represents more nearly the 
cohesive strength after the greater plastic deformation at fractures 
extending circumferentially. 

The locus of fractures (L) in Figs. 3 to 7 has been drawn in 
accordance with the breaking stresses reported by the experimenters 
(3), (14-17), except in the quadrant ‘representing biaxial tension in 
Figs. 5 and 6. Many of the reported “true” breaking stresses plotted 
in Figs. 5 and 6 are too high to be in proper relation to the reported 
breaking stresses based on the original sectional area and the reported 
ductilities (17). Because of this apparent inconsistency, curve L 
in Figs. 5 and 6 has been drawn so as to pass inside many of the 
plotted positions representing reported “true” breaking stresses. 

Each locus of fractures for a ductile metal in Figs. 3 to 7, unlike 
the curve (T) representing initial cohesive strength, has reversals of 
curvature. The concavities in curve L are greatest for the annealed 
metals (Figs. 3 and 4) and are slight for the less ductile metals (heat 
treated steel and magnesium alloys, Figs. 3, 5, and 6). The concavity 
and shoulder may be attributed to the influence of the variable duc- 
tility and associated variables. At first sight, this concavity and 
shoulder may appear to be a consequence of the concavity and shoul- 
der in the ideal surface of fractures in a three-dimensional diagram 
(Fig. 14). <A section representing biaxial stresses would cut ‘the 
vertical section (Fig. 14A) perpendicularly at the line extending 
through T,, and Pr, and thus would cut diagonally through the 
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shoulder of the ideal surface of fractures (L). However, unless 
this shoulder should be more abrupt than it is in Fig. 14, the diagonal 
section would have no shoulder; it would be ovoid, and thus would 
be somewhat similar to the section (T) representing initial technical 
cohesion in Figs. 3 to 7. The shoulder in the locus of fractures in 
Figs. 3 to 7, therefore, possibly must be attributed to some other 
factor. 

If attention were confined to the field of biaxial tension, the 
scalloped form of the locus of fractures for ductile metals (Figs. 3 
to 7) would suggest that the ideal surface of fractures in a three- 
dimensional diagram may have a scalloped hexagonal cross section, 
and hence that the surface representing initial cohesive strength may 
have a regular hexagonal cross section. This suggestion, however, 
receives no support when the view is broadened to include the lower 
right quadrant in Figs. 5,6 and 7. The evidence in this quadrant is 
consistent with the view that the diagonal section of the locus of frac- 
tures is ovoid and thus is similar to the curve (T) representing initial 
cohesive strength. 

The concavity and shoulder in the experimentally obtained locus 
of fractures may be due partly to the fact that the stress system at 
many of the fractures was not biaxial. Local contraction of some of 
the ductile specimens under longitudinal tension may have been 
enough to induce appreciable radial tension. Under tangential ten- 
sion also, although the local contraction generally was small, it prob- 
ably was enough to induce considerable triaxial tension in the longi- 
tudinal tube section, and thus to raise S, from zero to an appreciable 
positive value. (The resultant increase of S, would be practically 
equal to the increase of S,.) The points representing such results, 
therefore, would not be in the plane of biaxial stresses, but would be 
moved upward in the three-dimensional diagram. In Figs. 3 to 7, 
such points would be at higher stresses than if they were in the plane 
of biaxial stresses. If biaxial stresses had really been used, there- 
fore, the locus of fractures of the steels and brasses possibly would 
be free from the reversals of curvature shown in the figures. Al- 
though the magnesium alloys are said to have fractured without local 
contraction (17), local contraction at the origin of fraciure might be 
hard to detect. However, the wide scatter of the breaking stresses 
and the still wider scatter of the ductilities of the magnesium alloys 
(15) make it difficult to decide between the two possible forms of the 
ideal locus of fractures and of the ideal curve of initial technical co- 
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hesion in a section representing biaxial stresses. The weight of evi- 
dence in both the upper and lower right quadrants of Figs. 5 and 6, 
however, appears to favor the ovoid form for these curves. Support 
for this view may be found in the form of the locus of fractures for 
cast iron (Fig: 4A). 

The ovoid form of the locus of fractures would imply that, in a 
three-dimensional diagram, the ideal surfaces representing initial 
technical cohesive strength and locus of fractures have circular cross 
sections. However, the possibility that these sections are hexagonal 
and scalloped hexagonal cannot be dismissed. There is need for ad- 
ditional evidence based on tests of metals with little ductility. 

Resistance to fracture and resistance to flow have been shown to 
be similar functions of the plastic deformation (4-11) and similar 
functions of the temperature (8), (9), (11): Considerable scattered 
evidence also indicates that these two strength properties are similar 
functions of the rate of strain. Moreover, when S, is kept equal to 
S,, resistance to fracture and resistance to flow are similar functions 
of the radial stress ratio, S,/S, (4-11). Consequently, if the surface 
representing initial technical cohesive strength has a circular cross 
section, resistance te fracture and resistance to flow are similar func- 
tions of plastic deformation, temperature, rate of strain, and the 
stress system. . 

Resistance to fracture, like resistance to flow, evidently is de- 
termined by a critical value of a shearing stress, which tends to de- 
crease with increase in the volume stress. Possibly resistance to frac- 
ture, like resistance to flow, is determined by a critical value of the 
octahedral shearing stress. 
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INVESTIGATION OF A TYPE OF FAILURE OF 18-8 
STABILIZED STAINLESS STEEL 


By WALTER KAHN, HARoLp OsTER AND RICHARD WACHTELL 


Abstract 


This paper deals with a type of high temperature 
failure found in 18-8 stabilized stainless steel, much of 
which has been used in modern aircraft exhaust systems. 
With perhaps greater emphasis than is generally found in 
the literature, a type of failure is traced which appears to 
be due to carburization of the stainless steel by exhaust 
gases under certain conditons. It has been shown that if 
more carbon is introduced than can be absorbed by the 
stabilizing element, actual carburization takes place, and 
deterioration of the stainless steel occurs as though no 
stabilizing element were present. It is hoped that this 
investigation will prove itself of value im casting some 
light in a region hitherto obscure. 


[TH the outbreak of World War II, the demand for and the 

production of heat and corrosion resistant steel parts in- 
creased abnormally. Naturally, corrosion-breakdown problems of 
this material have also multiplied. This paper presents, with greater 
emphasis than is found in the literature, a type of failure existing in 
stabilized 18-8 stainless steel. It is hoped that this investigation will 
be of interest, for the manner of failure discussed is not generally 
considered in high temperature applications of stabilized 18-8 stain- 
less steel. 

An effective solution to the problem of intergranular corrosion 
of 18-8 stainless steel, under conditions of high temperature service, 
was thought to have been found with the advent of the “stabilized” 
stainless steels. The addition of columbium or titanium to the usual 
18-8 analysis has indeed made a vast improvement, and has markedly 
extended the applications, as well as the service life, of these alloys. 

However, the increasingly rigorous service conditions - imposed 
by military necessity have led us to reopen the question of corrosion 


A paper presented before the Twenty-seventh Annual Convention of the 
Society held in Cleveland, February 4 to 8, 1946. Of the authors, Walter Kahn 
is director, Harold Oster is assistant director, and Richard Wachtell is metal- 
lurgist, Inspection Control Laboratory, Republic Aviation Corp., Farmingdale, 
Long Island, N. Y. Manuscript received June 30, 1945. 
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resistance of 18-8 stabilized stainless steel under certain conditions 
of high temperature operation. 

Although our study has been based upon information developed 
in aircraft manufacture, it is interesting to note, at this point, that 
a situation parallel to that of the aircraft industry has been en- 
countered by the petroleum industry in its use of 18-8 stainless steel 
still cracking tubes. Reference is made to an excellent paper by 
Messrs. Clark and Freeman. Some of their photomicrographs show 
a structure strikingly similar to that which we have observed and it 
is not impossible that, basically, failure in both cases has been of the 
same type. 

Recent introductions of increased horsepower, tighter cowling 
and, most important, turbo-supercharging of high performance air- 
craft engines have all produced gratifying results in aircraft per- 
formance, but they have cut the life expectancy of the exhaust sys- 
tems. 

The parts selected for study and presently discussed represent 
a typical segment of the complex exhaust collecting system of a mod- 
ern airplane. 

At one point on the primary manifold weld: assembly, which 
takes the gases directly from the engine, a heater muff was attached. 
This muff completely encircles the manifold. Air is led into the muff 
from an intake in the cowl, where it is heated. Temperatures under 
the muff were high due to restricted cooling and, in consequence, 
operating conditions at this point were rather more severe than the 
rest of the system. For investigational purposes, several standard 
assemblies were run in actual operation on aircraft. After the de- 
sired time had been logged, the units were returned to the laboratory 
for examination. Fig. 1 is a photograph at about « 1/15 showing 
an assembly which had been permitted to run to destruction and a 
sound assembly run for a shorter length of time. Failure was by 
blowout and cracking along an adjacent weld seam. This will be 
clearly seen in Fig. 2 which is a photomacrograph of the failure at 
< 1/3. The metal immediately surrounding the blowout was ex- 
tremely brittle and heavily scaled. 


PHYSICAL AND CHEMICAL TESTS 


Physical and chemical analysis of samples cut from the failed 





iC. L. Clark and J. W. Freeman, ““The Mechanism of Failure of 18 Cr-8 Ni Crack- 
ing Still Tubes,”” Transactions, American Society for Metals, Vol. 35, 1945, p. 298. 
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Fig. 1—Test Manifold “D’’, Which Was Run to Destruction and a Compari- 
son Assembly, Manifold C. 


manifold at a point outside the area of the heater muff show this 
material to meet, substantially, applicable specification requirements 
(AN-QQ-S-757, Type 321). For comparative purposes, identical 
physical and chemical tests were’ run on the other manifold of Fig. 1. 
The results of these tests are recorded in Table I. 

Metallographic examination of specimens cut from the vicinity 
of the weld failure and from the area of the blowout shown in Fig. 
2 appears to disclose severe precipitation in grain boundaries, with 
resulting embrittlement and loss of corrosion resistance of the part 
(see Figs. 3D, 4D, 5D). A specimen cut from the manifold at a 
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Fig. 2—Detailed View (X %) of Failure ‘in Test Assembly (Mani- 
fold D). 


point outside the muff, remote from the area of the blowout, showed 
little such precipitation (see Fig. 8D). 


COMPARATIVE METALLOGRAPHIC STUDY _ 


To trace the development of this deterioration, a series of marti- 
folds, mentioned previously, with varying lengths of testing times 
was secured. These manifolds are assigned letters in order of the 
length of time tested and listed in Table II, along with related photo- 
graphs. 
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Fig. 3—Photomicrographs of Specimens Cut from Similar Locations (Near the 
Point of Failure) in Each Test Menifold. Etched in FeCl. Four specimens, x 80. 
Specimen D run to destruction shows scaling. X 30. Note: All upper surfaces on 
above are inner manifold surfaces. Letters refer to the manifold letter from which the 
photomicrograph was made. (See Table IT.) 
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Table I 
Chemical Analysis and Physical Tests 





Physical a 


Manifold Chemical Analysis ———_——_—_———__,,_ Yield Point Ut. Str. 
Tested Cc Mn P S Cr Mo Ni Si Ti Psi. Psi. 
D (failed) 0.020 1.15 <0.040 0.009 17.9 0.83 98 0.17 0.39 56,700 72,200 
C 0.053 1.53 <0.040 0.007 18.4 0.14 10.5 0.26 0.39 61,900 81,000 
AN-QQ-S-757 Max. 0.2- Max. Max. Min. .... Wea. >? toe 7? Sues ax. 
Specification 0.10 2.5 0.040 0.040 17.0 .... 7.0 1.5 Oe codes 100,000 








It will be observed upon examination of the photomicrographs 
in Figs. 3 and 4 that increased testing time increases generally the de- 
gree of precipitation. However, this does not appear to be the sole 
factor. Manifold E, which was run at a longer time, does not show 





Table ll 
___ Comparative Metallographic Stud; Study — 
Manifold haieshe of Test Time (Hours) Remarks 
MES td ee hk due 6 ey cees bee Sn esatace a0 bt hho sde tone Figs. 3, 4 
Picisat etc oae hanes ba FOP whdahusesstcenees cebu Figs. 3, 4 
Soc dared ah kdinw e oob'ae bie: SOURS chen s +b cee hewes wed Figs. 1,3, 4, 5 
Se see. eer: SNe 5 cced dbs CAR EMAO ees Ne Figs. 1, 2, 3, 4, 5, 6, 7, 8,9 
vckee Cifaesideetencete DES dh k.« 6 +o 0060 bas eee Figs. 3, 4 





as severe a deterioration as manifold D, which ran to destruction 
(see Figs. 3D and 3E, near the blowout, and Figs. 4D and 4E, near 
the welds). This is probably due to variance in cooling under the 
muff, and engine performance during test. 


THEORY AND CONTROL OF INTERGRANULAR CORROSION 


In view of the type of failure observed, some attention was 
given to the nature of carbide precipitation, and the reason for inter- 
granular corrosion in austenitic steels of the 18-8 type. The theory 
generally advanced in explanation of the phenomenon is that of chro- 
mium depletion of grain surface layers. Chromium carbide is be- 
lieved to be precipitated along the grain boundaries and in the slip 
planes when these steels are heated to the “sensitization’”’ range (900 
to 1400 degrees Fahr.). The amount of chromium absorbed in this 
manner is believed to be quite high, possibly reaching Cr,C. The 
result of the loss of chromium from a grain periphery is to render 
this low chromium region susceptible to corrosion; and intergranular 
failure will then occur readily in service. 





*Elongation is slightly low. However, due to length of tests on parts, this is deemed qeeriery. 


% El. 
in 2” 
32.5* 
22.5* 
Min. 
40.0 
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Fig. 4—Photomicrographs of Specimens Cut Adjacent to the Weld Bead of the 
Sample Stacks. The large grain size generally found in this location makes the mate- 
rial more susceptible to attack, and even specimen A _ shows precipitation. Etched in 
as A ee oe oer 8x HB Note: All upper surfaces on above are 
inner manifold surfaces. Letters refer to the manifold letter from which the photo- 
micrograph was made. (See Table II.) 
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One of the present methods of overcoming this weakness of 
18-8 stainless steel is by the addition of chemical “stabilizers” to the 
alloy. These stabilizing elements, usually either columbium or titani- 
um, are more active carbide formers than chromium. Such additions 
will form carbides preferentially to the Cr,C mentioned above, and 
prevent depletion of the corrosion resistant chromium from the solid 
solution grains of the 18-8 matrix. Titanium is the stabilizer used 
in the exhaust manifolds under consideration (see Table 1). 


a 


se 


~~ “ 3 aS. 


toes Beet, 





Fig. 5D---Between Failed Weld Bead and Point of Blowout (See Fig. 2). 

Fig. 5C-—-Same Location as 5D. Specimens Etched in FeCl, 80. Note: All 
upper surfaces on above are inner manifold surfaces. Letters after figure number refer 
to the manifold letter from which the photomicrograph was made. 


Poss1BL—E CAUSES OF SERVICE FAILURE 


Chemical analysis of the manifold D indicates the presence of 
sufficient titanium to stabilize the steel adequately (see Table 1). 
Yet metallographic examination (see Figs. 3D, 4D, 5D, 6D) would 
seem to indicate the presence of extensive carbide precipitation in the 
grain boundaries at the area of failure of this manifold, and a similar 
condition, to a greater or lesser extent, in the other manifolds: ex- 
amined. In an effort to explain this anomalous situation, the possi- 
bility was considered that the part might be picking up additional 
carbon from the engine exhaust gas atmosphere at its high operative 
temperature. Absorption of carbon, it was reasoned, would quickly 
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Fig. 6S—-Stabilized 18-8 Stainless Steel Sheet, Pack Catburized in Laboratory. 
Fig. 6D—Specimen Cut from Manifold “‘D’’ (Run to Destruction) at Same Area as 
Specimen in Fig. 3D. Both specimens, x 590, light FeCl, etch and heat tinted. 
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consume the available titanium. Chromium carbides would then 
readily develop, just as though no stabilizing element were present. 

Working along these lines, an attempt was made to duplicate the 
condition observed in the failed manifold by pack carburizing a sam- 
ple of stabilized 18-8 stainless steel sheet. The result will be seen in 
Figs. 6D and 6S, which are photomicrographs at 590 of the failed 
manifold, and of the specimen pack carburized at 1800 degrees Fahr. 
(980 degrees Cent.) for 2 hours. Both specimens were lightly etched 
in FeCl, and heat tinted. 

The marked similarity in structure of the carburized sample 
and the test manifold led to further investigation. 

It was reasoned that if carbide precipitation had occurred in 
these specimens, then an embrittlement test should result in deteri- 
oration of the sample. This should occur despite the fact that anal- 
ysis showed these steels to be stabilized, i. e., to contain the specified 
amount of titanium, and without the usual prior sensitization treat- 
ment. 

One sample of the laboratory pack carburized sheet, and two 
specimens from the manifold D, one right at the point of failure, the 
other remote from the blowout and not under the muff, were selected. 
After 48 hours in the boiling CuSO,-H,SO, solution used in the 
standard Strauss test, all samples showed signs of embrittlement. 
The pack carburized specimen had lost its metallic “ring’’ as had the 
manifold specimen remote from the blowout. The specimen taken 
from the point of failure, however, was nearly completely corroded 
away. All specimens had coatings of copper from the solution de- 
posited on their surfaces. 

Fig. 7 shows photomicrographs at & 590 and at * 100 of micro- 
specimens made of these embrittled samples. Corrosive attack ap- 
pears to be a function of the degree of carburization. The com- 
pletely corroded specimen (Fig. 7Da) shows small islands of metal 
in an empty shell of deposited copper. This is the specimen cut from 
the area of failure, corresponding to Fig. 3D, and the manifold sam- 
ple Fig. 6D. 

The area of mild attack occurred at a point outside the muff. A 
photomicrograph at this location is shown in Fig. 7D. Attack is 
slight with respect to gage thickness (0.043 inch). The sample 
showed fair ductility even after the embrittlement test. 

The laboratory carburized sample showed serious surface at- 
tack. The heavily carburized surface has been completely corroded. 
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Fig. 7S—Laboratory Carburized Sample of 18-8. X 590, unetched. 

Fig. 7D—Area of Mild Attack in Manifold D. x 590, unetched. 

Fig. 7Da—Area of Severe Attack Near Point of Failure, Manifold “D’’. Except for 
a few small islands, all metal has been removed. Only a shell of deposited copper re- 
mains. X 100, unetched. Note: All samples are shown after exposure to the embrittle- 
ment test. 


This is indicated by the gap between the deposited copper (visible 
in the upper portion of Fig. 7S) and the first corroded grains. The 
balance of the sample shows severe intergranular attack to the depth 
of carburization. 


Attempts at chemical analysis of material from the failed area 
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ef the test stack do show some increase in carbon content over the 
results obtained in Table I. However, because of the extreme brit- 
tleness of the metal at that point, the resultant difficulty of removing 
scale, corrosion products, etc., without destroying the carburized 
layer, and due to the relatively small percentage of carbon involved, 
little reliance is placed on these results. 

Indications are strong, nevertheless, that a major cause of fail- 
ure in the test manifold was carburization, with resulting loss of 
scale and corrosion resistance. It is possible that X-ray diffraction 





Fig. 8D—-Specimen from Manifeld “D” (Run to Destruction) 
Cut Remote From the Blowout and Not Under Heater Muff. No 
samples showed significant precipitation in this area, and no photo- 
graphs were made of specimens A, B, C, E. X 80, etched in FeCls. 


technique or other methods would definitely identify as a carbide the 
precipitated structure involved. 

The marked structural difference between areas at high temper- 
ature under the muff (Fig. 5D), and areas outside it (Fig. 8D) and 
therefore better cooled, brings up the question of temperature, and 
other factors, upon the carburization of 18-8 stainless. We under- 
took a brief study to determine a general picture of this relation. 

A number of 1l-inch square samples were cut from a sheet of 
0.062-inch gage 18-8 stainless steel, type 321, to be used in carbt- 
rizing tests. A portion of the sheet was submitted for chemical analy- 
sis to establish positive identification and control of the material. 
Results of this analysis, recorded in Table III, show conformance to 
specification requirements. 
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Fig. 9D—Unattacked Corrosion Resistant Chromium Carbides (7?) 
Embedded in Scale. From same area as Fig. 3D. Xx 80, unetched. 

Fig. 9Da—Mechanical Nature of Attack. Deterioration Appears to 
Follow Chromium Depleted Grain Boundaries; Grain Separation and 
Breakdown Follows. From the same area as 5D. X 80, unetched. 


All samples were box carburized, since gas carburizing equip- 
ment was not available in the laboratory. 
taken into consideration in evaluation of 

The carburizing box used in these 
mately 3% by 3% by 3 inches. Two to four l-inch square samples 
were carburized simultaneously in each temperature range selected. 


This must, of course, be 
the data obtained. 
experiments was approxi- 
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Table Ill 
Per Cent of Elements Cc; Cr Ni Mn Ti 
eS oak a ue eee 0.030 17.7 10,2 1.27 0.42 
IE | Wad Cveewde 0.10 17.0 7.0 0.2-2.5 4xC 


AN-QQ-S-757 (Max.)  (Min.) (Min. ) (Min. ) 


0020 


OO/S 


Case Depth, Inches 
8 
S 


: 





Temperature, F 


Fig. 10—Carburizing Temperature Versus Case Depth 
for Stabilized 18-8 Stainless Steel. 


Tests were run from 1300 to 1800 degrees Fahr. (705 to 980 degrees 
Cent.) in increments of 100 degrees Fahr. Time at temperature 
was chosen as 3 hours. 30 minutes were allowed for the box 
and contents to come to heat, this figure having been checked by a 
test run with a thermocouple inserted into the carburizing box. All 
samples were copper plated on at least one side, and two of four 
specimens carburized at 1700 and 1800 degrees Fahr. (925 and 980 
degrees Cent.) were plated on both sides. This was done in an 
effort to check whether an impervious coating of some sort would 
prevent or deter carburization. 

After the required time at heat, the samples were permitted to 
box cool. They were then sectioned for metallographic examination. 
A special reagent permitted ready determination of case depth. The 
formula of this etch follows: 
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i ke kaa wake 0.7 ml 
ED ent ceactewosee 17.5 ml 
NEE. 5, on veces actsrese 65.0 ml 
CE os bh wescdeece cake 16.7 ml 
cS kidkcccbovccsée 0.8 gm 
Ne te ebie 6.7 gm 


This was the first reagent tried, and worked so well that no fur- 
ther reagents were investigated. Samples were etched after rinsing 
in cold water. 

Fig. 10 is a curve in which case depth is plotted against car- 
burizing temperature. 





Fig. 11—Laboratory Carburized Specimens, Carburized 3 Hours at 
1700 Degrees Fahr. Etched in cupric picral-nital reagent. x 60. Left sur- 
face was copper plated. 


All carburizing experiments were conducted at normal atmos- 
pheric pressure. It should be noted that substantial evidence has been 
offered to show that increased pressure of the carburizing gas will 
increase the rate of carburization. Dr. F. C. Langenberg? experi- 
mentally determined and plotted a pressure versus carburization 
curve for American ingot iron (nearly pure iron) using illuminating 
gas as the carburizing medium, and approximately 1670 degrees 
Fahr. (910 degrees Cent.) as the temperature, which illustrates this 
point. 


Fig. 11 is a photomicrograph at about 60 illustrating the effec- 


p. 313, Fig. 257. 
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tiveness of a properly applied copper plate in preventing carburiza- 
tion. It was found, however, that careful plating procedure was nec- 


essary. A porous copper plate offers no protection even at low tem- 
perature. 


It would appear that carbide precipitation occurring under these 
conditions can be prevented by a coating of some impervious heat 
resisting substance, properly applied. 

It is hoped that this investigation will prove itself of value in 
obtaining an ultimate solution to the problems here outlined. We 


feel that it may, at least, have cast some light in a region hitherto 
obscure. 


DISCUSSION 


F. H. Pennett:* I am a little bit afield in aircraft. However, I think 
there is something that could be interjected into this discussion that has not 
been brought out sufficiently, and that is the element time. I believe before the 
war, collector rings were made from 25-20 and Inconel. However, with the best 
material for a job, the time element must also be taken into consideration and 
if an aircraft engine is only going to operate 500 hours before overhaul, it 
seems that under this circumstance and an existing alloy shortage, 18-8 colum- 
bium was the best material for the job even if it would not stand 1200 hours. 

RicHarp WacuTet_: Mr. Pennell’s comments are certainly pertinent, and 
the element of time should naturally be taken into consideration in material 
engineering for these parts. Aircraft engines are overhauled at fairly frequent 
intervals—considerably shorter intervals, in fact, than the 500 hours Mr. Pen- 
nell allots. However, it is not customary to replace collector rings at each 
overhaul, or, indeed, at all, unless they appear to require replacement. These 
rings are not inexpensive. In military application this might not be important. 
In commercial application, we feel it would be. 

Frank A. Wetsu :* I would like to ask the authors if there is any. radical 
change in the grain structure between the structure of the inside of the vessel 
and the outside of the vessel. In other words, is there any excess of carburiza- 
tion on the inside as compared to the outside. 

RicHarp WACHTELL: Carburization proceeded from the inside surfaces of 
the manifold to the outside. In specimens which had been used for a longer time, 
the 1200-hour specimen and even the 780-hour specimen, the carburization was 
intergranular and through the entire wall. On specimens run for a shorter time 
the deterioration can be seen proceeding from the inside along the austenite 
grain boundary to the outside. When the carburization really becomes heavy 
as it did in the 1239-hour manifold, very massive carbides precipitate not’ only 
in the grain boundaries but along slip lines and twin planes. 

R. V. Hirxerr:” I think that the authors have brought up a pertinent point 


*Metallurgist, DeLaval Steam Turbine Co., Trenton, N. J. 
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5Research metallurgist, Solar Aircraft Co., San Diego, Cal. 








1946 DISCUSSION—ST AINLESS STEELS 583 


for engines operating under carburizing conditions. In all fairness to the use 
of stabilized material, I really should point out, as has already been stated, a 
great many stabilized steels have been used and have lasted very well for over 
3 years, to my knowledge, in rather continuous aircraft manifold service. How- 
ever, with respect to this carburizing problem, I would like to ask the authors 
whether the brittleness which they encountered was due to carbon pickup 
alone, and whether any evidence of oxidation was observed. 

RicHArRD WACHTELL: To answer the last question first, that was one of 
the things that troubled us a great deal, and I do not know that we have really 
pinned it down yet. We racked our brains trying to figure out how carbu- 
rization could be occurring inside one of these manifolds, and oxidation going 
on at the same time in the same place. It is a rather awkward theory to post- 
ulate, but could perhaps be possible. There might be conditions which are 
carburizing for an austenitic 18-8, but oxidizing for the alloy left after the 
chromium had precipitated out; or conditions in the manifold might alternate 
between carburizing and oxidizing. 

We do know that there was scale on the inside, and that embedded in the 
scale were small bits of corrosion resistant material, and they seemed to form 
a network delineating the austenite grains of the original material. 

G. Fircu Capy:* I would like to ask if the carburization is associated with 
the welds in some way. Is it near the welds particularly and if so, why? 

RicHARD WacHTELL: We can happily avoid answering the second part of 
Mr. Cady’s question by answering the first part in the negative, except for the 
effect of the larger grain size produced in the heat affected zone of the weld. 
This latter effect appears to be quantitative rather than qualitative, ie., a large 
grain size will allow complete grain boundary precipitation sooner than small 
grain size, all other things being equal. 

F. A. Prance:’ In certain high-temperature cracking operations of the 
petroleum industry, carburization of 25-20, 25-20 Cb, 18-8, and 18-8 Cb stain- 
less steels has long been recognized. No appreciable difference in carburiza- 
tion rates between cdolumbium-stabilized and unstabilized varieties has been 
noted. One analysis of the carburized layer in 18-8 showed 1.5 per cent carbon; 
the carbon content at the very inside of the tube must have been considerably 
higher. Fig. A shows severe carburization of unstabilized 18-8. Columbium- 
stabilized materials show a similar structure when carburized. 

References to carburization of austenitic steels are made in Babcock & 
Wilcox Tube Company Bulletin 6-D, “Properties of Carbon and Alloy Steel 
Tubing for High Temperature-High Pressure Service,” and in Timken Com- 
pany’s “Resume of High Temperature Investigations Conducted During 1943-44.” 
The latter collection of papers gives an interesting comparison of the carburiza- 
tion rates of various alloys. 

Ricwarp WacuTELL: We wish to thank Mr. Prange for the information 
he contributes in regard to the experience of the petroleum industry in this 
connection. It is pleasing to us to find that this industry has come to some. of 
the same conclusions we have, and that our presumption of a similarity of 
conditions has been a correct one. As Mr. Oster points out elsewhere in his 
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reply, the mechanism of carburization failure in aircraft exhaust or super- 
charger parts has not generally been as considered or provided against in air- 
craft manufacture. 

C. A. Lrepuoim :* I would like to ask the authors if, in their investigation, 
they considered the possibility that titanium might have been lost in the weld 





Fig. A—Severely Carburized 18-8 Taken from 
Near the Inner Wall of the Tube. CrO,-FeCl,-HCl 
etch. x 200. 


metal. I do not know from personal experience, whether that is possible or not, 
but I heard a German metallurgist, who stated that the Germans do not like 
the titanium-stabilized steel because much of the titanium is lost during fusion. 
Also I would like to ask the authors if they analyzed the gases in contact with 
the carburized steel. 

RicHAarpD WACHTELL: With respect to losses of titanium in welding: Ti- 
tanium is acknowledged to be lost in most fusion welding of stainless steels 
stabilized with this element. However, in such welding of the subject mani- 
folds, or for that matter of other parts made of the same material, the welding 
rod is columbium-stabilized. It is generally agreed that resulting columbium 
additions to the weld metal effectively replace the “burned out” titanium. Since, 
in addition, our chief failure was by blowout in an area not adjacent to a weld, 
we did not feel we were too concerned with loss of titanium, and no effort was 
made to ascertain such losses. 

V. N. Krivonox:® The value of the paper by Messrs. Kahn, Oster and 
Wachtell is considerable; it shows through a study of a piece of equipment in 
actual service and also through laboratory studies that the stainless steel of the 
18-8 type, whether stabilized or not with such carbide-forming elements as 
titanium and columbium, is subject to rather rigorous carburization under cer- 
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tain conditions of service and temperature. It further shows that the effect of 
temperature on carburizing tendencies of this steel is quite pronounced. From 
Fig. 10 in the paper we learn that the rate of carburization is rapidly increased 
as the temperature is raised from 1400 to 1500 degrees Fahr., (760 to 815 de- 
grees Cent.) and, further, at the temperature of 1800 degrees Fahr. (980 de- 
grees Cent.), the ,relatively short time of carburization, i.e., 3 hours, pro- 
duces a case depth of considerable magnitude. 

The useful information obtained through laboratory studies had its begin- 
ning through a failure observed on a manifold that had been in actual operation. 
The paper is most careful and fair in pointing out that the service performance 
of the exhaust system has been very gratifying despite the increased horse- 
power and, as the authors say, most important turbo-supercharging of high 
performance aircraft engines. Thus, obviously, we are faced with the conclu- 
sion that when the material which performed so satisfactorily in the past, and 
it will be agreed that the records prove that point, is subjected to a changed 
condition of actual operations, it may not be expected to render similar service. 
This study, therefore, serves as a rightful warning that even the outstanding 
metal cannot be expected to withstand rigorous and new conditions of service. 
In other words, it must not be concluded that because of the failure through 
the rather well known process of carburization of this particular manifold under 
these particular conditions of service, other manifolds made of the same mate- 
rial had not or would not render perfectly satisfactory service under less vigor- 
ous conditions. 

Needless to say, the authors of the paper have rendered a distinct service 
to all of those who are interested in this subject by carefully studying the case 
of failure, supplementing it with the tests which clearly show the reason for 
the observed failure and, thus, providing us with the warning for the future. 

RicHARD WACHTELL: We wish also to thank Dr. Krivobok for his kind 
words. to our work. Our belief is that what value this paper may have is 
chiefly embodied in Dr. Krivobok’s own last statement regarding the future. 
It may well be that the advent of the jet engine will find a heretofore useful 
material no longer satisfactory, and in any event, we regard it as likely that 
disappointing results will follow the application of conventional design and 
material criteria to high efficiency engine installations involving turbo-super- 
charging such as have been herein discussed. 

Harotp Oster: A short time ago I had an interesting discussion with 
several metallurgists concerning the proper proportions of titanium and colum- 
bium with respect to carbon in the stabilized 18-8 stainless steels. In view of our 
problem, I asked them what they would do if they had carbon pickup. These 
metallurgists admitted that this phase of the problem had not been taken care 
of. If the present titanium or columbium additions are increased, this material 
might be more difficult to work and result in a price rise. Now. what are we 


supposed to do with the exhaust gases from the engine? We build a fine ex- 
haust system and everyone admits that we have gases of a carburizing nature 
passing through it. I believe the steel manufacturers have made a mistake in 
recommending stabilized 18-8 for these exhaust systems without making some 
provisions for, or without at least notifying the engineers about, the possibility 
of such a earbon pickup. 
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